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ABSTRACT 
 

 
 
Materials consisting of grains or crystallites with sizes below a hundred nanometers have 

exhibited unprecedented physical and mechanical properties in comparison to their 

coarse-grained counterparts.  As a result, nanocrystalline materials have garnered 

considerable interest and a quest to uncover the new deformation mechanisms that give 

rise to this superior response has revealed that nanoscale behavior is quite different from 

that described by continuum plasticity.  While the production of nanocrystalline materials 

with reasonable sizes for structural applications remains a challenge, thin metallic films 

used in next-generation MEMS and NEMS devices can be nanostructured by virtue of 

their limited dimensions.  Ultimately, the reliability and lifetime prediction of these 

devices will hinge on the accurate modeling of their mechanical response. 

 

This dissertation describes efforts to elucidate the deformation mechanisms operating in 

nanocrystalline aluminum freestanding submicron thin films.  Results obtained from 

these films demonstrate unique mechanical behavior, where discontinuous grain growth 

results in a fundamental change in the way in which the material deforms. In contrast to 

the low tensile ductility generally associated with nanocrystalline metals, these 

nanocrystalline films demonstrate extended tensile ductility. In situ X-ray diffraction and 

post-mortem transmission electron microscopy point to the importance of stress-assisted 

room temperature grain growth in transforming the underlying processes that govern the 

 ii



mechanical response of the films; nanoscale deformation mechanisms give way to 

microscale plasticity.  The findings highlighted in this work emphasize that the 

microstructure and the attendant properties are dynamic; they evolve as the 

nanocrystalline material is being deformed. 

 

Experiments designed to address the role of impurities in stabilizing the microstructure 

against an applied stress are used to demonstrate that a critical concentration of impurities 

can effectively pin the grain boundaries from any motion.  A detailed comparison of the 

characteristics of grain growth with traditional driving forces for grain boundary 

migration reveals the need for an alternative description.  Measurements of surface 

topography evolution indicate that shear stresses directly couple to grain boundaries, 

induce motion, and result in grain growth that dramatically changes the mechanical 

behavior of these films.  Finally, comparison with recently published theoretical 

formulations and molecular dynamics simulations is shown.   
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CHAPTER 1: 

INTRODUCTION AND BACKGROUND 
 
 
 
 

1.1. Motivation and Technological Driving Force 
 
 
In 1959, Nobel laureate, world-renowned physicist, and self-proclaimed entertainer 

Richard Feynman delivered a seminal lecture at Caltech entitled, “There’s Plenty of 

Room at the Bottom.”  This pioneering speech detailed many possible advancements and 

opportunities that are available at diminished length scales, and clearly foreshadowed the 

field of nanotechnology.  According to Feynman, the manipulation of material at the 

atomic scale, smaller than one billionth of a meter, was feasible and could provide the 

basis for many technological breakthroughs.  Among other things, this prophetic lecture 

predicted that the rate at which the field of nanotechnology would progress would 

strongly hinge on the advancements of microscopes using light outside of the visible 

range.  Indeed, Feynman’s speech followed the invention of the electron microscope in 

1938 by Ernst Ruska, and it can be argued that the strongest upturn in the field of 

nanotechnology paralleled the development of the scanning tunneling microscope (STM) 

by Gerd Binnig and Heinrich Rohrer in 1981.  According to the Oxford English 

Dictionary, one of the first recorded uses of the prefix “nano” was in the following  
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Figure 1.1: United States federal government funding for nanotechnology research.  
Data is from the National Nanotechnology Initiative. 
 

excerpt: “usually points closer than one nanometer (10-9 m) can be separated with the 

electron microscope.” 

 

The US government has decided that the field of nanotechnology shows enough promise 

to justify a sustained investment as shown in Figure 1.1, and the Clinton administration 

consolidated research efforts as the embryo for the National Nanotechnology Initiative1 

in 2001.  The interest in nanotechnology spreads beyond the borders of the U.S. For 

example, the Japanese government funded $1.3 billion in nanotechnology research in 

2005, according to the Council for Science and Technology Policy in Japan. According to 

the National Science Foundation, by 2015 the annual global market for goods and 

services that are related to nanotechnology will exceed $1 trillion, making it one of the 

fastest growing industries in history. If these figures prove to be accurate, 

                                                 
1 The NNI (www.nano.gov) began the Nanoscale Science, Engineering and Technology (NSET) as a 
component of the National Science and Technology Council’s (NSTC) Committee on Technology (CT). 
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nanotechnology will develop into a larger economic power than the combined 

telecommunications and information technology industries at the beginning of the 

technology boom of the 1990s [1]. 

 

While nanotechnology sometimes involves making tiny devices by manipulating matter 

at the atomic scale, termed “bottom-up” fabrication, a technological precursor is the more 

mature field of microelectromechanical systems (MEMS).  Simply put, MEMS are 

machines and devices that consist of individual features that are built on the micrometer 

scale (10-6 m).  These systems lend their advancement to the integrated circuit industry, 

which developed “top-down” fabrication techniques that employ additive and subtractive 

processes predominately on single-crystalline Si wafers.  By combining these techniques, 

coupled electrical and mechanical systems can and have been designed and fabricated, 

examples of MEMS devices range from miniature accelerometers to pressure sensors.  In 

fact, one of the enabling technologies for the field of nanotechnology is MEMS, given 

that the scanning tunneling microscopes are essentially MEMS sensors.  The viability of 

widespread commercial success is demonstrated by a search using the terms 

“nanotechnology OR MEMS” at the U.S. Patent and Trademark Office, which revealed 

over 10,000 issued patents using this terminology.  

 

Nanotechnology is inherently a very broad subject range that deals with chemical and 

physical phenomena at the nanometer scale, and can be subdivided into several areas.  

The U.S. federal government has deemed the area of nanomaterials to be a priority as 
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Figure 1.2: U.S. federal budget for R&D related nanotechnology divided amongst 
seven key priority areas.  Data is from the National Nanotechnology Initiative.  
 

seen by its large investment in this area (Figure 1.2).  Applications ranging from 

advanced computers and communication to healthcare have been envisioned to be well-

suited for nanomaterials.  In some areas, materials that are simply nanostructured will 

suffice, while others demand complex hierarchically structured nanocomposites.  This 

dissertation deals with the study of the former type of nanomaterials, where the individual 

components or constituents of a material are reduced to the nanoscale.  

 

Nanocrystalline (nc) materials, or those comprised of individual grains or crystallites with 

sizes less than 100 nm, are a relatively new class of materials that exhibit a wide range of 

optical, magnetic, thermal, and mechanical properties that in general are superior to their 

coarse-grained counterparts [2-6].  The interest in these materials for structural 

applications stems from extrapolations of the grain size dependence of the yield strength 

of microcrystalline materials, as first introduced by Hall [7] and Petch [8].  Despite these 

predictions of unprecedented strength above and beyond the known processing and   
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Figure 1.3: Scopus search on term “nanocrystalline” returning number of papers 
published over the last two decades.  The star indicates the year of publication of 
Gleiter’s seminal paper on nc-materials [2]. 
 

synthesis techniques for strengthening materials, the true interest was catalyzed when 

Gleiter first successfully synthesized nc-materials in 1981 [9] using multiple-step 

processing techniques.  Upon Gleiter’s seminal paper on this subject in 1989 [2], the 

activity in the field of nc-materials began to rise dramatically as illustrated in Figure 1.3.  

The enthusiasm for these materials is attributed to the envisioned applications, although 

scientific curiosity driven by novel physical properties at the nanoscale has generated a 

large driving force for research. 

 

The vision of implementing nc-materials for large structural applications has spawned a 

large research effort in developing synthesis routes that generate large amounts of bulk 

material.  Despite the extensive efforts to scale-up the fabrication of nc-materials, 

experimental difficulties associated with obtaining bulk materials that are fully-dense and 
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free of contamination have not been overcome [10].  In parallel, the next generation of 

MEMS, NEMS, and micro- and nanoscale devices are emerging at dizzying rates and 

their vapor-deposited constituent materials are nanostructured by virtue of the fact that 

these materials are often deposited far from equilibrium.  Guaranteeing the reliability of 

these devices that are being used commercially or are in development will require 

fundamental descriptions of their mechanical behavior.  To be truly predictive, these 

descriptions must be based on a detailed understanding of the deformation mechanisms 

that operate at reduced length scales and when a significant volume fraction of material 

resides at grain boundaries.  The fact that these mechanisms have not been clearly 

identified for metallic materials with grain sizes of less than 100 nm is currently 

exacerbated by the realization that many of the plasticity models developed to describe 

microcrystalline metals and alloys are known to break down at these grain sizes [11-13].  

The following section will review the current understanding of the mechanical behavior 

of nc-metals. 

 

1.2. Background 
 

1.2.1. Grain Size Strengthening 

 
The origins of grain-size strengthening can be traced back to the empirical relation that 

was observed for microcrystalline materials independently by Hall and Petch, and since 

has been named the Hall-Petch relationship: 

2/1−+= kdoY σσ ,                    (1.1) 
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where Yσ is the yield strength, oσ  is the friction or internal stress opposing dislocation 

motion, k is the so-called “locking-parameter”, and d is the mean grain size.  From an 

empirical perspective, oσ  and k are material-dependent constants that can be determined 

experimentally, and coarse-grained materials follow this scaling almost perfectly.  

Cottrell made the first attempt at a physical basis for the grain-size strengthening [14], 

which involves the piling up of dislocations at grain boundaries.  The model proposed 

that dislocations are generated from a source in the interior of a grain and then glide 

along a slip plane until they are blocked by the boundary.  Subsequent dislocations 

propagate until they are repelled by others already near the boundary, inhibiting further 

slip until the resulting stress causes either the leading dislocation of the array to transmit 

through the grain boundary or another source is activated in an adjacent grain.  The 

culmination of these events results in macroscopic yielding of the material. 

 

The lack of experimental evidence for the dislocation pile-up mechanism at the nanoscale 

and in high stacking fault energy materials combined with the fact that the equilibrium 

spacing for dislocations in this array approaches the grain size in nc-materials [15] 

suggest that other strengthening mechanisms may be active.  Li proposed a model [16] 

that assumes that dislocations are generated and emitted from ledges at the grain 

boundary and the density of dislocations is a function of the grain size.  He then assumes 

that the yield strength is given by the well-known Taylor hardening relation, which 

results in the Hall-Petch inverse square root dependence of the grain size.  Yet another 

model put forth by Meyers and Ashworth [17] also assumes that dislocations are 

generated at grain boundaries, although these authors assume that the microstructure is   
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Figure 1.4: Schematic Hall-Petch plot showing the dependence of yield strength on 
the grain size.  Inverse square-root scaling of the grain size has been shown to break 
down for very fine grains.  Figure adapted from [18]. 
 

comprised of a composite with a soft grain interior (“core”) and a work-hardened grain 

boundary shell (“mantle”).  The difference in properties between the two domains is 

associated with the stress incompatibility that arises from elastic anisotropy between 

neighboring grains.  Assuming that the grain is a sphere and the mantle region has a finite 

thickness, a simple rule-of-mixtures arrives at a similar dependence on the grain size for 

microcrystalline grains, although the strength only scales with d-1 for smaller grains. 

 

The change in grain size scaling of the Meyers-Ashworth model addresses a compilation 

of experimental data that indicates that the Hall-Petch slope is depressed and even 

negative (see for example [19]) in the nc-domain, as illustrated in Figure 1.4.  However, 

the lack of experimental evidence of dislocation tangling mechanisms that would lead to 
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localized hardening either in the grain interior or at the boundary, both of which are 

necessary requirements of the models of Li and Meyers and Ashworth, suggest that 

plastic deformation is fundamentally different in nc-materials.  Nonetheless, the common 

denominator is that the grain boundaries play a crucial role in governing deformation. 

1.2.2. Deformation Mechanisms 

 
The breakdown of the models previously described has led to the intense quest to uncover 

the novel deformation mechanisms that are active in nc-materials when conventional 

dislocation mechanisms are abated.  Numerous experimental investigations coupled with 

molecular dynamics and advanced continuum simulations have led to critical findings 

that have helped unveil the picture of deformation in nc-materials. 

• Measurements on bulk nc-metals and metallic thin films reveal remarkably 

different properties when compared with their coarse-grain counterparts [11-13]. 

Nc-Cu exhibits high yield strengths, near perfect elastoplasticity without work 

hardening or necking [20], and room-temperature superplasticity [21]. 

Investigations of metallic thin films on substrates show that their strength exceeds 

the value of their bulk counterparts by an order of magnitude, and follows a 

"smaller is stronger" trend [22-24]. Unfortunately, these materials typically suffer 

from limited ductility except in special cases where high strength and ductility can 

coexist [25,26].  The general lack of ductility of fully-dense nc-metals is 

understood to be related to the increased difficulty associated with operating 

dislocation sources within extremely small grains. 

 9



• Molecular dynamics (MD) simulations suggest that nanocrystalline metals 

accommodate external loads by means of grain boundary sliding and the emission 

of dislocations that traverse the grain and are absorbed into the opposite grain 

boundary without multiplying or interacting with other dislocations [27-31]. This 

view is consistent with post-mortem transmission electron microscopy (TEM) 

observations [32] and in situ X-ray diffraction experiments [33], which indicate 

that permanent dislocation networks are not built up during plastic deformation.  

Nonetheless, dislocation motion is thought to still be present in small grains 

during plastic deformation [34].  The emerging picture is that the ductility of 

nanocrystalline metals is limited by the lack of dislocation multiplication 

mechanisms and the required operation of less efficient deformation processes, 

such as grain boundary sliding and dislocation emission from grain boundaries. 

• The predictions of enhanced grain boundary diffusivity in nc-materials, given 

Coble’s description of the plastic strain rate to scale with d-3 [35], have not been 

verified experimentally at low temperatures.  For example, Cu with 10 nm grains 

tested at room temperature at a stress of 200 MPa would give a strain rate of 10-6 

s-1 according to Coble’s model, which, although approaches quasi-static extension 

rates, has not been experimentally measured.  Sanders et al. found that the strain 

rates at low and moderate homologous temperatures (~0.2 – 0.5 Tm) instead 

follow the equation for logarithmic creep [36].  Thus, it seems implausible that 

grain boundary diffusion can accommodate large plastic strains at room 

temperature. 
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• In certain cases, the nucleation and propagation of unit dislocations in fcc 

nanocrystals have been found to succumb to the competitive energetics of partial 

dislocation motion.  Evidence of this is shown in post-mortem TEM of plastically 

deformed Cu and Al, where deformation twins were found when the grain size 

was below some threshold value [37-39], even in materials with high stacking 

fault energies [32].  Although models [32] and simulations [40] have been put 

forth to explain this phenomenon, it is yet to be demonstrated that this mechanism 

on its own accounts for any significant amount of macroscopic plastic strain.  

Nevertheless, this mechanism coupled with GB relaxation processes (e.g. GB 

sliding) could be important in nc-materials.  

 

1.2.3. Fatigue and Fracture Behavior 

 
The ultimate use of nc-materials in structural applications will depend on the material’s 

damage tolerance.  The reliability of any next-generation device will require 

comprehensive information regarding the material’s intrinsic resistance to crack 

initiation, growth, and propagation and the ability to predict device lifetime.  The 

quantification of fatigue and fracture properties of nc-materials represents an important 

aspect of mechanical behavior characterization, although it is fraught with the most 

difficulty.  In particular, the limited thicknesses that can be obtained from the fabrication 

routes to make nc-materials preclude the use of well-developed fracture toughness 

methods that explicitly assume a plane stress loading state.  Only a handful of 

experiments have been reported [11,41,42], although these results on electrodeposited nc-
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Ni (d = 20 – 50 nm) give values of quasi-static plane stress fracture toughness values in 

the range of 20 – 120 MPa m-1/2.  This is an encouraging result given the high strength yet 

limited ductility that nc-materials typically exhibit, although further investigation is 

necessary to complement this work.   

 

Much of the knowledge-base on the fatigue behavior of nc-materials can be attributed to 

the work of Hanlon and colleagues.  Results on nc- and ultrafine-grained Ni [43,44] 

indicate that grain refinement leads to increased resistance to failure under stress-

controlled fatigue, although the resistance to fatigue crack growth was generally poor.  

Further experiments on pure Ti synthesized by equal channel angular pressing [45] 

confirmed the trends measured in Ni.  Hanlon et al. also presented sliding contact 

experiments that were able to decouple the effect of grain size and increased strength 

associated with the deformation of nc-materials [46].  These tests demonstrated increased 

resistance to damage accumulation and decreased coefficients of friction, although these 

properties were attributed to the increased strength, not the grain sizes.   

 

1.2.4. Experimental Methods for Mechanical Property Measurement 

 
The difficulty associated with synthesizing large amounts of nc-material has limited the 

possibilities for mechanical characterization approaches.  Regardless of the fabrication 

route (e.g. electrodeposition, vapor deposition, severe plastic deformation), the material 

size is usually limited in at least one dimension.  As a result, the seasoned mechanical 

testing standards (e.g. ASTM) cannot be employed in most situations, and new   
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Figure 1.5: Schematics of various testing techniques that have been used for nc-
materials. 
 

approaches have to be utilized or developed.  Small-scale mechanical testing has been the 

subject of a recent review article [47].  Some of the more popular small-scale techniques 
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are summarized in Figure 1.5, along with the scaling of the mechanical properties (e.g. 

strength, elastic modulus) on the sample dimensions. 

 

The predominant tool of choice to characterize the strength of nc-materials has been 

microindentation, primarily due to its ease of use.  Despite the complicated stress state 

that arises beneath the indenter, researchers have been quick to invoke a simple 

relationship to estimate yield strength from hardness data. The Tabor relationship 

assumes a relationship of 3Hy =σ  for a material with minimal strain hardening, and 

hardness data for nc-materials has been shown to agree fairly well with tensile data (see, 

for example [48]). 

 

Nanoindentation employs the same principles as microindentation, although specialized 

equipment is used to instrument the setup for depth-sensing.  This allows for the user to 

record the load and the displacement of the tip during deformation.  Hardness is obtained 

from the maximum load divided by the contact area, and the elastic modulus of the 

material/tip assembly can be determined from the initial portion of the unloading curve.  

Like microhardness measurements, the tip induces highly localized deformation and 

strong stress gradients.  Nonetheless, nanoindentation has experienced widespread use to 

study a variety of materials systems.  Recent advancements of this tool, including 

concurrent contact area measurements, continuous measurements of the system stiffness, 

and corrections for the effective tip shape, have addressed some of the difficulties in 

interpreting nanoindentation data and make it a very powerful tool [49,50].    
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Several alternative techniques have been developed in the MEMS and thin film arena to 

characterize mechanical properties.  One technique exploits the mismatch in the thermal 

coefficient of expansion between a thin film and a ceramic substrate to induce curvature 

in the system.  The use of laser optics and a position-sensitive detector allows for the 

measurement of curvature during thermal cycling experiments, which can be related to 

the stress in the film [51].  It should be noted that thermally-induced deformation gives a 

biaxial state of stress in a film on a substrate, and as a result calculation of the elastic 

modulus of the film requires a priori knowledge of the Poisson’s ratio.  In addition, the 

thermal cycling may induce microstructural evolution and deformation regime changes 

that must be accounted for. 

 

Another approach that is adopted from MEMS processing is the bending of 

microcantilever beams, as introduced by Weihs et al. [52].  Anisotropic bulk etching of 

Si is commonly used to reveal well-defined cantilever beams, which can be pushed using 

a custom-built apparatus or a nanoindenter to measure the load and displacement of the 

beam at different positions.  This technique is viable for thicker materials, but suffers in 

accuracy at smaller scales due to strong dependence of the cross-sectional dimensions 

and the uncertainty associated with measuring these precisely.  Accurate placement of the 

loading tip of finite size and sliding along the beam during loading are also experimental 

difficulties that have to be overcome or addressed. 

 

A uniaxial modality is the preferred method for the full characterization of mechanical 

behavior of materials.  Uniaxial tension and compression experiments make for readily-
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interpretable tests for a variety of reasons: (1) a uniform global state of stress and strain is 

generated in a large portion of the specimen, (2) load and displacement can be measured 

independently, and (3) the full stress-strain behavior can be obtained.  For these reasons, 

combined with the ability of MEMS-inspired processes to circumvent the difficulties 

associated with direct handling, gripping and testing of freestanding films, uniaxial 

tensile testing was employed for this thesis work.  Vapor-depositing films thick enough 

for compression was not economically viable, and most importantly would not result in 

nanocrystalline structures and precluded its use, even the use of micro-compression [53].         

 

1.3. Thesis Overview 
 
 
The foundation of this thesis work was crafted under the auspices of a National Science 

Foundation Nanoscale Interdisciplinary Research Team (NIRT) program.  The unique 

environment that such a collaborative research team provided fostered and cultivated the 

multi-pronged approach of this work.  The primary objective of this project was to 

uncover and characterize deformation mechanisms that accommodate plastic deformation 

in nanocrystalline materials (with individual grains or crystallites that are less than 100 

nm in size).  The ultimate goal is to develop constitutive models with predictive 

capability for these materials that deform in fundamentally different ways than their 

coarse-grained counterparts.  The three-faceted approach to accomplish these set goals 

utilized the synergistic expertise of the three principal investigators, namely: (1) synthesis 

and fabrication of nanostructured materials by Professor En Ma, (2) mechanical property 

and microstructure characterization at reduced length scales by Professor Kevin Hemker, 

and (3) atomistic-based continuum modeling of nanostructures by Professor Jean-
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Francois Molinari.  This atmosphere set the stage for collaborative efforts that sculpted 

this thesis work and will be highlighted in this dissertation, from the synthesizing of 

vapor-deposited films to the use of atomistic simulations for the interpretation of the 

results from transient experimental testing. 

 

Some of the first experiments conducted on the NIRT on Al thin films by Dr. Mingwei 

Chen revealed unique deformation mechanisms, namely the presence of deformation 

twinning [32], which led to an interest in studying materials with high stacking fault 

energies.  These results, combined with the ease of synthesizing high-purity Al thin films, 

were the primary driving forces for beginning a systematic study of the mechanical 

behavior of nc-Al.  The test techniques developed in this study have been employed to 

characterize other thin film materials (e.g. Au, Cu, Al/Nb multilayers, SiN, Al-Mo) but 

this thesis presents work exclusively performed on high-purity Al. 

 

The outline and structure of this dissertation was derived from several iterations of 

presenting this material at conferences and seminars, after which useful insight and 

feedback was obtained on the best way to tell this “story.”  The result is intended to be a 

fluid work that answers the readers’ questions just at the time they are ready to ask them.   

As a consequence, the typical methods/results/discussion format will not be strictly 

followed, and the results will be discussed simultaneously.  A unifying theme of 

developing experimental methods for testing and characterizing materials at the micro- 

and nanoscale is present throughout.  
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The inquiry on the deformation mechanisms of nc-Al thin films will proceed as follows.  

The experimental methods are presented in Chapter 2.  Techniques for synthesizing 

single-phase thin film material using physical vapor deposition are described and 

followed by a discussion of the MEMS-inspired microfabricated platform for the 

mechanical testing of freestanding submicron films.  Tools for microstructural 

characterization will then be highlighted, including the quantification of grain size 

distributions.  Since the core of this research involved small-scale mechanical testing, a 

detailed discourse of the tensile testing apparatus ensues along with an introduction of the 

newly-developed image-based strain measurement technique.  Details for the in situ 

synchrotron diffraction peak profile analysis will then be presented. 

 

The core of the results including the introduction of the phenomenon of stress-driven 

grain growth will be given in Chapter 3.  The macroscopic tensile response of 

freestanding Al thin films along with microstructural observations that chronicle the grain 

growth are shown.  Results of both in situ X-ray diffraction measurements and in situ 

TEM observations give a sense of the “real-time” changes that are occurring during 

tensile testing. 

 

The observation that nominally identical specimens exhibit distinctly different tensile 

behavior, as outlined in Chapter 3, motivated an inquiry on the effect of impurities on 

stabilizing the microstructure against grain growth.  Chapter 4 begins by showing 

experiments that demonstrate the thermal stability of the Al microstructures, and 

describes attempts to characterize segregation of impurities at grain boundaries. 
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Experiments are then outlined that systematically vary the vacuum base pressure during 

deposition to achieve different concentrations of impurities in the films.  The effect of 

base pressure on the mechanical response and microstructural evolution is used to 

provide indirect evidence of impurity pinning. 

 

Examination of the rate-limiting mechanisms governing the mechanical response of the 

Al thin films is the focus of Chapter 5.   Transient mechanical experiments conducted to 

probe the strain-rate sensitivity of the flow stress are explained and used to obtain a 

signature of the underlying deformation mechanisms.  Put in the context of likely 

scenarios for deformation in nanocrystalline metals, experiments coupled with molecular 

dynamics simulations of Al bicrystals indicate that stress-activated grain boundary 

migration is highly rate-sensitive. 

 

Chapter 6 discusses the possible driving forces for grain boundary migration in metals 

and compares these to the characteristics of the growth reported in this thesis.  Traditional 

thermodynamic driving forces for grain growth are investigated and are shown not to 

describe the evolution in microstructure reported here. Alternative driving forces are 

explored, and the coupling of shear stresses to both low- and high-angle grain boundaries 

to cause normal motion of the boundary is presented as a viable mechanism for stress-

activated grain growth. 

 

Chapter 7 documents unique surface topography in Al thin films undergoing stress-driven 

grain growth during tensile testing.  Direct observations, combined with atomic force 
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microscopy measurements of surface relief, demonstrate a mechanism that agrees with 

the unified theory of stress-coupled GB migration in thin films.  The effect of the strain 

induced in the specimen is compared to the surface relief. 

 

Finally, the key findings of this dissertation are summarized in Chapter 8. Potential 

directions for future work along with an outlook for the nascent field of stress-activated 

grain growth are given.  An outlook for the possibilities for advancements on nc-

materials from the author’s perspective will also be given. 
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CHAPTER 2: 

EXPERIMENTAL TECHNIQUES AND PROCEDURES 
 
 
 
 
A large portion of this thesis work was spent on developing techniques and methods to 

accomplish the set scientific goals.  The problem-solving, engineering, and development 

of the toolbox necessary to study the response of nanocrystalline Al will be described in 

this chapter.  The steps necessary to concurrently synthesize high-purity material and 

develop a platform for performing mechanical testing of fragile freestanding films will be 

presented.  The custom-built microtensile specimen apparatus and the tools developed for 

local strain measurements of the specimen will be introduced, followed by a description 

of the in situ synchrotron powder diffraction station at the Swiss Light Source. 

  

2.1. Thin Film Synthesis 

 
Physical vapor deposition (PVD) methods are viable means of synthesizing high quality 

nanocrystalline films using one-step processing.  PVD processes are defined as a method 

for transferring matter from a source material to a substrate by means of completely 

physical processes, where no chemical reactions are required.  The two most common 

PVD techniques are evaporation and sputtering, the former being subdivided into various 

approaches for evaporating a source material with thermal energy for deposition (e.g. 
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resistive, electron beam-induced, and high frequency induction heating), while the latter 

is distinguished by the manner in which the energy and flux of the incident charged 

species are created (e.g. cathodic, DC-magnetron, radio frequency, and bias sputtering).  

Both evaporative and sputtering processes are capable of producing high-quality nc-

films, although there are many distinctions between the two methods that can affect the 

resultant film and its attendant properties.  These nuances are discussed in detail in [1], 

but generally are demarcated in the context of the energetics of the deposition process, 

namely the kinetic energy of the arriving atoms on the desired substrate.  In this thesis 

work, both PVD processes were employed to synthesize nc-Al thin films, although 

sputtering was employed for the entirety of the results reported herein. A brief overview 

of the film growth processes that govern film deposition during sputtering including 

growth stress, film purity (this topic will be discussed in Chapter 5), and preferred 

orientation follows.  The implications of sputtering nc-films in the context of the resulting 

film microstructure will also be addressed. 

 

An image of the sputtering chamber used for the majority of film synthesis in this work 

and a schematic of the processes occurring during film deposition are shown in Figure 

2.1.  The DC-magnetron sputtering system employs strong electric and magnetic fields to 

accelerate Ar ions (the sputtering gas) toward a target at high velocities, and subsequent 

collisions between the ions and the target, as well as with the neutral gas atoms, eject 

secondary electrons that ultimately create a glow discharge and finally a self-sustaining 

plasma [2].  The resulting momentum transfer between the accelerated ions and the target  
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(b) (a) 

Figure 2.1: DC magnetron sputtering system used for thin film deposition:  (a) an 
image of the chamber and (b) a schematic of the DC magnetron sputtering process 
including atomistic events. 
 

dislodge atoms to create the vapor in the chamber that is finally deposited on the 

substrate (Si in this case).  Two very important parameters that can influence the resulting 

film microstructure are the growth flux and the substrate temperature, and in general it is 

understood that increasing the rate of deposition promotes a finer microstructure, while 

increasing the substrate temperature tends to result in coarser microstructures that 

approach single crystal growth [3]. 

 

The goal of this study was to investigate the deformation mechanisms of polycrystalline 

metals as the grain size was decreased to the nanometer length scale, thus the approach of 

using high deposition rates and low substrate temperatures to produce fine 

microstructures seemed logical.  Initial Al thin films were deposited using high powers 

and/or currents applied to the cathode (target) and the substrate was cooled using liquid 

nitrogen, monitored with thermocouples, and controlled with a solenoid valve.  Indeed, 

fine microstructures consisting of mean grain sizes well below 100 nm were synthesized   
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(a) (b) 

Figure 2.2: SEM micrographs of the surfaces of sputtered Al films, deposited while 
maintaining the substrate at (a) ambient and (b) cryogenic temperatures.  Gaps and 
pores can be seen between surface grains in cryogenically deposited films. 
 

using this technique, although the low temperatures resulted in a microstructure that 

proved to be prohibitive for accurate mechanical property measurements using tension.  

SEM observations of the top surfaces (furthest away form the substrate) of films 

deposited at both ambient and cryogenic temperatures are shown in Figure 2.2, where it is 

apparent that a lack of contiguity between adjacent crystallites or grains exists in the 

films that were deposited at low temperatures.  This observation can be rationalized when 

considering the mechanics of polycrystalline film growth, particularly the fact that initial 

clusters of atoms forming on the substrate do not have sufficient mobility (a thermally 

activated quantity usually given in the Arrhenius form that is proportional to 

( kTQ−exp ) , where Q is the rate-limiting activation energy and kT represents the 

thermal energy) to align crystallographically in order to grow epitaxially or do not 

possess sufficient thermodynamic driving force for the elimination of grain boundaries 

[3] at cryogenic temperatures. 
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Another important consideration compounding this issue is the difference in stress state 

that is imparted to the film during deposition.  It is well known that the processes that 

occur during the various stages of polycrystalline film formation result in potentially 

large stresses in the films [4,5].  The more common origins of film stress (e.g. 

surface/interface stress, cluster coalescence, grain boundary relaxation, structural damage 

from energetics of deposition) have been reviewed by Doerner and Nix [6].  More 

specifically, it has been shown that while Al films with thicknesses over several tens of 

nanometers exhibit volume-averaged stresses that are typically compressive [7,8], the 

reduction in substrate temperature can shift the stress state to one that is much more 

tensile [7], which is a result that can have significant implications on the resulting grain 

and surface morphology.  

 

Finally, the hindrance of surface diffusion activity from low temperature deposition could 

drastically reduce the film’s ability to conformally coat the substrate.  This effect is 

explained in observations of the top and bottom surfaces of a released Al film that was 

deposited at cryogenic conditions as shown in Figure 2.3.  Clearly, the top surface 

demonstrates individual grains with limited or no connectivity between adjacent grains, 

resulting in a very rough and porous surface, while the substrate side of the film is 

extremely smooth with no indication of this non-contiguous morphology. 
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(a) (b) 

Figure 2.3: SEM micrographs showing the (a) top and (b) bottom (substrate side) 
morphologies of a released Al film deposited at cryogenic temperatures.  Note the 
lack of contiguity between individual grains on the top surface. 
 

The granular nature of the films deposited at low temperatures prohibited tension testing, 

since the lack of connectivity between grain boundaries would result in depressed elastic 

moduli, and intrinsic mechanisms would be over-shadowed by these artifacts.  These 

effects, coupled with the fact that nc-Al could be synthesized at ambient deposition 

conditions, led the author to perform all sputtering at room temperature.   

 

In this dissertation, high purity nc-Al thin films were synthesized using pulsed DC-

magnetron sputtering. Films with thicknesses of 100-500 nm and average grain sizes of 

12-110 nm were fabricated. Film deposition using an Al target (99.999% purity) was 

interrupted in intervals of ~20 nm to minimize the growth of columnar grains. All 

substrates were blown with nitrogen gas and the target mounting hardware was 

sandblasted and cleaned prior to insertion in the chamber. For the majority of samples, a 

base pressure of 1 x 10-7 Torr was achieved in the chamber, and an argon pressure of 6 

mTorr was used at a flow rate of 43 cm3/sec during sputtering, although films deposited 

at varied base pressures (between 7 x 10-8 and 1 x 10-5 Torr) were studied to determine 
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the influence of impurities. A gun current of 100 mA was typically used, resulting in 

deposition rates at high as 4 Å/s, with a motorized sample stage to allow for even 

exposure to the incident flux resulting in good thickness uniformity. Pulsed deposition 

was performed with an on- and off-time of 1 min each for all deposition runs.  Specific 

details about microstructural characterization of these films will be reserved for later 

discussion. 

 

2.2. Microtensile Specimen Fabrication 

 
The overarching goal of this thesis work is to investigate the novel deformation 

mechanisms that are operative when grain sizes are decreased to nanometer length scales.  

The technological driving force is rooted in the fact that emerging MEMS and NEMS 

devices utilize thin films that are nanostructured by virtue of their small sizes.  

Ultimately, the reliability and ability to predict lifetimes of these next-generation devices 

hinge on these deformation mechanisms.  Thus, it only seems appropriate to leverage the 

technological advances brought forth by these nascent fields and employ a MEMS-

inspired platform for mechanical testing of these small-scale specimens.  Accordingly, a 

testing structure that integrates features for handling, gripping, and aligning the thin film 

tensile gage was designed and fabricated based on the previous work of Sharpe et al. for 

testing thin film polysilicon [9] (Figure 2.4).  Si-based cleanroom techniques were 

employed with the underlying goal of performing all fabrication steps in-house.      
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Figure 2.4: Wide thin film geometry shown for a framed polysilicon microtensile 
specimen. Specimen shown has a 500 x 3 μm gage section [9]. 
 

Surface and bulk micromachining techniques were used to fabricate micro-tensile test 

structures that alleviate the challenges usually associated with the direct mechanical 

testing of submicron free-standing thin films. These methods allow for the creation of 

high purity, high quality films, well-defined sample geometry, and batch processing.  The 

gage section of the resultant film spans across a “frame” of (001) Si with an etched 

backside window and support strips on the periphery. The frame allows for safe handling 

of these fragile films, and the support strips are cut using a diamond blade just prior to 

elongation.  The overall geometry and envelope dimensions for the wide thin film 

specimen employed herein is illustrated schematically in Figure 2.5. 
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Figure 2.5: Schematic of the framed wide thin film geometry adopted and used for 
all mechanical testing of thin films in this thesis work. 
 

The process flow (Figure 2.6) for fabricating the samples begins with a 4 µm thick 

thermal SiO2 layer that was grown on a Si wafer and used as a mask for backside window 

etching. All Si wafers were cleaned thoroughly prior to oxidation using a three-step rinse 

of acetone, isopropyl alcohol, and deionized water.  Wafers are blown dry with N2 gas 

followed by second dry in a spin dryer at 1500 rpm for 90 sec.  Using potassium 

hydroxide (KOH) as an anisotropic etchant, a window was defined on the backside of the 

specimen that allows for the release of the gage section. The backside etch was stopped 

with ~ 30 - 50 µm of Si remaining to provide support for frontside patterning and film 

deposition. Then, a liftoff technique was employed to pattern the microsample geometry 

on the frontside using positive photoresist and a contact lithography method employing 

UV light. The desired nanocrystalline metallic film is then deposited on top of the 

photoresist and the resulting geometry is defined by the photoresist, which is dissolved 

away in acetone. It should be noted that this liftoff technique works very well for films  
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Figure 2.6: Microfabrication process flow to create the freestanding thin film tensile 
testing platform.  The frontside mask with the tensile geometry is shown.  Thirty-
two individual dies fit on a 3” wafer. 
 

with thicknesses < 500 µm, although difficulties with releasing and obtaining good edge 

resolution for thicker films can be circumvented by using different photoresist (e.g. 

negative resist with re-entrant side profiles).  Since dicing of a brittle Si wafer into 

individual test dies is cumbersome, lines were patterned around the outside of the 

specimen with a thickness such that the KOH etchant closed a v-groove channel at a 

calculated depth; greatly simplifying separation of the dies along preferred Si 

crystallographic orientations. Finally, a pulsed dry gas etchant of XeF2, which imparts a 

high selectivity of Si to Al [10], was used to remove the supporting Si layer (at a rate of 

approximately 2 µm/min) to reveal the freestanding thin film. 
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XeF2 etching is an ideal chemical tool for microfabricating metallic components and has 

been used extensively in MEMS applications primarily due to the high selectivity of Si 

etching that it imparts [11-13].  For example, XeF2 etches Si at relatively high rates, but 

has very limited reactions with silicon dioxide, photoresist, and Al, for example.  It is a 

gaseous, non-plasma based, isotropic etchant that alleviates problems with capillary 

problems (“stiction”) encountered in wet etching of MEMS devices.  The chemical 

reaction of Si and XeF2 was first given by Winters and Coburn in 1979 [14]as 

42 SiFXe2SiXeF +→+ ,    (2.1) 

where this etching reaction is subdivided into several steps: i) nondissociative adsorption 

of XeF2 gas molecule on the silicon surface, ii) dissociation of this adsorbed gas, iii) 

reaction between adsorbed atoms (F) and the silicon surface to form a product molecule 

SiF4, and iv) desorption of the product molecule into the gas phase [14].  XeF2 is a white 

crystalline solid with a room temperature vapor pressure of ~ 4 Torr, and as a 

consequence, it is quite simple to construct a system for XeF2 etching since high-vacuum 

conditions are not required inside of the chamber.  As such, the author modified an 

existing manual etching chamber at Johns Hopkins University by adding pneumatic 

valves, a viewing window, and a control system to perform repeated and automated 

etching of Si; details for this system are given in the appendices.     

 

While device feature resolution is important to the integrated circuit and microelectronics 

industries, it is usually discussed in terms of miniaturization of features for sheer real 

estate purposes.  In other words, the thrust is toward fabricating smaller features in an 

effort to fit more interconnects on a computer chip.  In parallel, feature resolution from 
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the microfabrication process is critical in the MEMS industry for accurately designing 

and predicting the mechanical integrity and response of structural members.  This is 

especially significant for the use of microcantilevers in sensing and actuating 

applications, where the elastic response is a strong function of the external specimen 

dimensions.  The extension of this discussion to the resolution of specimens for accurate 

mechanical property measurements is logical; the true stress state in the specimen is a 

function of the cross-sectional dimensions, and undulations along edges due to resolution 

issues can preclude obtaining good measurements.   

 

An example of these resolution issues is illustrated in Figure 2.7, where metallic tensile 

specimens were fabricated using a liftoff technique that employs a photolithography 

mask.  Two distinct masks with the exact same geometry were produced: the first was 

created by high-resolution printing on a transparency with 5080 dpi (1 dot corresponds to 

5 μm) and the second on a chromium printed mask on soda-lime glass.  It is apparent 

from this figure that the use of the transparency mask produces edge undulations with 

amplitudes of approximately 5 μm, while the true mask design is preserved, within the 

imaging resolution limits, when using the Cr mask.  Tensile testing performed on 

specimens fabricated using the transparency mask produce stress concentrations at the 

edge, which would produce erroneous mechanical property measurements if not properly 

accounted for. This point is reinforced in Figure 2.8, where a fully-released specimen 

with poor edge resolution is shown; these undulations seem to extend all of the way 

through the thickness of the film. 
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(a) (b) 

 
Figure 2.7: SEM micrographs of thin films still attached to the Si substrate showing 
the effect of photolithography mask resolution: (a) transparency mask printed at 
5080 dpi and (b) chromium on soda lime glass mask. 
 

 

 

 
Figure 2.8: Edge of released microtensile specimen fabricated using a transparency 
mask showing poor edge resolution and sources of stress concentrations.  
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2.3. Material Characterization 

 
The treatment and understanding of novel deformation mechanisms in nanocrystalline 

systems that consist of internal microstructural features with length scales that no longer 

are approximated well by mechanics defined by average or continuum quantities requires 

a unique perspective.  The large interfacial density due to grain boundaries that exist in 

nanocrystalline films imparts a large influence on the nucleation, propagation, and 

multiplication of defects as the carriers of plastic deformation.  In contrast to bulk 

materials, where the macroscopic mechanical response can be tied to simple 

microstructural parameters that are relatively well-understood, the new physical 

processes that govern deformation at these reduced length scales need to be thoroughly 

interpreted in the context of the complex and highly discrete microstructure that exists.  

Therefore, it is a necessity that systematic and meticulous microstructural 

characterization is done in parallel with precise mechanical property measurements to 

directly fuse the pervasive processing – structure – properties triumvirate.  This section 

will describe efforts to arrive at this fusion. 

 

2.3.1. Microstructural Characterization 

Several techniques were employed to precisely characterize the thin films and their 

corresponding microstructure in both their as-deposited and deformed configurations. 

Microstructural morphology was characterized primarily using TEM (Philips 420 TEM 

operating at 120 keV and Philips CM300 field-emission gun operating at 300 keV) in 
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both bright and dark field modes, although scanning electron microscopy (SEM) was 

utilized to ensure the continuity and coherency of grains. Freestanding films were simply 

mounted to coarse Cu TEM grids for observations of the in-plane microstructure (detailed 

instructions can be found in the appendices); therefore no additional steps were required 

to achieve electron transparency in the thin film samples, eliminating the possibility of 

preparation artifacts.  

 

Cross-section TEM samples were prepared from the as-deposited material to determine 

the through-thickness grain morphology by employing tripod wedge polishing, which 

results in geometry that includes an electron transparent zone at the end of the wedge. 

Samples representing all studied thicknesses showed no dominance of columnar grain 

structures; several grains through the thickness of the films were observed. In addition, 

plan-view TEM tilting experiments revealed an abundance of overlapping grains, 

indicating that columnar grains were not prevalent. Film thickness was measured using a 

Dektak IIA stylus profilometer for each tensile specimen, and was found to agree well 

with measurements of the cross-section TEM samples. 

 

2.3.2. Grain Size Measurement 

 

Accurate grain size and shape measurement is complicated by a number of factors, 

depending on the direct or indirect method of obtaining microstructural information about 

a material.  These problems challenged Lord Kelvin in 1887, who determined the 

optimum space-filling grain shape while minimizing surface area and tension, and 
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provided the catalyst for the formation of a committee in the American Society for 

Testing and Materials (ASTM) that deals entirely with grain size measurement (ASTM 

committee E-4).  As a result, standards for measuring grain sizes have been developed, 

where the most common method is the line intercept method that dates back to the work 

of Heyn [15] and is described in ASTM standard E 112.  This works by using either a 

rectangular or circular grid and counting the number of times the line intercepts a grain or 

a boundary; grain size is subsequently defined by the mean lineal intercept length, l: 

LL NP
l 11

== ,     (2.2) 

where PL and NL and are the number of interceptions of a line with known length with a 

boundary or a grain, respectively.   

 

More recently, erroneous interpretation of full three-dimensional microstructures from 

two-dimensional images has been the subject of debate.  The reader is referred to a 

viewpoint set in Scripta Materialia that discusses this topic [16].  Nonetheless, many 

techniques and metrics have been developed to standardize these measurements, although 

the unique images and contrast conditions that results from TEM imaging of 

nanocrystalline grains in a thin film do not conform well to these standards.  It is not the 

author’s intention to provide an exhaustive discourse on this topic, but rather the 

emphasis will be on measuring grain size from direct TEM imaging.   

 

A statistical treatment of the grain sizes in the films, involving the compilation of grain 

size distributions, comparisons to analytical functions (e.g. lognormal), and the analysis 

of the ratio of the mean to standard deviation ratios, was applied to evaluate the 
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composite-like nature and a number of measurements of in-plane grain sizes from bright 

field and dark field TEM images were consequently used. All grain size distributions 

presented herein represent a minimum of 300 measurements of size.    

 

Mean grain sizes for the Al films were calculated using equivalent circle diameters from 

direct grain area measurements.  This was accomplished in a multi-step process since 

direct image processing of TEM images of nanocrystalline include many overlapping 

grains with often poorly defined grain boundary contrast was not possible.  First, bright 

and dark field images were taken of the microstructures.  Subsequently, traces of only 

grains that are either in an orientation that gives rise to strong Bragg diffraction or that 

show well-defined boundary contrast were made.  Keeping careful track of the scales 

(corrected for microscope calibration), these traced images as shown in Figure 2.9 were 

digitally processed using Image-Pro Plus software (MediaCybernetics) to segment the 

areas within the traces that resulted in a complete geometric description of the grain 

shape in 2D (e.g. area, aspect ratio, major axis length, minor axis length, etc.).   It should 

be noted that grain size measurements of the films deposited at high base pressures (~ 10-

5 Torr) were difficult due to the small sizes and number of overlapping grains through the 

thickness of the films, increasing the uncertainty of these measurements.  Since 

deformation of a solid depends on the volume of material (or grains) and not simply the 

number of grains being deformed, the volume weighted grain size distributions are a 

more physical quantity for interpretation.  Another relevant point is that mean grain sizes 

as indirectly calculated from X-ray line broadening represent an estimate of the average  
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(a) (b) 

Figure 2.9: Representative (a) bright-field TEM image and (b) boundary trace used 
for grain size measurements.  A digital segmentation tool is used to calculate the 
grain areas from images such as shown in (b). 
 

volume weighted grain diameter [17-19].  Since this technique is used quite often to 

obtain quantities for grain size, this allows for perhaps a more comparison to other 

experimental work.  Whenever possible, distributions were presented as area weighted 

grain sizes, , which is calculated as areaavgd )(

∑=
n

ii
tot

areaavg ad
a

d 1)( ,    (2.3) 

where di is the diameter of grain i, and ai and atot are the areas of grain i and the imaged 

microstructure, respectively.  This construction was utilized since TEM images provide a 

two-dimensional projection of the full grain shape.  Furthermore, the assumption of the 

out-of-plane geometry of the grains to extend to grain volume was not one that the author 

was comfortable making. 
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Figure 2.10: Representative grain size distribution for nc-Al films as measured 
directly from TEM images.  A lognormal fit to the data is shown to represent the 
distribution relatively well.  
 

The lognormal function is well-adept at describing a surprisingly diverse set of natural 

and physical phenomena, and accordingly has been shown to represent the distribution of 

grain sizes in a polycrystalline material quite well.  The probability density function 

(PDF) is given by the following 

( ) ( )[ ]22 2/lnexp
2

1, σμ
πσ

σμ −−= x
x

xf ,   (2.4) 

for x>0, where μ and σ are the mean and standard deviation of the data x, respectively.  

As-deposited distributions of grain sizes were fit to lognormal distributions, as shown in 

Figure 2.10.  The fit to the data is not necessarily proof of a true lognormal, but rather an 

 43



indication that the lognormal distribution is reasonable for the as-deposited 

microstructure. 

2.3.3. Texture Analysis 

 
Preferred orientation of grains that arises during the deposition and growth of 

polycrystalline thin films is a well known and documented phenomena (see for example 

[4,5]), and can influence the deformation of freestanding thin films.  Any initial and post-

mortem film texture, therefore, should be carefully characterized and considered during 

the interpretation of mechanical testing results. 

 

X-ray pole figure analysis using a 4-circle diffractometer, as demonstrated by 

representative pole figures in Figure 2.11, did not evidence any strong texture in the as-

deposited films, but the presence of weaker textures could not be ruled out since the thin 

films yielded low diffracted intensity for the Cu K-α radiation used in this setup, resulting 

in low signal-to-noise ratios.  Moreover, rocking curves conducted on these nc-Al films 

by rocking over the {111} Bragg peak showed no significant peak over the noise floor, 

confirming the lack of strong texture.  

 

Texture can also be detected in polycrystalline ring diffraction patterns formed in the 

TEM (shown in Chapter 3), where a preferred orientation manifests as bright arcs along 

the rings for (hkl) reflections and randomly oriented grains show continuously intense 

rings.  No evidence of these discrete arcs during tilting experiments on nc-Al was found, 

which agrees with the pole figure analysis that no strong texture is present in these films. 
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(a) (b) 

 
Figure 2.11: X-ray <200> pole figures for an nc-Al submicron film still attached to 
the Si substrate.  No strong texture in the Al films was detected. 
 

Preferred orientation of post-mortem microstructures were also characterized whenever 

possible using a combination of two techniques: selected-area electron diffraction using 

TEM and electron back-scatter diffraction (EBSD) in the SEM (also known as orientation 

imaging microscopy, or OIM).  These methods are entirely suitable for mapping the 

orientations of grains with sizes that are greater than approximately 100 nm, although 

EBSD lacks the spatial resolution to orient smaller grains and is also limited in charting 

only surface grains, while it is difficult to map individual nc-grains in the TEM 

unequivocally as the abundance of overlapping grains complicates the resulting 

diffraction patterns.   

 

 

 45



2.3.4. Chemical Analysis 

 
The effect of impurities and second-phase particles on the as-deposited microstructure of 

nominally pure materials and its associated stability, both against thermal and mechanical 

forces, is a vibrant area of research and will be discussed in Chapter 4.  Strong evidence 

exists to suggest that impurities play a large role in stabilizing nanocrystalline structures, 

even under large thermal loads.  It is therefore desirable to characterize both the absolute 

value and the spatial distribution of impurities in as-deposited and deformed 

configurations, particularly in Al, which has such a strong affinity for oxygen. 

 

Several approaches were taken in collaboration with Dr. Budhika Mendis in an attempt to 

characterize the chemistry of the sputter-deposited films.  Auger depth profiling was 

carried out by argon ion sputtering through the depth of a film deposited at a base 

pressure of 10-7 Torr provided information regarding the existence of any potential 

“buried” layers of oxygen in the films as well as the formation of oxygen in vacuum 

conditions.  In addition, direct quantitative measures of minute chemical differences and 

specimen-to-specimen variations in grain boundary segregation were attempted by means 

of high-resolution TEM Electron Energy Loss Spectroscopy (EELS) on a Philips CM300 

field-emission gun microscope operating at 300 keV.  Finally, electron dispersive 

spectroscopy (EDS) measurements both in an SEM and a TEM provided more global 

information about chemistry.  Results from chemical characterization of nc-Al thin films 

using these techniques are given in Chapter 4. 
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2.4. Microtensile Specimen Testing 

 
The laboratories in the Department of Mechanical Engineering at Johns Hopkins 

University have a rich tradition of pushing the limits of mechanical testing at ever-

diminishing length scales.  Techniques for preparation, handling, gripping, aligning, and 

measuring displacements and forces of dimensionally-challenged systems have been 

cultivated over the last decade.  A comprehensive review of methods for uniaxial testing 

at the microscale can be found in [20].  This expertise has been leveraged and extended to 

develop a microtensile specimen testing apparatus for conducting property measurements 

of freestanding submicron thin films. 

 

The tensile experiments conducted for this thesis were performed using two independent 

test frames. A dedicated thin film microspecimen tensile testing apparatus was 

constructed at Johns Hopkins University and used for the majority of experiments; details 

for this setup are given in [21] and a detailed guide for using this setup is given in the 

appendices of this dissertation. A similarly constructed device was used for all in situ X-

ray measurements at the Swiss Light Source and is described in [22]. All in situ tension 

tests were conducted at a rate of ε&  = 2 x 10-5 s-1, while the strain rates on the testing rig 

built by the author were typically conducted at 5 x 10-5 s-1 although could be varied 

between 1 x 10-5 and 2 x 10-3 s-1 for strain-rate experiments. Deformed specimens were 

retained for post-mortem TEM observations whenever possible. Strain was obtained 

directly by measuring the displacement of the sample grips using a capacitance gage 

(0.01 µm resolution) and an optical extensometer (subpixel resolution) for the ex-situ and 
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Figure 2.12: Schematic of the microtensile specimen testing apparatus designed and 
constructed by the author.  The major components of the setup are highlighted. 
 

in situ tension tests, respectively. In addition, a digital image correlation (DIC) and 

tracking system was implemented to track the evolution of deformation during tensile 

testing and provided a more accurate description of local strain in the gage section. The 

results of these experiments demonstrated that grip displacement is an adequate measure 

for the nominal strain in the sample during the majority of deformation, although during 

periods of tensile instability (global and local necking), sample strains were measured to 

be as much as twice that measured using grip displacement. 
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(a) (b) 

 
Figure 2.13: Images of the microtensile specimen testing setup used in this thesis 
work: (a) overview of setup and (b) Si strip cutting apparatus. 
 

The forces incurred in a tensile test of films of this size are very low (~0.06 N), and the 

precise alignment of the tensile axis with the loading apparatus is of paramount 

importance.  To ensure alignment, a unique mechanical testing setup was designed and 

constructed, as shown in Figures 2.12 and 2.13.  A fixed grip is attached to a high-

resolution load cell (max. load = 1 N, Cooper Instruments) and a second grip is attached 

to a piezoelectrically-actuated screw-driven linear motor.  This grip was mounted on a 5-

axis picomotor stage, which allows for precise alignment (with the aid of multiple 

microscopes).  

 

An extremely precise method of measuring displacement is requisite to microsample 

testing. Typical techniques for crosshead motion do not supply the needed displacement 

resolution for this type of testing. To overcome this challenge, a capacitive-based probe 

was employed to precisely measure displacement of the test system. The HPC-40 probe, 

manufactured by Capacitec with a resolution of approximately 0.01 μm, is positioned 

near a flat metal plate, and the voltage change between the two surfaces is measured 
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during testing. A simple calibration can convert this voltage value to displacement.  

While this displacement output provided valuable real-time feedback with an estimate of 

the total strain during testing, the image-based strain method was used for the final 

calculation of strain for the majority of the tests presented here. 

 

Control and acquisition of data were performed using a Windows-based computer and a 

graphical user interface was programmed using Agilent VEE OneLab, which allowed for 

simple user input and output. Parameters such as the specimen cross-sectional dimensions 

(for stress calculation) and displacement rate are entered, and a DC voltage signal is sent 

to the picomotor to begin the test. Concurrently, the analog output of the load cell and 

capacitance gage are converted to a digital output and logged in an ASCII data file. A 

data sampling rate of approximately 4 Hz was employed for the majority of tests, 

although faster rates were used for high strain-rate experiments. 

 

A typical tensile test using the technique described is completed as follows. The grips are 

mounted to the testing setup and a rough alignment by eye is performed with the aid of 

the stereoscope before fixing the grips.  The out-of-plane alignment is typically 

performed first by utilizing the 5-axis picostage and a telescope that is mounted parallel 

to the grip faces.  Once this is satisfactory, the in-plane alignment is completed using the 

stereoscope and the machined grip features as guides.  Then the specimen die is mounted 

in the grips and positioned, where the edges of a cleanly diced die provide a good guide.  

A small bead of UV adhesive (Norland Electronics) is applied to a fine wire, and then to  
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Figure 2.14: Image of a microtensile specimen mounted in the grips of the testing 
setup, where the locations for gluing are highlighted. 
 

two corners of the Si die on one grip side. The proper curing time is dialed in to the UV 

light source (a time of ~ 80 s was typically used), dependent on the type of adhesive used, 

and subsequently cured once the final specimen alignment has been verified.  Once 

cured, a small bead of contact cement (Loctite 414) was applied with a wire to the outer 

edge of the die as shown in Figure 2.14.  This gluing process is then repeated to the other 

side of the die.  It is important to note that upon curing the second side, forces can be 

incurred on the uncut Si frame due to the volume shrinkage of the glue and as a 

consequence the load cell should not be zeroed as these are true forces.    The glue is 

allowed to cure, and then a rotary tool mounted to a 3-axis micrometer stage and 

equipped with a diamond-impregnated blade (New Jersey Diamond Tool) and the Si 
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support strips are cut one at a time.  Finally, the movement of the picomotor is initiated 

by the computer.  A detailed guide for using the thin film microtensile specimen 

apparatus can be found in the appendices. 

 

2.5. Image-Based Strain Measurement 

 
The accurate measurement of displacement and strains during deformation of advanced 

materials and devices endures as a primary challenge to designers and experimental 

mechanicians.  The increasing complexity of technological devices with stringent space 

requirements leads to imperfect boundary conditions that have to be properly accounted 

for.  Of particular relevance to this thesis, the push toward miniaturizing devices down to 

nanometer length scales imparts additional difficulties in measuring strains as the 

application of conventional extensometers and resistance foil gages are cumbersome, 

damaging, or even impossible.  Compounding this problem is also the fact that 

compliance of small-scale testing machines precludes the use of the displacement of 

external actuators for estimating specimen strain.  As a consequence, a technique with the 

following features is extremely desirable: i) no contact with the specimen required, ii) 

sufficient spatial resolution to measure locally at the region of interest, iii) the ability to 

capture non-uniform full-field deformations, and iv) a direct measurement that does not 

require recourse to a numerical or analytical model. 

 

Optical methods are a logical solution to this litany of challenges.  One approach is the 

interferometric strain/displacement gage (ISDG) developed by Sharpe [23], a laser-based 
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technique that affords significant advantages over conventional strain measurement 

methods.  ISDG utilizes two markers on the surface of the specimen that provide 

interference fringes that are analogous to Young’s two slit experiment, although in 

reflection as opposed to transmission.  This technique offers superior resolution (as low 

as 5 με [24]) and local strain determination, although is limited to 1D measurements and 

requires some degree of experimental complexity.  It also demands the use of markers, 

which have typically been either Vickers microhardness indents or patterned lines 

(applied by gas-assisted chemistries in the FIB or physical vapor deposition and 

photolithography).  In the case of thin film mechanical testing where thicknesses are in 

the submicron range, hardness indents are out of the question and deposited lines can be 

up to an order of magnitude thicker than the specimen itself, which could significantly 

alter the apparent intrinsic properties of the material being tested. 

 

Digital image correlation (DIC) techniques have been increasing in popularity, especially 

in micro- and nano-scale mechanical testing applications due to its relative ease of 

implementation and use.  Advances in digital imaging have been the enabling technology 

for this method and while white-light optics has been the predominate approach, DIC has 

recently been extended to SEM [25] and AFM [26,27].  Above and beyond the ability of 

image-based methods to provide a “box-seat” to the events that are occurring during 

deformation, these techniques were applied to the testing of freestanding thin films for 

this thesis work also because it offers a full-field description and is relatively robust at 

tracking a wide range of “markers” and varying surface contrast. 
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The appeal of these image-based techniques coupled with the lack of flexibility and 

prohibitive cost of commercial DIC software packages provided the impetus for the 

author and his colleagues to develop a custom in-house software suite using the 

mathematical package MATLAB as the engine for calculations.  This resulted in an open-

source package that was uploaded to the public domain [28] in an effort to provide free 

tools to users, but also to generate feedback for potential improvements and addition to 

the code.  As such, a brief discussion of the primary features and methodology of this 

technique, along with some background on DIC and peak tracking will be presented here.  

DIC for strain measurement constitutes a major field of research and is followed by a 

healthy, vigorous, and dynamic discussion and discourse, so it is not the author’s 

intention to provide an exhaustive survey of the field.  Instead, a more focused 

description of the tools required to make accurate measurements that provide insight on 

the deformation mechanisms that govern plasticity in nc-Al thin films is given. 

 

DIC was first conceived and developed at the University of South Carolina in the early 

1980s [29-31] and has been optimized and improved in recent years [32-35]. DIC is 

predicated on the maximization of a correlation coefficient that is determined by 

examining pixel intensity array subsets on two or more corresponding images and 

extracting the deformation mapping function that relates the images (Figure 2.15).  An 

iterative approach is used to minimize the 2D correlation coefficient by using nonlinear 

optimization techniques.  The cross correlation coefficient rij is defined as 
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(a) (b) 

 
Figure 2.15:  Foundations of DIC: (a) mapping from undeformed to the deformed 
space and (b) correlation function, rij plotted against the in-plane displacements. 
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Here u and v are translations of the center of the sub-image in the X and Y directions, 

respectively. The distances from the center of the sub-image to the point (x, y) are 

denoted by and . Thus, the correlation coefficient rij is a function of displacement 

components (u, v) and displacement gradients (

xΔ yΔ

xu ∂∂ , yu ∂∂ , xv ∂∂ , yv ∂∂ ). 

 

DIC has proven to be very effective at mapping deformation in macroscopic mechanical 

testing, where the application of specular markers (e.g. paint, toner powder) or surface 

finishes from machining and polishing provide the needed contrast to correlate images 

well.  However, these methods for applying surface contrast do not extend to the 

application of freestanding thin films for several reasons.  First, vapor deposition at 

normal temperatures on semiconductor grade substrates results in mirror-finish quality 

films with rms roughnesses that are typically on the order of several nanometers.  No 

subsequent polishing or finishing steps are required, and unless electron imaging 

techniques are employed that can resolve microstructural features, the films do not 

possess enough useful surface contrast to adequately correlate images.  Typically this 

challenge can be circumvented by applying paint that results in a random speckle pattern 

on the surface, although the large and turbulent forces resulting from either spraying or 

applying paint to the surface of a freestanding thin film are too high and would break the 

specimens.  In addition, the sizes of individual paint particles are on the order of μms, 

while the film thickness is only several hundred nms, which would be analogous to 

supporting a large boulder on a thin sheet of paper. 
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Figure 2.16: Representative image of the microspecimen gage section with fine silica 
particles applied, which serve as markers for digital tracking for strain 
measurement. 
 

Very recently, advances in pattern application and deposition at reduced length scales 

have exploited small-scale synthesis methods including nano-scale chemical surface 

restructuring and photolithography of computer-generated random specular patterns to 

produce suitable surface contrast for DIC [36].  A different approach was employed in 

this thesis work, namely the application of very fine powder particles that would 

electrostatically adhere to the surface of the film and could be digitally tracked.  Fine 

alumina abrasive polishing powder was initially used since the particle sizes are relatively 

well controlled, although the adhesion to Al films was not very good and the particles 

tended to agglomerate excessively.  The candidate that worked most effectively was a 

silica powder designed for a high temperature adhesive compound (Aremco, inc.), which 

was applied through a plastic syringe.  A light blanket of powder would coat the gage 

section of the tensile sample and the larger particles could be blown away gently.  The 

remaining particles would be those with the best adhesion to the surface, and under low-

angle grazing illumination conditions, the specimen gage section would appear as shown 

in Figure 2.16.  While the surface contrast present is not ideal for DIC, the high intensity  
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Figure 2.17: Intensity profile obtained from images of the tensile gage section, where 
peaks represent the particles that will be fit and tracked.  Note that the clumped or 
agglomerated particles, shown by double or odd-shaped peaks, are eliminated from 
the fitting routine automatically. 

 

ratio between the particles and the background provide a unique opportunity to track the 

particles between consecutive digital images taken during deformation.  This can be 

achieved quite straightforwardly using digital image processing techniques, although the 

resolution is always limited to a single pixel.  To attain tracking with subpixel resolution, 

a novel image-based tracking algorithm using MATLAB was developed [28], dubbed 

Digital Differential Image Tracking (DDIT), and will be discussed here briefly. 

 

The DDIT method exploits the shape of these powder particles when digitally imaged in 

the intensity domain as shown in Figure 2.17.  The resemblance of the particles to  
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Figure 2.18:  Peak profile from a silica marker showing the technique for fitting and 
tracking during deformation.  Several hundred markers are fit and tracked for 
every image obtained during a tensile test. 
 

mathematical functions that are adept at describing peak shapes with precise center 

locations and broadening (tails) allow them to be fit to a given function and thus tracked.  

It is perhaps coincidental that the symmetric normal (Gauss) distribution function 

proficiently fits the intensity profiles of the particles, although many functions would be 

suitable as well (e.g. Pearson VII, Cauchy).  The Gaussian function can be generally 

defined as the function f(x) [37], where 
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and a is the amplitude of the function, xo is the center of the data, σ is the spread or 

standard deviation, and b is the offset or background level relative to some reference 

datum.  This function can also be described in two dimensions by the following: 
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The quality of the Gaussian fit to a peak profile is shown in Figure 2.18.  

 

The DDIT script works in the following fashion as schematically shown in Figure 2.19 

(alongside, for comparison, the DIC code that was also developed).  A detailed guide that 

describes the inner workings of both the DDIT and DIC code can be found at [28].  First, 

images are captured during the course of a mechanical test.  Second, a list of image 

filenames is generated and the image capture times are extracted from the original images 

in order to synchronize the DDIT data to that of the data acquisition system.  The markers 

are then automatically detected in the first image (after undergoing automatic background 

subtraction) by an image processing algorithm that labels connected components in a 

binary image and subsequently information regarding the size and shape of these 

components are extracted (e.g. area, bounding box, centroid, major axis length, minor 

axis length, etc.).  Particles with properties that do not conform to specifications for 

“ideal” shapes are thrown out, and the remaining markers in the first image are fit to a 

Gaussian function (in this thesis work) using a nonlinear least-squares algorithm in both 

the longitudinal and transverse directions.  The normalized residuals of the fit of the peak 

to the function are calculated for every peak (typically several hundred in an image such  
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Figure 2.19: Flow chart for digital image correlation and tracking method 
implemented using MATLAB.  Two methods, image correlation or peak fitting, can 
be used depending on the surface contrast.  The MATLAB scripts for each step are 
denoted parenthetically. 
 

as Figure 2.16) and again, fits deemed “poor” as given by the value of the residual are 

removed from the analysis.  This process now continues for every image in the sequence, 

and the result includes the position of the peak center, which is then post-processed using 

a visualization and data analysis script that allows visualization and output of the 
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quantities of interest.  Incidentally, the DDIT technique has also been successfully 

applied to the testing of brittle SiO2 [38] and ductile Au [39] thin films. 

 

The resolution that one can achieve in practice using these image-based techniques 

depends on a number of factors, including but not limited to camera resolution, lens 

optical quality, and marker size and quality.  To demonstrate the achievable resolution 

that one can achieve using the setup and techniques described herein using both DIC and 

DDIT, a tensile test performed on a brittle linear elastic submicron (t ~ 250 nm) 

freestanding Al-32 at%Mo specimen was analyzed for strain using both methods.  This 

specimen was chosen because it exhibits small strains that are difficult to resolve and also 

because it is amorphous and thus minimizes any microstructural inhomogeneities.  The 

initial raster grid that was applied for the DIC method and the automatically labeled 

markers (“good” markers are shown as circles) are shown in Figures 2.20 and 2.21, 

respectively.  The representative stress strain response from this film is shown in Figure 

2.22, where both longitudinal (shown in blue) and transverse (shown in green) strains 

were calculated using DIC with two subset image sizes (15 and 25 pixels) and DDIT.  It 

is apparent from these results that the peak tracking algorithm works quite effectively at 

resolving the response of this film, even when tracking about 50 times fewer points.  The 

insets of Figure 2.22 show the typical strain variation that was achieved, where as low as 

40 με was observed in the longitudinal direction using DDIT.  It was concluded that 

either of these techniques was effective at measuring the Young’s moduli of these 

specimens, although the transverse strain resolution obtained using DIC is at the upper 

limit of what one would desire to measure Poisson’s ratio. 
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Figure 2.20: Representative raster grid employed for strain measurement using the 
DIC technique.  The finer the grid, the more one can approach a “full-field” 
description of the deformation. 
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Figure 2.21: Representative markers that are automatically obtained using image 
processing algorithms.  Peaks optimized for accurate tracking (DDIT) are 
determined suitable if their shape, size, intensity, and resemblance to a Gauss 
function fits pre-determined guidelines. 
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Figure 2.22: Typical longitudinal and transverse stress strain curves for a linear-
elastic brittle material (Al-32 at% Mo here) are shown to demonstrate the practical 
resolution of the image correlation and tracking techniques.  Images with contrast 
and lighting conditions as shown in Figure 2.17 and grid/marker distributions as 
shown in Figures 2.20 and 2.21 were used for this analysis. 
 

2.6. In Situ Peak Profile Analysis 

 
Understanding the microstructural events that govern the elastic and plastic deformation 

of advanced materials systems requires a full description of the relationship between 

internal activity and macroscopic response.  Through microstructural characterization of 

materials after deformation (so called post-mortem approach) is a viable method for 

linking the structure to properties, but is limited in that only internal structure that is 

stored upon unloading is observable.  It is well-known that deformation in crystalline 

materials requires highly dynamic events that do not always leave residue.  In situ 

deformation techniques are well-adept at allowing for the visualization (direct or indirect) 

 64



of the footprints of deformation mechanisms that accommodate an applied load.  Direct 

surface imaging methods during deformation, such as optical, scanning electron, and 

atomic force microscopy, provide useful information about the evolution of surface 

morphologies.  In situ TEM techniques lend insight on internal events such as defect 

formation and motion, although these methods require significant experimental expertise 

and until recently [40] have been mostly qualitative.  In situ X-ray diffraction methods 

are well-suited for the precise characterization of internal structural features due to the 

unique interaction of X-rays with atoms packed periodically or in a semi-random manner 

(e.g. amorphous materials). 

 

In situ X-ray diffraction techniques using standard diffractometers utilizing Cu k-α 

radiation have been implemented successfully for bulk materials.  However, the X-ray 

flux in these setups are not enough to provide reliable diffraction spectra in small 

volumes of material, such as is found in submicron freestanding thin films.  Recently, in 

situ synchrotron techniques that probe the response of thin films on compliant substrates 

have been developed [41] and adapted to provide good spatial resolution [42], using “sin2 

ψ” and “sin2 φ” methods that require non-continuous loading profiles.  The effect of the 

soft polymeric substrate on the overall deformation of the film and more specifically its 

alteration of defect formation and motion from normal mechanisms is still an open 

research question. 
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(b) (a) 

 
Figure 2.23: In situ X-ray microspecimen deformation apparatus installed at the 
materials science beamline of the SLS shown (a) schematically (from [43]) and (b) 
photographed. 
 

The high intensity of the Swiss synchrotron Light Source (SLS) and the development of a 

microstrip detector, as shown in Figure 2.23 (label 5), covering a diffraction angle of 60° 

with an angular resolution of 0.0037° allowed for the measurement of the entire X-ray 

diffraction pattern at once during continuous deformation without having to sequentially 

scan the angular range of the scattering angle. The custom-built solid-state detector was 

designed for time-resolved measurements, enabling the entire detector to have a readout 

time of 250 μs.  The modular design of the detector consists of 12 modules containing a 

total of over 15,000 channels. Details on this detector can be found in [44].  The in situ 

deformation system is installed at the materials science beamline at the SLS, which has 

operational parameters as summarized in Table 3.1 and a representative diffraction 

spectrum for an Al freestanding submicron film is shown in Figure 2.24. 
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Table 3.1: Operational parameters of the materials science beamline at the Swiss 
Light Source. 

Photon energy range 5-40 keV 

Photon energy resolution ~ 10-4 keV 

Maximum flux at 17.5 keV 4 X 1012 photons/s 

Accepted divergence 0.23 X 2.5 mrad2 

 

 

 

 
Figure 2.24: Representative X-ray diffraction spectrum obtained for a nc-Al 
freestanding submicron thin film.   
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Peak profile analyses of numerous Bragg diffraction peaks were followed in-situ during 

deformation and changes in the shape and profile of these peaks were used to characterize 

the underlying deformation mechanisms. Upon the application of deformation, the 

diffraction line spectra will respond with two primary events: i) shifting of the center of 

the peak position and ii) broadening of the peak.  Shifts of the peak position are related 

directly by Bragg’s law to a change in the interplanar spacing dhkl.  The broadening of the 

peak above the instrumental broadening (diffractometers produce beams that exhibit 

some spread of wavelength and are never perfectly monochromatic) occurs due to two 

phenomena: i) the limited extent of the coherent scattering volume, which is the grain 

size in this work (an infinite crystal would result in a delta function in reciprocal space) 

and ii) the presence of inhomogeneous strain in the lattice.  The latter is especially 

relevant in the study of plasticity in crystals, as its value can be indirectly related to 

lattice defects.  Other possible sources for broadening include elastic inhomogeneous 

strains arising from adjacent misoriented crystals that produce a strain gradient and the 

presence of extrinsic grain boundary dislocations [45].  The contribution due to grain size 

and strain effects can be decoupled since the former is diffraction order independent, 

while the latter is tied to the order.  Other nuances of the peak profile can be quantified 

and can be related to microstructural features (e.g. peak asymmetry as a measure of twin 

boundary density), and in some cases are used to estimate dislocation densities [46-49].   

 

It is apparent from Figure 2.25 that this described effect of deformation on the diffraction 

peak profile for an Al freestanding submicron thin film produces a peak shift toward  
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Figure 2.25: {220} diffraction peak of a freestanding Al film with a thickness of 380 
nm. The spectra are taken before deformation and at a tensile strain of 2%, 
demonstrating peak shift and peak broadening during tensile deformation. 
 

higher values of 2θ upon applying a tensile deformation.  As given by Bragg’s law for an 

undeformed crystal, 

θλ sin2 hkld= ,         (2.9) 

and for a stressed crystal, 

σσ θλ sin2 hkld= ,       (2.10) 

where λ is the wavelength, this increase in angle corresponds to a decrease in the 

interplanar spacing.  Although this may seem counterintuitive for an applied stretch 

(tension), it is important to describe the diffraction conditions present in this system that 

consists of a fixed incoming X-ray beam.  As shown in Figure 2.26, the beam scatters off  
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(b) (a) 

 
Figure 2.26: Scattering geometry for X-ray diffraction with fixed incoming angle: 
(a) before deformation and (b) under tensile loading conditions.  Figure adapted 
from [43]. 

 

planes that are relatively parallel to the sample surface, and as such are probing the elastic 

Poisson contraction of the material.  The Poisson’s ratio is given as the ratio of the 

transverse and longitudinal strains, 
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ε
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It is also important to note from Figure 2.26 that an important consequence of fixing the 

angle of the incoming beam to the sample is that individual crystals will move in and out 
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of the ideal Bragg condition under the influence of deformation.  As shown, different 

crystals contribute to the scattered beam since the reduced lattice spacing from 

deformation (Figure 2.26(b)) will displace the original crystal from satisfying Bragg’s 

law, although crystals originally not oriented correctly may now contribute to the beam 

captured by the detector.  This effect would manifest itself in specimens with very few 

grains or strong texture in the illuminated region and needs to be considered when 

interpreting the results.  Another consequence of the fixed beam condition is that the 

component of broadening due to grain size will only occur from those domains that are 

perpendicular to the diffracting planes, which in this case are those that are relatively 

parallel to the film surface.  As a result, the grain size component arises primarily from 

out-of-plane (cross-sectional) crystallite sizes. 

 

In the current study, a monochromatic X-ray beam of 17.5 keV was focused on the 

central part of the gauge, illuminating an area of about 0.5 mm in diameter.  The 

temperature increase of the specimen due to beam heating during the duration of the 

measurements was determined to be as much as 0.7 °C, as determined by the attachment 

of thermocouples to various locations on a Ni microtensile specimen [43].  The Bragg 

diffraction peaks are fit using the asymmetric Pearson VII function, which is given by 

[50] 
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where θ is the diffraction angle, θo the peak maximum, H the height, w the full width at 

half maximum (FWHM), and α the parameter describing the asymmetry.  ML and MR are 

the left and right decay exponents, respectively, where high values produce a function 

that resembles Gaussian and M = 1 tends to a Cauchy (Lorentzian) profile.  The accurate 

fitting of the peak profiles is implemented via a robust nonlinear least-squares approach, 

which yields fitting residuals that are typically less than three standard deviations [43].  

The strength of the robust fitting lies in the fact that outlier points are given less weight, 

which is important since individual channels of the detector occasionally produce 

spurious signals that can detract from accurate peak fitting using the conventional least-

squares algorithm. 

 

The in situ microspecimen testing apparatus is capable of performing both continuous 

and transient deformation experiments and under ambient and cryogenic conditions.  

Repeated load-unload and stress relaxation tests in the X-ray beam have been successful 

at extracting the underpinning mechanisms governing the elastic and plastic deformation 

of electrodeposited nc- and UFG-Ni [22,51-55].  Continuing in this tradition and utilizing 

the existing knowledge base, the microspecimen setup was extended to test the framed 

freestanding thin film specimens.  Continuous, load-unload, and stress relaxation 

experiments were performed on metallic thin film specimens.  The formation of ice on 

the gage section of these fragile specimens prohibited testing in a cryogenic atmosphere, 

but room temperature experiments provided insight on the deformation of nc-Al 

freestanding thin films. 
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CHAPTER 3: 

DEFORMATION BEHAVIOR OF NANOCRYSTALLINE AL 
THIN FILMS 

 
 
 
 
This chapter describes the efforts to accurately capture the mechanical response of 

nanocrystalline Al thin films under the influence of a uniaxial stress state of tension.  The 

techniques described previously have allowed us to overcome the challenges usually 

associated with handling, gripping, and testing fragile freestanding films and obtain an 

overall view of the manner in which these materials deform.  While these experiments 

allow us to reveal the macroscopic mechanical behavior, the atomistic events governing 

the overall behavior are not transparent.  As a result, detailed microstructural 

observations are a key component of understanding the entire behavior and are 

synergistically combined with the mechanical testing.  The stress strain behavior and the 

ensuing microstructural evolution are thus presented together. 

 

3.1. Macroscopic Response 

 
Here the observation of high strength and unusually high room temperature ductility in 

submicron freestanding nanocrystalline Al thin films is reported. In situ X-ray diffraction 

and TEM analyses demonstrate stress-induced grain growth as a room temperature 
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mechanism that facilitates tensile deformation and directly influences the macroscopic 

mechanical behavior. 

 

3.1.1. As-Deposited Microstructural Characterization 

 
Multiple batches of sputter-deposited nc Al submicron films were synthesized and 

characterized in their initial state.  TEM was employed for grain size and morphology 

characterization, both in plan view and cross-section as shown in Figure 3.1.  Selected-

area electron diffraction (SAED) patterns were obtained to confirm an Al polycrystalline 

material, and the intensity distribution along the diffraction rings demonstrated a random 

in-plane orientation of the grains.  Grain diameters are on average less than 100 nm, and 

while the in-plane morphology shows grains that are relatively equiaxed, cross-sectional 

TEM specimens prepared by tripod polishing of wedges indicate some degree of 

columnarity.  As expected, the grain structure on the Si substrate side is generally finer 

than that of the free surface, which agrees with known mechanisms for polycrystalline fcc 

film growth [1].  Nonetheless, it is apparent that the grains do not extend the entire way 

through the thickness to create a “bamboo” type structure and in general, multiple grains 

comprise the thickness of the film.  Direct measurements from TEM images of multiple 

cross-sections give a grain size aspect ratio (ratio of the size parallel to the surface to the 

out-of-plane size) of 1.4±0.8 with a maximum value of 4.3.  Assuming a grain size of 50 

nm in a 200 nm film, on average there are still approximately three grains through the 

thickness.  The film synthesis also involves the pulsing of the deposition process every 20 

nm or so, and it is clear that no discrete layers or amorphous films are present from this  
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(a) 

(b) 

Figure 3.1: Representative bright field TEM micrographs of sputter-deposited nc- 
submicron Al thin films shown in (a) plan view and (b) cross-section.  The inset in 
(a) shows the diffraction ring pattern expected for fcc-Al. 
 

technique.  The high contrast between adjacent grains in bright field TEM images 

indicate a large fraction of high-angle (large misorientation) grain boundaries, and 

although rare occurrences of grown-in twin boundaries can be found, the interior of the 

grains are generally defect-free. 
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(a) (b) 

(c) (d) 

(e) (f) 

 
Figure 3.2: Microstructures for two batches of Al thin films deposited with the same 
conditions but different nominal thicknesses: (a) 180 and (b) 380 nm.  Grain size 
distributions shown as (c), (d) number fraction and area (e), (f) fraction histograms 
from direct measurements of at least 300 grains.  
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Quantification of the distributions of grain size was a primary concern in this thesis work 

and a significant portion of time was devoted to this task.  The ability to directly image 

the as-deposited microstructures using TEM without subsequent preparation opportunely 

allows for the direct and easy observation of both as-deposited and deformed films.  

Direct grain measurements were made on both bright and dark field TEM images and 

statistical treatments were conducted as shown in Figure 3.2.  Representative grain size 

distributions for films with nominal thicknesses of 180 and 380 nm are shown as 

histograms by plotting both the number and area fractions of binned grain size ranges.  

These results show that thinner films result in finer microstructures with generally tighter 

grain size distributions.  Comparatively speaking, it is clear that a small number fraction 

of large grains (or the tail of the distributions) can manifest as a more significant area 

fraction (and a volume fraction plot would be shifted further) in the distribution.   

 

3.1.2. Deformation Behavior and Microstructural Evolution 

3.1.2.1. Effect of Stress-Assisted Grain Growth on Mechanical Behavior 

 
The tensile tests conducted in this study uncovered two distinct types of mechanical 

behavior and representative curves for each are shown in Figure 3.3.  These two classes 

of behavior are demonstrated for two batches of nc-Al freestanding films: films with 

nominal thicknesses of 180 and 380 nm and initial mean grain sizes of 40 and 90 nm, 

respectively.  The first type of behavior is illustrated by the curve exhibiting the highest 

flow strength and lowest strain to failure (curve #1).  The strength of this film, which is 

10-15 times higher than the strength of coarse grained aluminum [2], the gradual   

 82



 

Figure 3.3: Representative stress-strain curves illustrating two different types of 
tensile behavior of submicron free-standing nanocrystalline aluminum films with a 
thickness and mean grain size of 180 and 40 nm and a third with a thickness and 
mean grain size of 380 and 90 nm. The open symbols correspond to the points where 
post mortem TEM observations were conducted. Data for microcrystalline Al from 
[2]. 
 

deviation from elastic behavior that occurs in the early stages of plastic deformation, the 

limited elongation, and the dramatic strain softening that occurs upon tensile flow 

localization are all attributes that have previously been associated with nanocrystalline 

metals [3-7].   

 

By contrast, the vast majority of specimens tested in this study exhibited intermediate 

strengths, more pronounced deviation from linear elasticity, and the unexpected 
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development of a region of extended plasticity (curve #2). The strain hardening rate in 

this region was found to be remarkably low and constant and the flow strength and strain 

to elongation of these specimens were observed to vary with film thickness and the as-

deposited grain size as shown in Table 3.1; thinner films exhibited higher strength and 

less ductility. This size effect is illustrated by comparing the 380/90 behavior (curve #3), 

in which strains to failure easily reached 20% elongation, with the 180/40 results (curve 

#2) shown in Fig. 3.  These differences will be discussed in more detail in a subsequent 

section in the context of the ability to sustain large uniform deformation prior to the onset 

of a local instability in the form of a neck.    

   

Table 3.2: Results of room temperature Al thin film tensile testing performed at a 
strain rate of =ε& 5 x 10-5 s-1. 

Sample batch    
(# of specimens) 

Film 
thickness 

(nm) 

Initial 
grain size    

(nm) 

Yield stress at 
0.2% offset 

(MPa) 

Ultimate 
tensile 

strength 
(MPa) 

Elongation 
at fracture 

(%) 

Grain growth      

Al 1: 180/40 (7) 187 ± 7 38 ± 16 116 ± 14 190 ± 8 7.0 

Al 2: 380/90 (6) 367 ± 17 95 ± 33 91 ± 9 149 ± 7 22.4 ± 1.2 

Al 4: 300/100 (1) 295 ± 8 104 ± 40 134 153 21.5 

No grain growth      

Al 1: 180/40 (1) 187 ± 7 38 ± 16 287 434 5.2 

Al 3: 165/60 (1) 165 ± 2 62 ± 26 271 398 5.5 

 

The most dramatic difference in the two types of behavior was that some specimens 

developed a region of extended plasticity and some did not.  Post-mortem TEM  
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(b) (a) 

Figure 3.4: Bright field TEM images showing microstructures for two deformed 180 
nm samples.  The microstructure in (a) corresponds to curve #1 in Figure 3.3 and 
minimal grain growth was detected.  By contrast, the microstructure in (b), which 
corresponds to curve #2, exhibited obvious grain growth, even at 2% strain. 
 

observations (Figure 3.4) provided insight to the microstructural changes that govern 

these two types of mechanical behavior.  A qualitative comparison of the microstructures 

of specimens that showed high strength and limited ductility with those that showed 

intermediate strength and extended plasticity shows an obvious disparity.  Namely, 

discontinuous grain growth occurred in specimens which exhibit behavior with regions of 

extended plasticity, while no drastic microstructural evolution was observed in samples 

that retain nanocrystalline type behavior.  It was also surprising that the stress-assisted 

grain growth occurred before the onset of the extended plasticity region as demonstrated 

in a specimen that was unloaded at ~2% total strain and examined in the TEM (Figure 

3.4(b)).  Therefore, it seems that the apparent yield point and the development of the 

regime of constant work hardening in the films are not directly tied to the incipient grain 

growth. 
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(a) 

(b) 

(c) 

Figure 3.5: Bright field TEM images showing the evolution of stress-assisted grain 
growth in 380 nm films for: (a) undeformed, (b) 9% strained, and (c) 23% strained 
microstructures.  Selected-area diffraction patterns are shown at each stage. 

 86



TEM micrographs of the as-deposited and plastically deformed 380 nm films (Figure 3.5) 

provide a more detailed view of the processes associated with the extended plasticity that 

was realized in a majority of the tensile experiments. Direct comparison of the as-

deposited microstructure (Figure 3.5(a)) with those observed after 9% and 23% 

deformation (Figures 3.5(b) and 3.5(c)) provide clear evidence of discontinuous grain 

growth, the number of large grains scaling with the plastic strain.  These bright-field 

observations are reinforced by the selected-area diffraction patterns (using similar 

selected areas for each pattern) that show a transition from continuous diffraction rings in 

the as-deposited sample to more discrete spots in the deformed films. Direct in-plane 

measurements from the TEM micrographs for the deformed samples demonstrate that 

400-500 nm grains were embedded in a sea of smaller grains with the original grain size. 

The difference in microstructure between 9% and 23% strain lies predominantly in an 

increased number of larger grains (those with a mean size of approximately 400 nm) and 

not in an increase in grain size of these existing larger grains.   

 

In other words, the grain size distribution became mixed-modal during loading, and upon 

further loading the matrix of smaller grains grew in a similar discontinuous way while the 

larger mode remained relatively constant. This observation is consistent with thin film 

constraints that place an upper bound on the grain size [1,8-10].  The stagnation of grain 

growth in metals is usually discussed in the context of thermal grooving at grain 

boundaries that induces a significant energetic barrier associated with the increase in the 

boundary line length required to continue migration [9].  However, given the resilient 

alumina oxide layer that forms on Al, one would expect surface diffusion to be depressed 
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and thermal grooving to be rare in Al.  Nonetheless, the asymptotic approach of the grain 

boundary velocity to negligible values (grain boundary drag) has been reported and is 

expected once the grain size reaches about two to three times the film thickness [11-15].  

One plausible explanation invokes a drag or retardation force that is incurred on the grain 

boundaries due to the presence and accumulation of impurities that are swept up as the 

boundary migrates [16].  Experiments on Al films [17], however, indicate that neither the 

concentration of impurities present in the material nor the observed grain size variance 

coincide with this theory.  Although further research is necessary to understand the rate-

limiting driving forces that induce this stagnation, the experiments reported in this thesis 

show that the effect is present and repeatable. 

 

3.1.2.2. Role of the Applied Stress on Grain Growth 

 
A quantitative measure of the grain growth that occurred during deformation is illustrated 

in the form of grain size distributions in Figure 3.6.  Direct comparisons of the 

distributions of the as-deposited and deformed samples demonstrate the discontinuous 

grain growth that has occurred in samples that exhibit extended plasticity.  In addition, 

TEM measurements obtained outside of the gage section of the specimen (in a region 

with much lower stress during testing) showed a grain size distribution resembling that of 

the as-deposited material.  The association of widespread grain growth with tensile 

loading and the observation that this growth is limited to the gage section of these 

specimens highlights the importance of the applied stress in promoting the grain growth 

observed in this study.  Taken as a whole these experimental observations all point to the 

importance of the applied stress in triggering grain growth in these nanocrystalline 
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Figure 3.6: Area fraction histograms of grain size as measured from TEM images 
showing evolution of stress-assisted coarsening as compared with the as-deposited 
microstructure.  Distributions obtained within and outside of the gage section for 
sample #2 indicate the importance of stress in triggering grain growth. 
 

structures.  The role of the stress can also be inferred from previously reported 

observations of localized room temperature grain growth during indentation studies of 

nc-Cu [18,19] and nc-Al [20], although the results from these previous studies were not 

as unambiguous because the large stress gradient under the indenter provides an 

additional driving force for this growth. In the study of nc-Cu [18,19] it is interesting to 

note that grain coarsening and the associated hardness relaxation occurred more rapidly at 

cryogenic temperatures than it did at room temperature. This phenomenon can be 

attributed to the elevated stresses that are required to induce plastic processes [45] at 
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these temperatures.  These experiments confirm that the mechanisms for growth are 

primarily stress, not diffusion or thermally driven. 

 

3.1.2.3. Overall Trends in Mechanical Response 

 
The observation that the mechanical behavior of these nc-Al thin films falls into one of 

two distinct classes of behavior is reinforced by the repeatability of these results.  This is 

contrary to the notion that the extent of the grain growth and its subsequent effect on the 

mechanical response is described stochastically.  Rather, this event appears to be binary, 

where the distinction between tensile behaviors relies entirely on whether or not grain 

growth is triggered by the stress.  This repeatability is shown in Figure 3.7 where a 

comprehensive comparison between the batches of sputter-deposited nc-Al thin films is 

plotted.  Moreover, the good agreement between films tested at JHU and at the in situ 

microspecimen apparatus at the Swiss Light Source (black curve in Figure 3.7) is 

demonstrated and lessens the possibility of experimental artifacts associated with a 

specific testing setup.   

 

It is also apparent that differences in the yield and ultimate strengths of films that exhibit 

the same class of response can be justified by the difference in initial microstructure.  For 

example, two batches of films with a nominal thickness of 180 resulted in a slight change 

in grain size distributions with mean grain sizes of 38 and 62 nm.  Figure 3.7 shows that 

the ultimate strength between these two batches varies by approximately 40 MPa, and 

these differences can be rationalized by considering the strengthening that arises from 

starting with a finer microstructure.   
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Figure 3.7: Set of tensile stress strain curves for Al thin films showing repeatability 
of results and the general demarcation between the two types of mechanical 
behavior. The black curve was measured during load-unload experiments using the 
in situ X-ray technique at the Swiss Light Source, and the tensile straining of this 
sample was terminated prior to failure for microstructural investigation. 
 

Similar differences between the initial microstructure can be examined by normalizing 

the yield strength of these films by the initial mean grain size.  Figure 3.8 shows the yield 

strength divided the Hall-Petch parameter, , where do is the initial mean grain size, 

for several Al deposition batches.  This form of visualization emphasizes the distinction 

between the two classes of behavior; all experiments that resulted in stress-assisted 

discontinuous grain growth during tensile testing collapse around one value while those 

that displayed static microstructures give values that are at least twice as high.  It is  

2/1−
od
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Figure 3.8: Yield stress of Al films normalized by the inverse square root of the 
initial mean grain size showing the different deposition batches.  Specimens 
exhibiting stress-driven grain growth collapse on approximately the same value, 
while those with stable microstructures demonstrate much higher values. 
 

important to note that while normalizing the strength values by the inverse square root of 

the initial mean grain size seems to effectively capture the grain size strengthening, this 

in fact could be fortuitous.  The Hall-Petch strengthening mechanisms that have been 

postulated (for a review of these, see [21]) and require significant free mean paths for 

dislocation motion (larger than then the mean distance between boundaries) are not 

expected to be active when the grain size is in the regime studied in this thesis.  

Nonetheless, a grain size scaling is seen and the normalization by the initial mean grain 

size also seems to distinguish between these two classes of behavior. 
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Figure 3.9: Hall-Petch plot with yield strength of nc-Al plotted vs. the inverse square 
root of the mean grain size.  The data for this thesis work are plotted as red 
triangles and compared with other experimental values [22-26], along with 
empirical predictions for yield strength based on the Hall-Petch coefficient [27].  
 
 
The dependence of the yield strength on grain size as compared to other available 

experimental data for ultrafine [22-25] and nc-Al [26] is shown in a Hall-Petch plot in 

Figure 3.9.  The data presented in this thesis are shown as red triangles, and specimens 

that exhibited stress-driven grain growth are denoted by double points with arrows 
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connecting the initial and post-mortem mean grain sizes to demonstrate the evolution that 

occurs during testing.  The “dynamic” Hall-Petch plot (also illustrated by the shaded gray 

region) that is shown is an attempt to describe how this mechanism for relaxation of 

stress can shift that data toward larger grain sizes.  A modified semi-empirical Hall-Petch 

model given by Hansen that accounts for a variable grain boundary strengthening 

parameter (usually given as the “locking” parameter k) [27] is also shown as a solid line.  

While there are very limited experimental studies of the yield behavior of nc-Al, it 

appears that these extrapolations of Hall-Petch models generally underestimate the 

experimental values of the strength of materials with static microstructures.  

 

One apparent implication of this stress-driven grain growth mechanism is the material’s 

ability to sustain large uniform amounts of plastic deformation, while maintaining a 

moderate level of stress over that expected for pure microcrystalline Al.  This 

compromise in obtaining moderate strength and quite large amounts of ductility presents 

a unique opportunity from the vantage point of designing structures with resistance to 

fracture.  Accurate measurements of fracture toughness in these freestanding submicron 

thin films present a significant technical challenge and require dedicated study and the 

development and implementation of novel techniques.  Nonetheless, the tensile 

experiments and the measurement of full stress strain curves allows for the measurement 

of the total strain energy density (energy per unit volume) that is an indication of the 

material’s ability to dissipate energy.  This value of toughness can be simply calculated 

by the area underneath the tensile stress strain curve and is shown for several films in  
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Figure 3.10: Total strain energy density for several Al specimens as measured by the 
area under the tensile stress strain curves.  The data indicates that grain growth 
arising from deformation could lead materials with higher toughness.  All 
experiments plotted here were tested at the same strain rate. 
 

Figure 3.10.  While there is no clear trend of strain energy density with initial grain size, 

these measurements indeed point toward higher toughness if microstructural evolution is 

active in these films, which agree with in situ TEM observations of crack blunting by 

growing grains at the tip of the propagating crack, which will be discussed in a 

subsequent section. 

 

The elastic properties of these thin films have also been characterized whenever possible.  

The observations of microstructural evolution during tensile loading and the result that 
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the attendant behavior appears to depend on the loading history precluded the repeated 

elastic unloadings that are necessary for accurate and statistically confident elastic 

measurements in fcc metals.  Nevertheless, in the experiments where the material was 

unloaded elastically, a Young’s modulus of 71 GPa was measured, which agrees well 

with the commonly accepted bulk value of 68 GPa [2] although is higher than the value 

of 57 GPa measured by Huang and Spaepen on 3 μm thick freestanding Al films [46].   

 

3.1.3. Effect of Geometry on Thin Film Deformation 

 
Systems with unique geometry and large aspect ratios such as those encountered in thin 

film studies like the one described here demand special consideration.  Planar devices 

with dimensions that are relatively large in comparison to the internal microstructure in 

two dimensions but have limited extent in the third direction that approach internal length 

scales could exhibit abnormal effects.  These differences have catalyzed the study of the 

mechanics of film deformation and situations where materials demonstrate limited 

bending rigidity, for instance, have been addressed in a continuum framework [1]. 

 

An important property that can govern a material’s ability to undergo large uniform 

deformations is the resistance to tensile necking.  It is well known that a material can 

offset this plastic instability by developing significant strain hardening, as given by the 

Considére criterion that predicts the onset of a necking instability by: 
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where σ and ε are the true stress and strain values, respectively.  This essentially gives the 

criterion where the softening due to geometry prevails over the material hardening.  The 

Hart criterion [28], as defined by 

( m−=⎟
⎠
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) ,    (3.2) 

includes the contribution for the strain rate sensitivity of a material, m,  and shows that an 

elevated value of m can resist inhomogeneous deformation, as outlined in [6].  In fact, it 

is this notion for which superplasticity in materials is attributed to [29].  In both cases, the 

capacity to sustain deformation mechanisms that strain harden a material is a necessary 

condition for obtaining significant uniform ductility.  These requirements have led to 

some degree of doubt about whether achieving large amounts of ductility in nc-metals is 

in fact possible given their inability to develop intragranular dislocation networks that 

will cause the material to work harden.  Strategies for circumventing these problems in 

nc-metals have been proposed [6]. 

 

Necking in freestanding thin films manifests itself in a unique manner given the little to 

no resistance to elastic compressive buckling that the special geometry imparts.  In fact, a 

simple Euler buckling analysis of these films show that the buckling loads are negligible 

and as a result these films can not withstand any compressive stresses before buckling, 

assuming that the passivation layer does not contribute to the load-carrying capability.  A 

primary consequence of this is that, during this period of local instability that forms upon 

developing a tensile neck, the large transverse strains that are incurred cause periodic  
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(a) 

(b) 

 
Figure 3.11: Images of the gage section of a tensile sample during deformation: (a) 
taut surface during the majority of loading and (b) necked region during plastic 
instability at the end of a test.  Large transverse strains manifest as periodic 
wrinkles as illustrated by an intensity profile along a direction shown by the arrow. 
 

undulations of the material surface.  This phenomenon is shown in Figure 3.11 where a 

taut film surface that is present during the majority of deformation is compared to the 

buckled film during a tensile neck.  The development of such necking corresponds 

perfectly to the sharp decrease in stress that directly precedes failure in these films. 

 

The sinusoidal buckling instability that is observed here has been reported and studied, 

usually in polymer/metal hybrid material systems, and has been exploited to create 

tunable phase gratings for the modulation of laser light [30] and even to measure the 

elastic modulus of polymeric films [31].  As shown in Figure 3.11, the associated 
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sinusoidal buckling pattern appears to align perpendicular to the direction of the 

maximum principal compressive stress.  The wrinkling occurs as a result of the 

competition between the relaxation of the in-plane strain and the elastic bending stresses, 

where the classical equilibrium equation giving the out-of-plane displacement, w, of a 

compressed film is [32] 
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where E is the elastic modulus, hf the film thickness, ν the Poisson’s ratio, and σo the 

compressive stress.  If the shape of the film is described as a general sinusoidal profile,  
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where λ is the wavelength of the surface undulation and the amplitude A is assumed to be 

low (hf << λ), then we can arrive at the following expression: 
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These expressions are useful for instabilities of plates and sheets with very specific 

boundary conditions, but are not tractable for a sheet loaded in tension with a transverse 

inextensibility condition as seen in these thin films.  This situation as a result has been the 

subject of recent interest.  Cerda and Mahadevan [33,34] have observed similar wrinkling 

instabilities in polyethylene sheets loaded in tension and have solved the nonlinear partial 

differential equations that govern wrinkling in sheets, known as the Foppl-von Karman 

equations [35], using a semianalytical approach [34].  The basic idea is given here 

following [34].  When a thin isotropic elastic sheet of thickness t, width W, and length L, 
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where , is subjected to a longitudinal stretching strain, ε, wrinkling will occur 

past a critical strain, εc.  This arises from the clamped boundary conditions that prevent 

the film from contracting laterally near the grips, thus inducing a local biaxial stress.  At 

the critical stretching strain, the film will buckle to accommodate the Poisson effect and 

the resulting strain incompatibility.  The wavelength and amplitude of these wrinkles can 

be solved [34] by minimizing the energy in the sheet, given by , 

where the bending occurs along the transverse direction.  These terms are given by  

LWt <<<

stretchingbending UUU +=

( ) ( ) LWL
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22

2
3    ;   ελ ≈≈ .  (3.6) 

However, these equations are subject to the constraint of transverse extensibility, which 

gives (A/λ2) ≈ νε.  Substituting this gives the total energy as 
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and minimizing U with respect to λ gives 

( ) 4/12/1 ελ tL≈ .     (3.8) 

Substituting in the transverse inextensibility gives a relation for the amplitude, 

4/12/1)( ενtLA ≈ .     (3.9) 

A more in-depth calculation by Cerda and Mahadevan [34] gives exact forms for the 

wavelength and amplitude of the wrinkles, where the pre-factors are given by 
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These compressive stresses that lead to the periodic buckling of the film occur only when 

a plastic instability in the form of a tensile neck is present.  This necking occurs once the  
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Figure 3.12:  Full-field strain measurement of a tensile sample during the large 
plastic strains that are incurred during localized flow.  Shown are the raster for 
image correlation (green), the longitudinal (yellow) and transverse (blue) 
displacements, and the scaled longitudinal (purple) and transverse (magenta) 
strains.  
 

uniform plastic deformation is exhausted (e.g. when the rate of strain hardening is equal 

to the true stress) and the deformation is focused to a highly localized region of the gage 

specimen.  The consequence of this neck is a preferential contraction of the width in the 

necked region that leads to a complicated stress state that enhances the localized 

deformation and finally leads to rupture of the film.  In order to conserve volume 

(assuming plastic deformation induces negligible dilatational strain), this local 

contraction of the width results in a local elongation of the specimen gage length that is 

comparable to the film width. 
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Figure 3.13: Maximum longitudinal strain measured in a tensile specimen directly 
before failure.  Note that the highly localized zone corresponds to approximately the 
film width (~ 600 μm).  The error bars for the point-to-point strain measurement 
represent the gage length between points chosen for the corresponding strain 
measurements. 
 

Our digital image correlation and tracking technique fortunately allows us to quantify this 

non-uniform deformation that occurs during a tensile necking instability.  As shown in 

Figure 3.12, a raster grid that was placed over the sample gage section resulted in a 

measurement of both the longitudinal (stars) and transverse (circles) strains.  The plotted 

strains just prior to rupture show a profile in the axial direction that is strongly localized 

over a length that is comparable to the specimen width.  This localization of the strain 

during necking is also reinforced in Figure 3.13, where the gradient of the strain along the 

tensile axis of the specimen is plotted prior to failure.  What was most surprising is that 

the ratio of the longitudinal to transverse strains during this period is only slightly higher 
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than unity, which implies that the specimen contracted nearly as much as it elongated.  

This would imply, assuming a constancy of volume framework, that only a fraction of the 

strain measured in the longitudinal and transverse directions is necessary in the through-

thickness direction to conserve volume.  This implication will be discussed in a 

subsequent chapter. 

 

Substituting the maximum value of longitudinal strain ( %25≈ε ) measured at the critical 

point (Figure 3.13) for wrinkling in this film into Equations 3.8 and 3.10 for the 

wavelength of undulations, and using L = 1.9 mm (gage length), t = 380 nm, and ν = 0.35 

gives λ ~ 70 μm, which agrees with the experimentally measured (Figure 3.11) 

wavelength of 90 μm.  This observation points to the fact that the wrinkling is mostly a 

phenomenon described by an elastic instability as a result of the large strains incurred in 

these thin films.  Given the weak dependence of Equation 3.8 on thickness (a parameter 

with a significant amount of uncertainty), the measurement of the wavelength of these 

wrinkles (e.g. direct optical measurement, laser diffraction, measurements in Fourier 

space)  could be used as a mechanical characterization tool.  For example an estimate of 

strain in the sample at the critical point for wrinkling could be obtained. 

 

The unique effects that arise in these Al submicron freestanding films due to the series of 

plastic (local necking) and the subsequent elastic (periodic buckling) instabilities that 

occur could induce complicated stress states that diverge from simple uniaxial tension 

and are interesting phenomena that deserve further study.  However, the observation that 

these events coincide with the very late stages of plastic deformation and the fact that 
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stress-driven grain growth happens in the early stages of plasticity suggest that the 

wrinkling that develops and the grain growth are not strongly correlated.  Of course, the 

critical bifurcation point for necking is known, as discussed previously, to depend on the 

ability to strain harden, which is facilitated by the grain growth that occurs. 

 

3.2. Effect of Deformation on Intragranular Defect Storage 

 
It is widely accepted that nc-metals can sustain dislocation activity within the interior of 

the grains even down to extremely small grain sizes, but are limited in their capacity to 

develop the dislocation networks and interactions that are necessary for global strain 

hardening [36].  In these nc-Al thin films, the as-deposited microstructure was 

dislocation-free, but the formation of dislocation networks was observed in the larger 

grains of the deformed samples (Figure 3.14). Observations of well-defined individual 

dislocations were rare but tangled groups of dislocations were common.  These 

dislocation networks were observed in a substantial percentage of the large grains, and 

the dislocation density was found to be qualitatively higher in the sample that was 

strained to 23% than the one strained to only 9%. 

 

The stored dislocation density inside of a grain such as that shown in Figure 3.14 can 

provide an estimate of the defect density that occurred from plastic deformation.  This 

weak-beam dark field image provides ample dislocation contrast and so the total 

projected line length can be calculated directly.  Considering the fact that such a two-

dimensional image is in fact a projection of three-dimensional defects and following 

 104



 

Figure 3.14: A weak-beam dark field TEM image of a sample deformed to 23% 
strain illustrating dislocation tangling and storage.  Dislocation debris was observed 
in a majority of the large grains, and the dislocation density in grain G1 was 
estimated to be ~ 1013 cm-2. 
 

Hirsch [37], the true defect length R can be calculated using a stereological correction 

given by 

( ) pRR π
4= ,     (3.11) 

where Rp is the projected length as shown in the TEM image.  The dislocation density is 

subsequently given as 

At
R

=⊥ρ ,     (3.12) 

where A and t are the grain area and thickness, respectively.  Assuming the grain in 

Figure 3.14 can be modeled as an ellipse, calculating its corresponding area, and using 
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Figure 3.15: A large grain in a specimen that has undergone stress-driven grain 
growth that displays more microcrystalline “evidence” of stored plasticity, including 
sub-grain formation and dislocation arrays. 
 

the thickness as measured by profilometry, the dislocation density is estimated to be 7 x 

1013 cm-2.  It is important to note that this represents a lower limit, as dislocations with 

Burgers vectors oriented perpendicular to the diffraction vector will not be visible in the 

image.  Nonetheless, this density represents a significant amount of plastic work, on the 

order of what is measured for heavily deformed (e.g. cold-worked) bulk metals [38]. 

 

The large grains, which have grown due to the stress applied on these samples, appear to 

be able to sustain microcrystalline deformation mechanisms with the capacity to strain-

harden the material.  Residual deformation structures after loading these specimens to 

 106



failure are apparent in the form of dislocation arrays and sub-grain formation, for instance 

(Figure 3.15). 

 

3.3. In Situ Synchrotron Peak Profile Analysis 

 
Central to the concept of uncovering deformation mechanisms that accommodate 

plasticity in crystalline materials is the existence or absence of defect structures upon 

unloading the elastic portion of deformation as discussed in the previous section.  For 

example, the build-up of dislocation networks during plastic deformation of large-grained 

materials is typically non-reversible and leaves a residual footprint that can be observed 

directly via TEM or indirectly by X-ray diffraction techniques. 

 

In order to further elucidate the deformation mechanisms, the nanocrystalline thin films 

were deformed in situ at the Swiss Light Source and the position and broadening of 

multiple Bragg diffraction peaks were recorded during deformation.  X-ray peak profiles 

for the (111), (200), (220), and (311) diffraction peaks of several nc-Al submicron 

freestanding thin films were analyzed using similar software as reported in [39].  The 

evolution of the full-width at half maximum (FWHM) values of the (111) Bragg peak is 

contrasted with the stress-strain behavior in Figure 3.16.  The first few load-unload cycles 

were conducted in the linear-elastic regime, and variations in the peak broadening of the 

different peaks were measured as shown for the (200) and (220) peaks in the insets of 

Figure 3.17.  The observed differences in inhomogeneous strain accommodation (the 

FWHM of the (111) peak and the (200) peaks do not increase, whereas broadening starts 

to be observed for the (220) and the (311) reflections) are consistent with theoretical 
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Figure 3.16: The stress-strain behavior in a series of load-unload tensile tests on a 
380 nm film using the in situ X-ray diffraction apparatus.  The inset in (a) shows the 
first several loading cycles and demonstrates the progression from elastic to plastic 
behavior. 
 

models based on elasticity, which predict that under certain conditions (e.g. no texture 

and strain is described by a weighted average of the strain calculated under the 

assumptions of strain (Voigt) and stress (Reuss) continuity) peak broadening due to 

elastic anisotropy only shows up in certain families of peaks [40].  These models predict 

that broadening will vanish for the reflections of the type (h00) and (hhh) and that a 

perfectly isotropic polycrystalline material will not exhibit any elastic component of 

broadening.  This is confirmed in Figure 3.17 by noting an increase in the FWHM above 

the noise level for the (220) peak during elastic loadings (up to and including the magenta 

curve), while the FWHM fluctuates about the noise floor for the (200) peak. 
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Figure 3.17: The Bragg diffraction peaks were tracked continuously over an angular 
range of 60° (2θ) during these experiments and the full-width-half-maximum 
(FWHM) was measured as a function of applied strain.  Broadening data are shown 
for all peaks.  The reversible nature of the FWHM in the early cycles (up to and 
including the black curve) is indicative of nanoscale deformation mechanisms, while 
the development of irreversible peak broadening (blue and green curves) suggests a 
transition to microcrystalline plasticity. The specimen did not fail but was unloaded 
at 9% strain and used for TEM characterization.  This behavior is consistent with 
all measured crystallographic peaks.  Insets show the elastic loading for the (220) 
and (200) peaks. 
 

Cyclic loadings that extended just beyond the elastic limit (magenta, olive, and black 

curves) resulted in steadily increasing but fully reversible peak broadening. This 

observation of plastic deformation without permanent peak broadening is similar to that 

reported for electrodeposited nanocrystalline Ni [39] and indicative of nanocrystalline 

deformation mechanisms that avoid dislocation interactions and intragranular dislocation 

storage. 
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Figure 3.18: Peak broadening measured at different stages of deformation as a 
function of the scattering angle during a load-unload experiment, showing the 
anisotropy of the FWHM.  All measurements shown here represent an average of 20 
static runs of the X-ray spectra. 
 

The peak broadening increased substantially during the early stages of extended plasticity 

(blue curve) and then remained approximately constant (green curve). Unloading at 3 and 

9 percent strain revealed the development of a non-reversible component of peak 

broadening that suggests a transition from nanocrystalline to more traditional 

microcrystalline deformation mechanisms involving dislocation tangling and storage, as 

evidenced by the TEM observations of the sample strained to 9%.  The saturation in peak 

broadening in the region of extended plasticity may be explained by the competition 
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between two mechanisms: grain growth that reduces the FWHM and dislocation activity 

that increases the FWHM. 

 

The evolution of the peak width during the load-unload experiments for a 380 nm thick 

film are summarized in Figure 3.18, where the anisotropy of the broadening is evident by 

plotting against the scattering angle (different crystallographic planes).  The 

measurements shown in this figure represent an average of 20 static run measurements, 

where multiple diffraction spectra are collected while the specimen is at rest.  The peak 

broadening during the final loading where a significant amount of plastic work has 

accumulated is well above the initial value for all measured peaks, and a residual amount 

of broadening is apparent upon unloading at approximately 10% strain for all peaks.  The 

amount of broadening is confirmed to be diffraction order dependent.  These results 

indicate that the storage of deformation that leaves permanent inhomogeneous strain 

upon removing the applied load is widespread. 

 

In addition to tracking the evolution of the peak broadening during deformation, the peak 

position can give indirect information about the deformation processes that are occurring.  

The peak position, which provides an estimate of the mean elastic strain in the sample 

vis-à-vis the interplanar spacings is shown as a function of strain in Figure 3.19 for the 

(111), (200), (220), and (311) peaks.  The peak position increased monotonically during 

each loading cycle, showing an initial linear behavior representing elastic deformation, 

and deviated from linearity in accordance with the stress-strain behavior.  The peak shift 

saturated at the approximate onset of the extended plastic region, and only slight 
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Figure 3.19: Peak position as a function of true strain in the series of load-unload 
tests illustrated in Figure 3.16 for all measured peaks.  The peak position 
monotonically increases for each loading cycle, and the deviation from linearity 
shows the transition from elastic to plastic processes. 
 

increases were measured during this regime.  These increases beyond the elastic response 

are most likely indications of the composite-like nature of deformation when 

discontinuous growth has occurred, in which large grains are deforming plastically (no 

corresponding peak shift), while small grains are accommodating deformation by elastic 

processes. 

 

The position of the peaks during the initial loadings in the elastic regimes can also 

provide a detailed picture of the manner in which the material may accommodate any  
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Figure 3.20: Peak position vs. true strain for all peaks in the elastic and microplastic 
regions showing the accommodation of the homogeneous strain in the specimen as a 
result of deformation. 
 

residual stresses that are present as a result of the deposition process.  The high density of 

interfaces in nc-metals can result in heterogeneous defect distributions that lead to 

complex internal stress states compound the problem, as evidenced by strong contrast 

gradients in TEM images [36] and high root-mean-square strains measured by X-ray 

diffraction [39].  For example, a residual in-plane biaxial compressive stress, as would be 
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expected in sputter-deposited polycrystalline fcc films of this thickness, would manifest 

as a lower apparent dhkl spacing than that of an unstressed crystal, (dhkl)o.  Average 

measurements from static runs performed prior to testing and after each unloading (and 

removing any change in peak position from applied elastic strains) give insight into this 

accommodation process, as shown in Figure 3.20 for the 380 nm film.  Here the peak 

position for all crystallographic peaks increases substantially initially on the first 

unloading.  Subsequent loadings result in the gradual decrease in the peak position until 

the sixth loading cycle, which corresponds to exactly the point where the behavior (as 

given by both stress and peak position vs. strain) first deviates from linearity.  At this 

point, the peak position reaches a steady-state and does not change significantly upon 

further straining.  These results indicate that the deformation process (especially the 

elastic portion) relaxes the internal stress state and in general results in an in-plane state 

that is more tensile than the as-deposited condition. 

 

The load-unload experiments were repeated on a different batch of nc-Al thin films with 

a nominal thickness of 180 nm and an initial mean grain size of 30 nm.  These films were 

deposited at a base pressure of approximately 10-6 Torr (an order of magnitude higher 

than the films previously discussed) in an effort to study the effect of impurities on stress-

dominated microstructural evolution.  The results of this study will be discussed in 

Chapter 5.  The methodology for the in situ load-unload experiments was slightly altered 

by performing a greater number of unloads in the microplastic and plastic regimes since 

the incipient grain growth is known to occur in the early stages of plastic deformation.  In 

addition, the specimen was kept at a small but positive stress upon unloading for about 20  
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(b) (a) 

Figure 3.21: (a) Stress-strain and (b) stress-time behavior for a 166 nm nc-Al film 
deposited at a base pressure of 10-6 Torr.  The behavior is associated with stress-
assisted grain growth, and the load-unload cycles are numbered. 
 

minutes (while continuously collecting diffraction spectra) to allow for the investigation 

of possible post-loading relaxation processes.  These experiments are similar to those 

conducted on electrodeposited nc-Ni [41]. 

 

The loading cycles for the 180 nm Al specimen are shown as stress-strain and stress-time 

curves in Figure 3.21, where the loading, unloading, and static portions of the experiment 

are denoted by the red, blue, and black curves, respectively.  The stress-strain curves 

demonstrate that the specimens were not unloaded completely on each cycle (stopped at 

~ 50 MPa) in order to prevent buckling of the thin film that would cause drastic intensity 

changes in the X-ray diffraction spectra.  The mechanical response is similar to that 

observed previously, where the curve deviates from elasticity in the 2nd and 3rd loadings, 

reaches a plateau of the stress, and subsequently develops a plastic region of relatively 

constant work hardening before finally developing a neck.  In fact, the curve measured at  
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Figure 3.22: FWHM as a function of time for the {111} diffraction peak for a series 
of load-unload experiments corresponding to the stress-strain behavior shown in 
Figure 3.23. 
 

the SLS agrees very well with another specimen that was tested at JHU and underwent 

stress-driven grain growth.  The specimen tested here was not taken to final failure and 

was unloaded to retain for post-mortem TEM observations.  The stress-strain curve also 

indicates that the highest rate of apparent strain hardening occurs in the 4th loading, while 

the onset of the stress plateau happens in the 8th cycle. 

 

The FWHM values for the {111} diffraction peak as a function of time and 

corresponding to the stress-strain behavior are shown in Figure 3.22.  Two 

distinguishable features are evident from this figure and from the behavior of the peak 

profile.  The first confirms from previous experiments that the initial loading in the  
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Figure 3.23: Peak position as a function of time for the {111} diffraction peak for a 
series of load-unload experiments corresponding to the stress-strain behavior shown 
in Figure 3.23. 
 

microplastic region (beyond the linear elastic regime as given by both the stress and the 

peak position) in the 1st, 2nd, 3rd, 4th, and 5th cycles results in a recoverable peak 

broadening, which indicates that plasticity mechanisms that generate inhomogeneous 

strain but do not leave a residual footprint are active.  In contrast, a non-recoverable 

component of the FWHM is generated beginning in the 6th cycle that increases with 

progressive deformation and is diffraction order-dependent.  Another feature that is 

apparent is the development of a time-dependent peak broadening during the unloaded 

rest state, which is first detected in static measurements proceeding the 8th cycle.  The 

peaks slowly sharpen over the period of 20 min, and this behavior is present for all peaks.  

This relaxation period corresponds to the stress plateau region and surprisingly 
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counteracts a visible but small stress increase during the static runs.  This increase in 

stress is also accompanied and confirmed by an increase in the peak position, as shown in 

Figure 3.23.  The fact that the broadening relaxes upon unloading after incurring some 

strain hardening indicates either a change in deformation structure (dynamic recovery of 

dislocations) or that grain growth has occurred.  Indeed, the modeling of a complicated 

and strongly heterogeneous stress distribution that develops as a result of having a 

combination of soft and hard grains that interact together to accommodate the applied 

load requires microstructural input.  Nonetheless, a distinction between mechanisms that 

occur in the microplastic region can be distinguished from macroscopic plasticity are 

clear and have been observed elsewhere [41]. 

 

To complement the experiments described previously and to gain additional insight into 

the processes that govern deformation in these nc-Al thin films, longer stress relaxation 

experiments were performed in the X-ray beam.  Figure 3.24 shows an Al 380/90 

specimen was deformed beyond the elastic limit at which point the crosshead was fixed 

and the stress in the specimen was allowed to relax.  Meanwhile, diffraction spectra were 

collected and the peak position and FWHM were tracked over a time in excess of one 

hour.  The results for the (111), (200), (220), and (311) peaks are plotted in Figure 3.25 

and normalized by the maximum value obtained at the onset of the relaxation. 
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Figure 3.24: Stress relaxation experiment on a 380 nm Al thin film with an initial 
mean grain size of 90 nm, performed on the in situ X-ray diffraction apparatus. 
 

In all measured peaks, the stress reduction (shown in red) is accompanied by relaxations 

of both the peak position and the peak broadening.  The decrease in both the mean strain 

and the inhomogeneous strain confirms that the specimen was deformed beyond the 

elastic limit and that elastic stored energy is being converted to plastic deformation.  

Figure 3.26 shows that the peak broadens to values similar to those achieved in a load-

unload experiment on the same batch of samples (Figure 3.18) and in most cases relaxes 

to levels corresponding to just beyond the elastic limit in the load-unload tests.  Unique 

undulations in the peak broadening during relaxation that are above the noise level 

without corresponding changes in the peak position or the stress were also observed, 

particularly in the (200) and (311) peaks.  Given that the maximum FWHM reached in 

these peaks correspond to levels in the load-unload experiments that resulted in an  
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Figure 3.25: Evolution of stress, peak position, and peak broadening over time 
during a stress relaxation experiment of a 380 nm Al film for all measured 
crystallographic peaks. 

 

irreversible component of the peak broadening upon unloading, one might expect that 

relaxation of stored dislocation networks are occurring during these undulations.  

However, the time scales associated with the non-monotonic FWHM changes are entirely 

too long to attribute to either single dislocation or ensemble movement.  On the other 

hand, one could envision a slower microstructural evolution in the form of GB migration 

that would result in a competing process that decreases the FWHM. 

 

 120



 

Figure 3.26: Peak broadening measured at different stages of deformation as a 
function of the scattering angle during a stress relaxation experiment, showing the 
anisotropy of the FWHM.  All measurements shown here represent an average of 20 
static runs of the X-ray spectra. 
 

These in situ diffraction experiments point to the notion that nanocrystalline plastic 

deformation mechanisms that do not leave a residual footprint are active in the initial 

stages of plasticity.  Subsequent loading and the onset of stress-triggered discontinuous 

grain growth then facilitates mechanisms that result in stored dislocation structure that do 

allow for the full recovery of the peak width.  Therefore, the room temperature grain 

growth allows for and supports the transformation from nanocrystalline to 

microcrystalline mechanisms. 
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In summary, TEM observations of the 180 nm samples, see for example Figure 3.4, 

indicate that grain growth does not occur in all samples (approximately 80% of samples 

measured in this study showed grain growth after deformation), but when it does, growth 

commences in the early stages of plastic deformation and is crucial for the formation of 

the region of extended plasticity.  Measurements of high initial strain hardening, a high 

ultimate strength, flow softening, and limited plasticity are associated with the presence 

of a stable nanocrystalline microstructure. By contrast, samples that undergo 

discontinuous grain growth exhibit very different mechanical behavior. The larger grains 

are initially dislocation-free (Figure 3.4(b)) but facilitate dislocation-based 

microcrystalline plasticity, as evidenced by the observation of dislocation debris 

formation and irreversible peak broadening at larger strains. Similar behavior was 

exhibited in the 380 nm films, and the flow stress in these samples appeared to scale with 

the grain size, which is governed by the film thickness. A comprehensive description of 

the stress-strain behavior will require the development of a composite-like model of hard 

(original small grained) and soft (large grained) regions, but the onset of extended 

plasticity appear to be related to an achieved percolation or connectivity of large grains.  

Such a model describing yield behavior of nanocrystalline materials was recently 

developed within a micromechanics framework to account for a distribution of grain sizes 

[43,44].  The utility of this model is clearly demonstrated in systems with a static 

microstructure during the course of deformation [43] and more recently for a time-variant 

grain size distribution [44], but the lognormal distribution that was used does not 

physically capture the discontinuous microstructural evolution observed in this study. 
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3.4. In Situ TEM Tensile Testing Observations 

 
The in situ X-ray diffraction experiments provide useful information regarding the 

evolution of the mechanisms accommodating plastic deformation in these nc-Al thin 

films.  However, the method is limited in two regards: first, the measurements are 

inherently indirect and require a comprehensive understanding of the relation between 

events in reciprocal (diffraction) space and real microstructural and atomistic events.  The 

second point is that the sample beam probes a volume of material that includes many 

grains and thus represents an average description of the unfolding events.  While the 

latter point is in fact desirable to obtain statistically significant information that is a more 

accurate portrayal of the macroscopic rate-limiting activities, it also clouds a direct image 

of the events that are occurring at the local atomic level. 

 

In situ TEM mechanical testing is therefore a powerful complement to the more indirect 

measurements that were previously described as well as the characterization of the 

macroscopic mechanical response. Nanocrystalline Al films with an initial average grain 

size of 40 and 90 nm have been tensile tested in situ in a TEM at room temperature.  All 

of the experiments reported here were conducted by Dr. Marc Legros at CNRS 

(Toulouse, France) on the Al thin films synthesized for this thesis work.  For this reason, 

a complete description of this work will not be presented here; rather, the significant 

observations that provide insight to the phenomena described in this dissertation will be 

given. 
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(a) (b) (c) 

Figure 3.27: (a) Sketch of the set up of the free standing nc-Al film on a deformable 
Cu grid.  (b) Bright and (c) dark field micrographs showing an initial crack in a 380 
nm thick Al film prior to deformation.  Figure courtesy of Dr. Marc Legros. 
 

Films were strained in a displacement-controlled mode at 300 K in a JEOL 2010, 

operating at 200 kV. Depending on the imaging conditions, images were recorded in 

conventional bright field or weak-beam dark field.  The displacement rate of the straining 

holder was operated at speeds between 100 and 500 nm/s.  The in situ experiments are 

conducted by applying deformation pulses of ~ 1 s after which relaxation processes 

where observed. The waiting time between nanostructural changes and the application of 

strain vanishes once plasticity is initiated. 

 

Figure 3.27 shows the testing configuration where a strip of Al is glued to a deformable 

Cu grid with contact cement and Ag paint to maximize electrical conductivity and the 

observations are focused at the root of a pre-crack in the specimen (usually a result of 

handling and mounting).  The grain structure prior to loading is evident in Figure 3.27(c), 

where the grain size is similar to the as-deposited state with the exception of the grain 

directly at the root of the crack tip, which is enlarged. 
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Figure 3.28: (a-c) Dark field micrographs taken with the same diffraction vector 
during an in situ TEM tensile experiment. Figure courtesy of Dr. Marc Legros. 
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One observation is highlighted in Figure 3.28, where a sequence of dark-field images 

during deformation of an Al film over an interval of several minutes is shown, beginning 

with an image of a grain at the tip of a crack that has already grown substantially in size 

from the as-deposited state.  Grain A was seen to elongate along the direction of the 

tensile axis, and local elongations of up to 300% were observed.  The direction of the 

tensile axis indicates that the crack is operating in a mode-I configuration, indicating that 

the large stresses at the tip of the crack are driving the grain growth.  In addition, 

measurements of the crack opening between points M and N correlate with the elongation 

of grain A, which occurs by a combination of grain boundary migration that is not limited 

by the film thickness and intragranular dislocation activity. 

 

Another demonstration of GB migration under the influence of deformation is illustrated 

in the sequence of dark field images in Figure 3.29.  Here an individual facet of grain A 

migrates toward the left boundary of grain B, and subsequently moves to increase the 

common interface length between the two grains.  These two grains have already grown 

to the size where dislocation activity within the grain is apparent, yet GB migration is still 

evident.  GB velocities during this sequence of events was estimated to be 5 to 10 nm/s in 

the initial movement that connects the boundary, while rates as high 50 nm/s were 

observed during the “zip-up” period shown between Figure 5(d) and (e).  It is important 

to note that the grain boundary movement did not initiate or require any GB dislocation 

emission, even though defect activity was present inside the grains. 
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Figure 3.29: Grain growth occurring by fast GB motion: (a) 0 s, (b) 1.2 s, (c) 18.16 s, 
(d) 29.04 s, (e) 29.24 s, and  (f) sketch of the successive positions of the GB. Figure 
courtesy of Dr. Marc Legros. 
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The final observation presented here demonstrated a phenomenon that was recurrent, 

specifically the forward and reverse motion of GBs under the same sense of the applied 

stress.  In other words, boundaries moved back and forth without reversing or unloading 

the deformation.  From Figure 3.30(a) to (c), grain A (about 100 x 200 nm) grew only 

locally by the motion of a portion of its right GB towards the right (indicated by white 

arrows). Considering only the tip of this "nose", the velocity of the grain boundary 

reached 80 nm in about 6 minutes leading to an approximate speed of 0.2 nm/s. With no 

apparent change in the surrounding microstructure, nor in the tensile stress (mobile jaw 

had continuously been pulling on the sample during this sequence), the outgrown GB 

portion suddenly retracted (Figure 3.30(c) to (d)) and in Figure 3.30(d), grain A had 

returned to a configuration that was close to the original in Figure 3.30(a). A few minutes 

later, the crack tip occupied the location of the outgrown GB (Figure 3.30(e)) and it can 

be seen that grain A had grown again since Figure 3.30(d). The local speed of grain 

boundary motion between Figure 3.30(c) and (d) was estimated to be 30 nm/s, that is 100 

times faster that in the left to right direction (Figure 3.30(a) to (c)), which is comparable 

to the GB speed calculated in Figure 3.29.  The back and forth motion observed here 

could be explained in the context of an energy barrier that was not overcome, possibly 

due to impurity solute drag [16].  Another explanation is based on the notion that stress 

couples directly with the boundary, and upon migrating the local boundary character 

changes.  It has been shown [42] that this coupling is described by a geometric model that 

contains a discontinuous branch across the boundary misorientation space.  In other 

words, it is plausible that the local change in boundary character causes a change  
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Figure 3.30: Back and forth motion of a GB portion under a tensile stress: (a) 0, (b) 
248 s, (c) 343 s, (d) 346 s, (e) 513 s, and  (f) sketch of the grain shape evolution from 
(a) to (e). Figure courtesy of Dr. Marc Legros. 
 

that forces the boundary in the other direction.  This latter postulation will be discussed in 

a subsequent chapter. 
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The following conclusions were extracted from dynamic and post-mortem TEM 

observations: 

 
• Stress-assisted grain growth has been observed dynamically in initially nano-sized Al 

grains. It consists of GB migration and grain coalescence (not shown here) and results, 

as confirmed by the microtensile testing presented earlier, in discontinuous grain 

growth where grains much larger than the film thickness are embedded in a matrix of 

nc-grains. 

• Despite free surfaces, very large GB velocities exceeding 200 nm/s for collapsing 

small grains and larger than 30 nm/s outwardly growing grains were observed. This 

grain boundary migration is a novel plastic relaxation mechanism in nc-Al since 

neither diffusion-based nor dislocation models can fully account for the observed GB 

speed at room temperature. The fastest events happen in regions of the crystal that are 

subject to the highest stresses (e.g. crack tips). 

• Competing plastic processes involve dislocations and GB rearrangement but 

surprisingly, pure GB processes (without GB dislocation interaction) remain active 

even after significant grain growth. Furthermore, moving and interacting dislocations 

were observed in the smallest grains despite more intense dislocation activity in larger 

grains. The modeling of grain-size dependent mechanisms may therefore be over 

simplified. 

• GB migration of nc-grains was demonstrated to be a mechanism for achieving plastic 

strain, and coupled with subsequent (secondary) plasticity (dislocation multiplication, 

creation of sub-cells) resulted in the possible blunting of crack tips by only one grain 
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located at the tip. Stress-assisted and secondary plasticity mechanisms could explain 

the ductility observed in some nc-metals. 
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CHAPTER 4: 

EFFECT OF IMPURITIES ON ROOM TEMPERATURE GRAIN 
GROWTH 

 
 
 
 
The preceding chapter presented results demonstrating that stress-driven discontinuous 

grain growth during tensile straining of nc-Al submicron freestanding films has a strong 

and dynamic effect on the mechanical response.  The observation that nominally identical 

specimens exhibit such different classes of behavior warrants further attention. The 

evidence presented here demonstrates that the difference in mechanical behavior is 

directly governed by the ability (or inability) of the microstructure to evolve under the 

influence of stress, but the exact variation between samples remains an open research 

question. The fact that specimens exhibiting higher strength (thus, a higher apparent 

driving force) do not exhibit grain growth seems counter intuitive but is perhaps justified 

by minor changes in sample character. Although specific features such as strong texture, 

global composition changes, and relative number of grain differences are not observed in 

the nc-Al specimens, local changes in chemistry in nominally pure samples have been 

shown to have dramatic effects on grain boundary migration. The classical framework of 

impurity drag in grain boundaries developed by Cahn [1] shows that small changes in 

impurity composition can have a striking effect on the relation between driving force and 

 135



grain boundary velocity.  This chapter investigates the role of impurities in governing a 

microstructure’s stability against an applied stress. 

 

4.1. Thermal Stability of Nanocrystalline Materials from Impurities 

 

In the wake of growing interest in nanocrystalline (nc) materials spawned by 

measurements of superior mechanical properties, the thermal stability of these 

nanostructures has been questioned [2-6].  The large volume fraction of grain boundaries 

has been shown to promote microstructural instabilities (grain growth) at temperatures 

much lower than bulk recrystallization temperatures [2] or even spontaneously (i.e. room 

temperature) [7].  Nonetheless, several researchers have shown that impurities can play a 

large role in stabilizing nanocrystalline microstructures by reducing the mobility of grain 

boundaries under thermal loads [8-10].     

 

The previous chapter underscored the influence of the applied stress on microstructural 

evolution in nc-Al thin films.  Other examples of this phenomenon are emerging and 

include descriptions of rapid grain coarsening in Al and Cu during indentation [11,12], 

even when the material is deformed in the absence of thermal activation (cryogenic 

temperatures) [13].  Additionally, theoretical formulations have recently been developed 

that directly correlate applied shear stresses to normal grain boundary migration [14,15].  

This ability of shear stresses to directly couple to low and high angle grain boundaries 

[16,17] and the ensuing grain growth has been shown to have a dramatic effect on the 

mechanical behavior of nc-Al as seen in the previous chapter.  Although the details 
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surrounding the underlying mechanistic processes have yet to be elucidated, the 

unpinning of grain boundaries from impurity atmospheres appears to govern the distinct 

change in behavior that follows stress-coupled microstructural evolution.   

 

The effect of chamber base pressure on the grain size of physical vapor-deposited pure 

metallic thin films is well documented [18]. Higher base pressures result in higher 

impurity concentrations and smaller grain sizes.  The mobility of grain boundaries under 

thermal loads as a function of impurity concentration has also been the subject of many 

studies [19]. However, the processes surrounding the coupling of stresses to the motion 

of grain boundaries and the role of impurities in these activities are still not known.  Here 

we systematically vary the base pressure during sputtering of submicron Al thin films and 

investigate the tensile behavior and corresponding microstructures before and after 

deformation in an effort to elucidate the function of impurities in controlling against the 

driving force of stress-coupled grain boundary motion. 

 

4.1.1. Room Temperature Stability 

 
The room temperature thermal stability is of particular importance in nc-Al, where 

ambient conditions place the homologous temperature (ratio of the testing to melting 

temperature) as high as 0.32.  In contrast to our samples, which retain their 

nanocrystalline grain size for months at room temperature, nc-Al that was chemically 

synthesized in a reducing atmosphere has been reported to undergo spontaneous room 

temperature grain growth [7]. Although the samples for this study were deposited in a  

 137



 

(a) (b) 

 
Figure 4.1:  Grain size distributions for a nc-Al thin film (a) in the as-deposited 
condition and (b) after heating at 100° C for 15 min. 
 

vacuum chamber evacuated to a pressure of 1 x 10-7 Torr, the incorporation of elemental 

amounts of oxygen cannot be ruled out given aluminum’s high affinity for oxygen.  In 

contrast to the coarsening that occurs in the chemically synthesized samples [7], the 

stability of the films used in the current study is itself an indication of the effect of 

impurities on grain boundary mobility.  The observations made in this study suggest that 

the as-deposited grain boundaries are pinned and then selectively unpinned under the 

influence of the applied stress. 

 

The thermal stability of these Al thin films is demonstrated in Figure 4.1, where grain 

size distributions for specimens in the as-deposited condition, and after heating at 

approximately 100° C for 15 min, are shown.  No apparent grain growth was observed in 

the heated specimens and the shape of the distribution can still be described by a 

lognormal probability function.  This is also in accordance with direct grain size 

measurements that were performed on films untouched for months after deposition and 

confirmed the absence of microstructural evolution. 
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4.1.2. In-Situ TEM Heating Observations 

 
Detailed experiments that probe the thermal stability of these nc-Al thin films were 

performed using an in situ TEM heating stage on both freestanding films (plan view 

TEM) and cross-sectional specimens prepared by wedge polishing.  The experiments 

performed on cross-sectional specimens reported here were done in collaboration with 

Dr. Budhika Mendis and Dr. Marc Legros.  This heating stage allowed for controlled 

temperature cycling during direct observation, and centered dark-field imaging was 

employed in order to switch easily between imaging modes.  Temperatures as high as 

400° C were achieved for all experiments, although temperature was measured by a 

thermocouple connected to the holder ring and consequently not directly in the specimen.    

 

Snapshots of an in situ TEM heating experiment on a 380 nm Al thin film cross-sectional 

specimen, prepared by tripod wedge polishing followed by a short period (~ 1 hour) of 

ion milling using argon, are shown in Figure 4.2 and give the microstructure at ambient 

conditions prior to heating (Figure 4.2(a)) and at the peak of the loading cycle at 390° C.  

These bright-field TEM images clearly demonstrate that no microstructural evolution has 

occurred, even when heated to 0.7Tmelt.  Two grains (G1 and G2) are noted as reference 

markers for comparison between images.  The same stability was observed for in situ 

heated freestanding plan-view specimens, although the former result is more surprising 

given that the film still remains attached to the Si substrate.  Consequently, heating would 

induce a stress due to the mismatch in thermal expansion between the ceramic and the 

metal.  A biaxial state of stress applied by thermal cycling of Al films on Si substrates has 

been shown [20] to result in stresses in excess of 100 MPa.  However, it should be noted  
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(a) 

(b) 

Figure 4.2: Bright field cross-sectional TEM image sequence of a 380 nm Al thin 
film during an in situ heating experiment at (a) 25° C and (b) 390° C.  No dramatic 
microstructural evolution was observed. 
 

that the tripod wedge geometry imparts a complicated stress state on the specimen; 

nonetheless, finite element simulations of this geometry show that a finite stress is 

present during heating [21]. 

 

Even in the presence of good thermal stability as demonstrated in these nc-Al films, the 

extension to stability of GBs against applied stresses is not straightforward, since 

segregation of impurities can occur during heating. It is well known that impurity 

segregation to GBs during annealing of metals can effectively immobilize the grain 
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boundary [1] and in some cases cause embrittlement of nc-material [22-24].  Although 

the annealing of nc-metals can give rise to strong differences in mechanical behavior due 

to the spatial distribution of impurities [25], none of the films that were mechanically 

tested in this work underwent any post-annealing processes.  Still, the segregation of 

impurities during these in situ heating experiments could be the underlying reason for this 

remarkable thermal stability.  Even with impurity-decorated GBs, the resistance to 

microstructural evolution reported here is notable.  A better understanding of the local 

grain boundary chemistry is needed to understand the details of stress-driven grain 

growth.  

 

4.2. Characterization of Al Thin Film Chemistry 

 
The two aims of this characterization study were to (i) detect any second phase/ impurity 

segregation at the grain boundaries of nc-Al using electron energy loss spectroscopy 

(EELS) and energy loss near-edge structure (ELNES) and (ii) detect any “buried” oxide 

layer resulting from pulsed sputter deposition using Auger electron spectroscopy (AES).  

All of the measurements described in this section were performed by Dr. Budhika Mendis 

on specimens synthesized and fabricated by the author. 

 

4.2.1. Electron Energy Loss Spectroscopy Study 

 
Electron energy loss spectrometry (EELS) and energy-filtered transmission electron 

microscopy (EFTEM) are powerful techniques that exploit the notion that electrons 
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interact inelastically with a specimen.  Electrons that are initially monoenergetic will 

convert into a distribution of energies upon interacting with a material that contain useful 

information about the specimen.  Analysis of this energy loss spectrum will yield details 

that are characteristic of distinct elements, and images can be formed by filtering only the 

electrons that have lost a specific amount of energy.  Electrons that strike the sample and 

lose some energy in the process are the source of information in EELS.  The lost energy 

is unique to each type of atom that the incoming electron interacts with. By measuring the 

energy of the scattered electron and subtracting that from the known energy of the 

incident beam, the energy loss can be calculated. This energy loss reveals the nature of 

the atom the electron interacted with and allows chemical identification of the sample. 

 

EELS spectra can give quantitative chemical analysis along with information about local 

bonding environments.  The analysis of these spectra can be quite cumbersome and 

artifacts readily exist, mainly due to the lack of automation available in comparison to 

XEDS [26].  However, the detection of light elements is possible and the fine structure of 

the ionization edges yield information not available in the Gaussian peaks of X-ray 

analysis. 

 

Careful collection of the ionization edge in an EELS spectrum will reveal a fine edge 

structure.  The electron loss near-edge structure (ELNES) yields information on the 

electronic structure of the specimen, including the local density of empty states, oxidation 

state, etc, and was analyzed in this study to determine the local GB chemistry.  The 

highly plural scattering that occurs in relatively thick specimens during EELS studies  
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(a) (b) 

Figure 4.3: High resolution transmission electron micrographs of an Al film 
deposited at a base pressure of approximately 10-7 Torr showing atomically sharp 
grain boundaries.  Crystallinity is maintained up to the boundary (e.g. (b)), and 
there is no evidence of second-phase particles in the bulk or at the grain boundary. 
 

precludes the detailed analysis of the films deposited for mechanical testing.  

Consequently, films with a nominal thickness of 40 nm were deposited under identical 

conditions as those used for mechanical characterization and utilized for EELS analyses.  

High-resolution TEM (HRTEM) images of the GB structure in these Al thin films 

revealed that these GBs are atomically sharp, where crystallinity of the grains is 

maintained entirely up to the boundary as shown in Figure 4.3. 

 

ELNES quantification of the fine structure of the ionization edges can reveal if second-

phase particles exist in the bulk of the material or at the grain boundary.  Figure 4.4(a) 

shows ELNES spectra collected for the Al L2,3 edge on either side of (grain 1 and 2) and 

at a GB.  The qualitative shape of the ELNES spectrum does not change significantly 

from the grain interior to that of the bulk, indicating that no strong chemical difference  
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(a) (b) 

 
 
Figure 4.4: ELNES spectra for (a) nc-Al taken at and on either side of the grain 
boundary shown in Figure 4.4. (b) Reference spectra taken for alpha and gamma 
alumina. 
 

exists that would lead to distinct bonding configurations.  The existence of second-phase 

particles or amorphous films at the GB would manifest as changes in the ELNES 

spectrum.  For example, an aluminum oxide film or precipitate present at the GB would 

yield a significantly different ELNES spectrum.  Figure 4.4 (b) shows the ELNES spectra 

for reference samples of alpha and gamma alumina that were collected, which agree well 

with the known fine-edge structures of the ionization edges for these materials [27,28].  

Comparison of these spectra with those obtained for the Al films shows quite different 

fine edge structure.  The lack of agreement, both in qualitative shape and in the energy 

positions of the local intensity maxima, indicate that alumina (in either alpha or gamma 

form) are neither present in the grain interior nor at the boundary. 

 

The existence of second phases and amorphous films at grain boundaries of pure 

nanocrystalline materials have been hypothesized and predicted to have a significant 

impact on the stability and mechanical response [29].  However, detailed high-resolution  
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Figure 4.5: High resolution TEM image of a high-angle grain boundary used for the 
EELS segregation study.  Circles correspond to the approximate locations where 
EELS spectra were collected. 
 

TEM images of grain boundaries (Figures 4.3 and 4.5) of Al films reveal atomically 

sharp interfaces in which crystallinity is maintained up to the boundary.  Moreover, no 

second-phase particles or precipitates were detected by ELNES.  As such, the discussion 

of impurity pinning and grain boundary drag will be restricted to solute impurities. 

 

A study of the segregation of oxygen in solute form was also undertaken, where EELS 

measurements were employed to quantify the local concentration of impurities in these 

Al thin films.  The electron beam was condensed on regions on either side of a grain 

boundary, named Grain 1 and 2 in Figure 4.5, and at the GB.  Three measurements along 
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the GB were performed (probe at and on either side of the GB) and the oxygen 

concentrations and their respective uncertainties are listed in Table 4.1.  The strong 

contribution of O concentration from the native oxide that is present on both surfaces of 

the film combined with the difficulty in stabilizing the beam over a short length due to 

thermal drift obstruct the acquisition of precise measurements with subnanometer spatial 

resolution and ppm chemical resolution.  A calculation based on an O concentration of 

~20 at% for a 40 nm film and assuming that there are no buried oxide layers in the film 

gives an oxide layer thickness of ~3.5 nm.  This value is reasonable and agrees with the 

accepted Al native oxide thickness layer range of 2 – 7 nm [30].  The values tabulated 

here suggest that no significant enrichment in local oxygen concentration above the 

measurement uncertainty is evident at the GB.  Nevertheless, extremely high 

concentrations of O were measured.   

 
Table 4.3: EELS local measurements of oxygen segregation in 40 nm nc-Al thin 
films deposited at a base pressure of ~ 10-7 Torr.  Note that high values are mostly 
due to the surface oxide layer. 

Measurement Grain 1 (at% O) Grain boundary (at% O) Grain 2 (at% O) 

A 20.91 ± 1.92 19.03 ± 1.26 22.13 ± 1.64 

B 18.70 ± 3.12 15.86 ± 3.36 17.82 ± 2.06 

C 18.76 ± 1.17 14.88 ± 0.64 16.77 ± 0.82 

 

4.2.2. Auger Electron Spectroscopy Study 

 
Auger electron spectroscopy (AES) is an extremely sensitive surface chemistry 

characterization technique that allows for the quantification of trace elements [31].  The 
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small interaction volume relative to that encountered with X-ray spectroscopy arises 

because of the energy required for the electrons to escape from a certain depth (escape 

depth) below the surface and makes AES ideal for probing the near surface chemistry.  

The technique works by exciting the surface atoms of the specimen, which causes 

electrons to be ejected.  The emitted electrons leave a vacancy that is filled by an electron 

from a higher energy level, and the energy difference between states is imparted to an 

Auger electron in a radiationless process.  The Auger electron consequently carries a 

certain kinetic energy that is characteristic of the atom being irradiated, which gives the 

chemical signature of the surface. 

 

AES depth profiling was employed to characterize the chemical composition through the 

thickness of a sputter-deposited nc-Al thin film.  The use of an Ar ion gas gun allows for 

the controlled sputtering of the surface through the depth of the film.  Alternating the ion 

sputtering and AES spectral acquisition will yield a composition profile as a function of 

film depth.  The Al and O composition profiles of an ear portion (Al film on a Si 

substrate) of a 180 nm film that was deposited at a base pressure of approximately 10-7 

Torr are shown in Figure 4.6.  Oxygen is seen to be the primary element at the surface, 

although the O and the Al concentrations move in a complementary manner as the oxide 

layer is sputtered away.  The gradient of both concentration profiles strongly decreases 

after a sputtering time of approximately 50 min, indicating that the majority of the oxide 

layer has been removed.  After about 150 min of sputtering, the concentrations 

approached the asymptotic limit of their respective bulk values.  The depth profile 

(Figure 4.6) made its way through the thickness of the entire film as demonstrated in  
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Figure 4.6: Auger depth profile for Al and O, showing no buried oxygen layers. 
 

Figure 4.7, where the spectrum collected by the detector shows a strong Si peak 

indicating that the substrate has been reached. 

 

The AES spectra collected during depth profiling did not indicate any non-monotonic 

changes in the oxygen composition profile or complementary Al spikes.  The notion that 

“buried” oxide layers exist through the cross-section of the film as a result of the pulsed 

sputtering process is not in accordance with these Auger data.  This is also commensurate 

with the lack of distinct film layers evidenced in cross-sectional TEM images shown in 

this and previous chapters. 
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Figure 4.7: Auger spectrum collected at the end of sputtering showing the K-α peaks 
for both Al and Si, showing that the entire film down to the Si substrate was 
analyzed. 
 

Given Al’s strong affinity for binding with oxygen, it is also instructive to investigate the 

temporal evolution of the O composition in the typical vacuum conditions that are 

encountered during sputtering.  The AES technique is well-suited for this study, given 

that the vacuum chamber pressure is similar to the sputtering base pressure, and was 

measured to be about 10-6 Torr.  Figure 4.8 shows a typical Auger spectroscopy plot 

where the spectra were collected after sputtering significantly past the surface oxide layer 

and into the Al bulk.  Spectra were obtained directly after sputtering and initiating the 

AES acquisition (t = 0) and after allowing the surface to interact with the atmosphere 

present at this vacuum condition (t = 5 min).  The energy peaks in Auger spectra are 

emphasized by plotting the differential of the electron signal, N(E).  This is performed to 

minimize the effect of interfering signals that accompany the Auger electrons, such as  
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Figure 4.8: Auger plot shown as the differential of the total electron signal with the 
electron energy.  The spectra show the evolution of the oxygen peak after sputtering 
is interrupted in the vacuum. 
 

secondary, backscattered, and other Auger electrons that have undergone a significant 

energy loss from escaping the surface [31].   

 

It is evident from Figure 4.8 that the oxygen concentration has increased substantially 

during this “hold” period from an overall value of 3at% to 13at%.  These results reinforce 

the conception that Al will quickly and easily form a resilient oxide layer, even in an 

environment where the concentration of air molecules is depressed.  An ultra-high 

vacuum system would be needed to eliminate the formation of oxygen during deposition 

or characterization.  Nonetheless, the pulsed sputtering process does not leave residual 

discrete layers of oxide that resist grain growth in the thickness direction. 
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The combination of the ELNES, EELS, and Auger results on the chemistry of these nc-Al 

films allow us to draw the following conclusions: 

• ELNES suggests that the bonding environment at the grain boundary is similar to 

that at the grain interior, and no second phases were detected at the GB. 

• EELS measurements did not detect any oxygen segregation at the grain 

boundaries, indicating that the solute levels leading to GB pinning may be only a 

few ppm for nc-Al thin films.  The presence of a thick native oxide layer relative 

to the Al film thickness could overshadow this effect. 

• Auger depth profiling did not detect any significant “buried” oxide layer through 

the thickness of the nc-Al thin film, even though oxidation occurs at typical 

deposition vacuum conditions. 

 

Direct measures of minute chemical differences and specimen-to-specimen variations in 

grain boundary segregation by means of high-resolution TEM Electron Energy Loss 

Spectroscopy (EELS) and Auger microscopy have proven to be elusive, and it appears 

that quantitative atom probe mapping techniques similar to those recently proposed by 

Miller [32,33] will have to be developed and employed to definitively characterize grain 

boundary pinning. 

 

4.3. Effect of Base Pressure on Impurity Concentration 

 
Submicron freestanding thin films were synthesized using pulsed DC magnetron 

sputtering of a 99.999% pure Al target at varied base chamber pressures of between 10-7  
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(a) 

(b) 

(c) 

Figure 4.9: TEM images of as-deposited sputtered Al films, where deposition was 
performed at a base pressure of approximately: (a) 10-7, (b) 10-6, and (c) 10-5 Torr. 
 
 
and 10-5 Torr in order to introduce varying amounts of impurities.  Representative TEM 

micrographs of the grain morphology of films deposited at all three base pressures are 

shown in Figure 4.9.  Mean grain sizes for the as-deposited films are listed in Table 4.2 
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and were calculated using equivalent circle diameters from direct grain area 

measurements.   

 

Elemental composition, film thickness, and roughness are given in Table 4.1.  While the 

absolute values of the O content as measured by SEM-EDS appear to be high based on a 

calculation of a native oxide layer on the surface of the films, a trend based on base 

pressure (although no dependence of film thickness or roughness) is still observed.  This 

discrepancy of the measurement is attributed to the difficulties associated with making 

well-calibrated measurements of light elements. 

 

Table 4.2: Properties of sputtered Al thin films.  Compositions determined using 
SEM-EDS. 

Base 

Pressure 

(Torr) 

Al            

(at %) 

O            

(at %) 

Thickness 

(nm) 

Film 

Roughness, 

Ra (nm) 

Initial Mean 

Grain Size 

(nm) 

2.2 x 10-7 97.08 ± 0.15 2.92 ± 0.15 181 ± 11 < 4 61 ± 28 

3.0 x 10-6 96.28 ± 0.16 3.72 ± 0.16 172 ± 5 < 2 29 ± 20 

1.1 x 10-5 90.18 ± 0.15 9.82 ± 0.15 184 ± 6 < 3 13 ± 8 

 

4.4. Deformation of Al with Varying Base Pressures 

 
Al films with nominal thicknesses of 180 nm were strained in tension at a constant rate of 

4 x 10-5 s-1.  Post-mortem TEM was employed to measure grain size distributions of a 

minimum of 200 grain measurements before and after deformation.  Mechanical 

responses for the Al films deposited at different base pressures are shown in Figure 4.10 
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Figure 4.10: Room temperature tensile stress-strain curves for the three batches of 
Al films, showing two distinct classes of mechanical behavior.  A transition from a 
strong and ductile to a stronger but brittle response seems to occur at a base 
pressure between 10-6 and 10-5 Torr.  The true strain in the gage of the sample is 
measured using a custom image-based strain measurement technique. 
 

as obtained from tensile testing.  A clear distinction in deformation behavior was 

measured between the films deposited at approximately 10-5 Torr and those synthesized 

at both 10-6 and 10-7 Torr.  Namely, films deposited at the highest chamber pressure are 

strong (over 25 times stronger than microcrystalline Al) but brittle.  This behavior agrees 

with reported literature of mechanical properties of nc-fcc metals, in which high strengths 

are typically obtained at the expense of ductility [34-36].  This class of behavior is 

usually attributed to the difficulty of operating intragranular dislocation sources and the 

suppression of dislocation interactions.  A contrasting behavior is measured from the 
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films deposited at base pressures of 10-6 and 10-7 Torr, where large amounts of plastic 

strain (in excess of 15%) were obtained.  These films show apparent work hardening in 

early stages of deformation followed by a sharp yield point that extends to a region of 

constant work hardening for films deposited at 10-7 Torr and slowly diminishing stress 

until failure for those deposited at 10-6 Torr.  The difference in flow stress between these 

two films arises from the difference in initial grain size.  The results shown in Figure 4.10 

imply that a critical transition from one type of behavior to the other is a function of the 

deposition base pressure and the corresponding impurity level. The point is further 

supported by comparison with the tensile results of Haque and Saif [35,37], who 

employed samples that were also deposited at a higher base pressure and did not show 

any evidence of grain growth or extended plasticity.  Figure 4.10 shows stress-strain 

curves from Haque and Saif for pure nc-Al films with thicknesses and mean grain sizes 

of approximately 50 and 22 nm, respectively [35,37]. 

 

As an aside, this mechanical behavior as represented in Figure 4.10 was compared to that 

of Al thin films that were sputter-deposited in an independent chamber at the National 

Center for Electron Microscopy (NCEM) in Berkeley, California. This was performed to 

ensure that this unique behavior is not an artifact of the deposition chamber that was 

employed for this thesis work.  Tensile frames microfabricated at JHU containing 

identical geometry to those used in this work were sent to NCEM, where Al films were 

sputtered using similar parameters (e.g. target purity, chamber base pressure, argon 

partial pressure).  The films were released and tested at JHU, and two representative  
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Figure 4.11: Stress-strain curves comparing pure nc-Al thin films deposited at JHU 
and films sputtered at NCEM at similar deposition conditions.  Two tensile curves 
by Haque and Saif [27] of nc-Al with a mean grain size of 22 nm are also shown for 
comparison. 
 
 
stress-strain curves (black curve) are shown in Figure 4.11 to compare with the 

mechanical behavior described previously.  The behavior agrees with other Al films that 

were deposited in a separate chamber but at a similar vacuum base pressure.  The 

strengths of the films from both sources are similar. The total ductility of one of the films 

shown is comparable while the other appears to fail at an earlier stage, but investigation 

of the images taken during deformation of the latter film revealed a defect on the surface 

of the specimen, causing it to fail prematurely.  Nonetheless, films sputtered in 

independent vacuum chambers but with similar deposition parameters exhibit similar 
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behavior, confirming that this behavior in nc-Al freestanding submicron thin films is 

universal.  Microstructural investigations of deformed NCEM specimens are in progress. 

 

4.5. Microstructural Observations and Grain Size Analysis 

 
Post-mortem grain size measurements of all films in the as-deposited condition and after 

deformation are shown in Figure 4.13 in the form of a cumulative distribution function, 

where the vertical axis represents the area fraction of grains that are less than a given 

grain size.  The difference in the as-deposited grain size distributions given numerically 

in Table 4.2 are visually represented in Figure 4.13.  Examination of these grain size 

distributions clearly shows microstructural evolution for the films deposited at 10-6 and 

10-7 (Figure 4.12(a)), while the distribution of the film that demonstrated strong and 

brittle response (10-5 Torr) mimics that of its as-deposited condition (Figure 4.12(b)).  

Hence, there is a correlation between extended ductility and whether or not grain growth 

has occurred.  In addition, grain sizes measured outside of the deformed region of 

specimens that exhibited grain growth are similar to the initial state, suggesting that the 

evolution is directly tied to the applied stress or deformation in the sample.  TEM images 

of the grain morphology in deformed samples show that the growth is discontinuous in 

nature; large grains seem to have grown at the expense of small ones.  Moreover, the 

maximum grain size measured did not depend on the initial distribution of size, and 

instead scales with about 2 – 3 times the film thickness, which is a well-characterized thin 

film effect [18] as discussed in a previous chapter. 
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(a) (b) 

 
Figure 4.12: Representative TEM images of deformed nc-Al films deposited at (a) 
10-7 and (b) 10-5 Torr.  The image in (b) shown in dark field shows no 
microstructural evolution relative to the as-deposited condition. 
 
 

 

Figure 4.13: Cumulative grain size distribution functions for as-deposited (AD, open 
symbols) and deformed (Def, filled symbols) Al films, where the ordinate represents 
the area fraction of grains that are less than a given grain size. 
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The effect of impurity concentration, as controlled by adjusting the vacuum base pressure 

during deposition of nc-Al thin films, on the nanostructural stability against an applied 

stress at room temperature was measured.  The tensile behavior of specimens that exhibit 

stress-coupled grain growth during deformation was shown to be dramatically different 

than that of samples showing no nanostructural evolution.  Namely, extended ductility 

and intermediate strengths can be obtained if the stress can couple to the grain boundaries 

and liberate the interface from the local impurity pinning atmosphere, causing 

discontinuous grain growth.  The results presented here demonstrate the potential for 

controlling this nanostructural instability with impurities and subsequently tailoring the 

material for desired mechanical response. 

 

Thus it appears that an added importance of the mechanical coupling results from the fact 

that the pinned boundaries cannot migrate until they are unpinned.  Once unpinned by the 

applied stress, the motion of these boundaries would be influenced by the traditional 

driving forces for grain growth.  With the grain size limited by thin film effects, the 

process of grain growth is forced to transfer from one locale to another in a discontinuous 

manner; grains with favorably oriented boundaries grow first followed by those with 

slight less favorable orientations.  It is worth noting that in situ TEM observations of 

rapid grain boundary migration triggered by the motion of a single dislocation into the 

boundary [38] further suggest that boundaries can be highly mobile once unpinned. 
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CHAPTER 5: 

STRAIN-RATE SENSITIVITY OF AL THIN FILMS 
 
 
 
 
The ability of shear stresses to directly couple to low and high angle GBs [1-3] and the 

ensuing grain growth has been shown (Chapter 3) to have a dramatic effect on the 

mechanical behavior of nc-Al, although the details surrounding the underlying 

mechanistic processes have yet to be elucidated.  In this chapter, experiments are 

presented that probe the strain-rate dependence of the mechanical behavior of nc-Al thin 

films that are undergoing stress-assisted discontinuous grain growth in an effort to shed 

light on the rate-limiting mechanisms.  Experimentally measured strain-rate sensitivities 

coupled with molecular dynamics (MD) simulations of planar Al GBs combine to 

illustrate that flow behavior involving GB migration is highly rate-sensitive. 

 

5.1. Thermally-Activated Deformation in Crystal Plasticity 
 

The stress required to induce flow in a crystal can be decomposed into two parts in the 

framework of thermally activated plastic deformation.  The first component captures the 

long-range interaction of the elastic stress field from mobile dislocations and the 

microstructure.  This typically arises from the patterning of dislocations in a substructure 

and correspondingly depends of the deformation history of a specimen.  This term is only  
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(a) (b) 

Figure 5.1: Schematic depiction of both the short- and long-range barriers that 
impede plastic deformation in crystals.  (a) Stresses required to overcome barriers 
and (b) microstructural illustrations of examples of interactions between 
dislocations and microstructure. 
 

weakly dependent on temperature, given by the thermal variation of the crystal elastic 

constants, and exhibits long-wavelength spatial fluctuations that impede plastic flow.  

The second component represents the local energy barriers resulting from short-range 

interactions of dislocations that must be overcome to continue plastic flow and can arise 

from many sources (e.g. small obstacles, lattice friction, dislocation core configurations) 

[4].   

 

This concept can be illustrated schematically as shown in Figure 5.1 and mathematically 

by the following 

iτττ += ∗ ,      (5.1) 

where τ is the applied stress,  is the so-called effective or thermal stress that gives rise 

to a temperature or strain-rate dependence, and 

∗τ

iτ  is the athermal or internal stress.  The 
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effective stress requires thermal activation that can be achieved in small volumes by 

thermal fluctuations. It is precisely these short-range interactions that govern many 

aspects of the plastic deformation of crystalline materials and encompasses a sub-field of 

materials science [4-7].   

 

The required thermal activation can dictate the rate-limiting mechanisms that 

accommodate plastic deformation, and accordingly can be related to the shear strain-rate 

in a material in an Arrhenius form [6,8-11]: 
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where oγ&  is a pre-exponential factor (related to the vibration frequency of a dislocation 

segment, the density of mobile dislocations, the average dislocation velocity, etc.), ΔG is 

the change in Gibbs free energy for activation that is highly dependent on the effective 

stress,  k is the Boltzmann constant, T is the absolute temperature, ΔF is the Hemholtz 

free (activation) energy, and  is the activation volume associated with the effective 

stress.  The Gibbs free energy is related to the activation enthalpy by 

∗V

TSHG −Δ=Δ , 

where S is the entropy of the material.  Incidentally, the expression for strain-rate can be 

derived from the ubiquitous Orowan equation [12] that relates the shear strain-rate to the 

average dislocation velocity, v , by bvmαργ =& , where α is a geometrical coefficient, ρm 

is the mobile dislocation density, and b is the Burger’s vector. Activation volume is 

usually expressed as the derivative of the activation enthalpy with respect to stress [10], 

i.e. 
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where ΔH is the activation enthalpy. 

 

Transient strain-rate experiments provide a fingerprint of the deformation in crystalline 

materials by means of examining the thermal activation of plastic flow, usually expressed 

as quantities such as activation volume and strain-rate sensitivity (SRS).  A commonly 

used quantity is the strain-rate sensitivity parameter m, defined as 

γ
τ
&ln

ln
∂
∂

=m .                                                            (5.4) 

Experiments that yield these quantities include, but are not limited to, repeated stress 

relaxation, creep, strain-dip, and strain-rate jump experiments.  An exhaustive and 

practical guide for performing accurate transient tests can be found in [4]. The apparent 

activation volume can be obtained directly from strain-rate jump experiments by the 

following relation: 

σ
εε

Δ
=

)ln(3 12 &&kTV ,     (5.5) 

where the 3 is the well-known Taylor orientation factor for polycrystalline materials 

[13], σ is the flow stress, and iε&  are the strain-rates at each jump.  Similarly, the apparent 

activation volume and the strain-rate sensitivity are related by the following: 

σV
kTm 3

= .     (5.6) 

The activation volume is a useful physical quantity and is of prime importance, since it is 

related to the area swept by the dislocation during the thermally activated event.  More 
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explicitly, an activation volume can be written as the product of the Burgers vector, the 

distance swept by the dislocation during an activation event, and the length of the 

dislocation segment involved in thermal activation [13], and so its value can be tied to a 

mechanism.  For example, dislocation forest-cutting mechanisms (common in coarse-

grained fcc materials) produce activation volumes of the order of several hundred to a 

couple of thousand times b3 [14-16].   On the other side of the spectrum, mechanisms 

such as kink pair motion in bcc metals produce very small activation volumes (on the 

order of 10 b3) [17], while dislocation-solute interactions give intermediate values 

[18,19]. 

 

A cautionary note should be given based on the framework presented here.  Transient 

tests are inherently indirect and, while activation parameters such as strain-rate sensitivity 

and activation volume can be related to mechanisms that occur at microstructural length 

scales and below, athermal mechanisms can occasionally give rise to measured strain-rate 

sensitivities during stress relaxation or strain-rate jump experiments that are not 

necessarily related to an activation volume, such as mechanical twinning in Cu-Zn alloys 

at low temperatures [16,20].  Thus, it is necessary to check the validity of the assumption 

of thermal activation by performing a self-consistent analysis, such as is outlined in the 

work by Spatig et al. [21].  These authors show that it is necessary to measure (and 

demonstrate) that a material exhibits a dependence of the flow stress on temperature 

and/or change in free energy of activation before relating experimentally obtained strain-

rate sensitivity to an activation volume.  This work suggests that experiments conducted 
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at both various strain-rates and temperatures within the domain of a mechanism “regime” 

are ideal to confirm a thermally activated mechanism. 

5.2. Strain-Rate Sensitivity of Micro- and Nanocrystalline fcc Metals 
 

The approach of transient testing has been adopted in the nanocrystalline material 

community to uncover the thermally-activated rate-controlling mechanisms that govern 

the novel plastic deformation mechanisms at work when conventional crystal plasticity is 

abated.  Put in the context of thermally activated deformation, these experiments are 

especially useful since the active mechanisms in nc-metals leave no residual deformation 

microstructure that can typically be observed using post-mortem TEM [22,23].  

Consequently, the dislocation structures that evolve during deformation disappear upon 

unloading to leave nothing for characterization and for interpretation of deformation 

mechanisms.  These transient tests allow one to probe the material response during the 

course of mechanical testing and provide indirect information about the rate-limiting 

mechanisms. 

 

Many researchers have employed transient testing of fcc nc-metals to quantify activation 

volumes and rate sensitivity, although mostly at room temperature to avoid 

microstructural evolution that could occur during heating and could complicate the 

interpretation of results.  One of the earlier studies furnished of strain-rate sensitivity of 

electrodeposited (ED) nc-Ni [24] agrees with more recent studies [25,26] that 

demonstrate that the strain-rate sensitivity of ED nc-Ni is an order of magnitude higher 

than that of microcrystalline Ni.  Schwaiger et al. confirmed this result on nc-Ni by   
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(a) (b) 

Figure 5.2: Summary of room-temperature strain-rate sensitivity m vs. grain size 
for (a) Cu and (b) Ni from literature. For both Cu and Ni, there is a clear trend of 
increasing m with decreasing grain size.  In (a), A – [35]; B – [36]; C – [37]; D – [38]; 
E – [39]; F – [40]; G – [41]. In (b) A – [27]; B – [24]; C – [28]; D – [36] .  Figures 
courtesy of Prof. En Ma. 
 

employing depth-sensing nanoindentation [27].  Wang and colleagues reported that the 

activation volume of nc-Ni was one order of magnitude smaller than coarse-grained Ni 

and extracted densities of mobile dislocations during deformation [28].  They also 

experimentally obtained activation energies for nc-Ni [29] by performing transient testing 

at room and cryogenic temperatures [30], allowing them to compare directly to rate-

controlling mechanisms.   

 

Similar conclusions have arisen from the testing of other fcc materials, and a survey of 

the rate sensitivity of nc-metals can be found at [31].  A summary of the dependence of 

strain-rate sensitivity m on grain size for nc-Cu and nc-Ni is shown in Figure 5.2 [31].  

Incidentally, the study of nc- and ufg-Cu that contains a high density of twin boundaries 

with spacing on the order of nanometers shows a similar dependence on strain-rate when 

the twin spacing is equated to the grain size [32,33].  Clearly, the presence of interfaces 
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in nucleating and impeding dislocation motion plays a significant role in the deformation 

of nanostructured materials [34]. 

 

The emerging picture is that fcc nc-metals are highly rate-sensitive, which is in stark 

contrast to their coarse-grained counterparts, where thermally activated mechanisms are 

usually described in the context of forest dislocation interactions.  Furthermore, the 

hypothesis that deformation is entirely governed by diffusive grain boundary processes 

such as Coble creep (m ~ 1.0) [42] and/or GB sliding (m ~ 0.5) [43] in nc-metals is 

incommensurate with experimental observations.  These high values of strain-rate 

sensitivity and low values of activation volume have been recently rationalized by events 

that are strongly localized at GBs, although debate exists on whether dislocation 

nucleation or propagation is the rate-limiting mechanism [44-46].  Asaro and Suresh [34] 

proposed an analytical model that describes the rate-limiting step as being dislocation 

nucleation from a GB that arises from a stress concentration at a GB facet.  This 

nucleation is the thermally activated ingredient of the model, yielding an activation 

volume of ~3-10 b3, although the propagation event across the grain is modeled as 

athermal.  Conversely, in situ X-ray diffraction at cryogenic temperatures [47] coupled 

with strain-dip experiments [48] and molecular dynamics simulations [49] point toward 

dislocation propagation and the pinning and de-pinning of dislocation segments at GBs as 

the rate-controlling mechanisms.  A stable microstructure that does not evolve with stress 

is a common denominator of all of these theories.  
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5.3. Rate Sensitivity of Nanocrystalline Al Thin Films Undergoing 
Stress-Driven Grain Growth 
 

The observation of stress-driven discontinuous grain growth during tensile straining of 

nc-Al thin films, described in Chapter 4, along with the postulation that GB migration is 

an irreversible mechanism for plastic deformation, inspired an experimental approach 

that can elucidate the rate-controlling processes that underscore the microstructural 

evolution.  Here, transient experiments that provide some insight on both the incipient 

grain growth and the dynamic progression toward more microcrystalline mechanisms as 

the grains grow to a size that can sustain conventional dislocation activity are conducted. 

5.3.1. Experimental Measurements and Observations 
 
 
Strain-rate jump experiments, which involve incrementally increasing the applied strain-

rate (γ&  ) and measuring the change in flow stress (τ ) required to continue deformation, 

and monotonic strain-rate tests were employed to define these quantities.  Al films 

synthesized by sputter-deposition at a base chamber pressure of 1 x 10-7 Torr with 

nominal thicknesses of 150 and 300 nm and initial mean grain sizes of 62 ± 26 nm and 

104 ± 40 nm, respectively, were strained in tension at room temperature at strain-rates 

ranging from approximately 10-5 to 10-3 s-1.  All mechanical responses presented in this 

section represent those of specimens undergoing stress-assisted grain growth as a result 

of the applied deformation, as was reported earlier in Chapter 3.  Post-mortem TEM was 

employed to measure grain size distributions before and after deformation; all 

distributions presented here represent a minimum of 300 grain measurements.  Stress-  
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Figure 5.3: Mechanical response of 300 nm Al films tested in tension at various 
strain-rates. 
 

driven microstructural evolution was confirmed using direct TEM imaging in all 

specimens tested for this study. 

 

Representative material responses for these experiments are shown in Figure 5.3, where 

monotonic tensile tests performed at various strain-rates on 300 nm thin films 

demonstrate a strong dependence of the flow stress on the applied strain-rate.  By 

changing the strain-rate by almost two orders of magnitude, a flow stress difference of up  
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Figure 5.4: Representative strain-rate jump tensile experiments for both 150 and 
300 nm films.  The inset shows a zoomed region of the first several strain-rate jumps 
for the 300 nm film. 
 

to 50 MPa results.  Representative strain-rate jump experiments are also shown for both 

film thicknesses in Figure 5.4. 

 

Grain size distributions for both as-deposited and deformed (from monotonic testing) 300 

nm films are shown in Figure 5.5 in the form of a cumulative distribution function F(d), 

where F is defined as the proportion of the area fraction of grains less than or equal to a 

given grain size d.  It is apparent from these microstructural observations that there is a 

clear evolution of grain size, namely discontinuous grain growth, upon monotonically  
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(a) 

(b) 

 
Figure 5.5: (a) Stress strain behavior for two measured strain-rates showing rate 
dependence of 300 nm films. (b) Grain size distributions as measured from TEM 
micrographs, where F(d) is defined as the area fraction at a given grain size that is 
less than that grain size.  
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deforming to tensile failure at the two strain-rates represented in Figure 5.5.  

Measurements of the grain size in the ear of these deformed specimens, where stresses 

are significantly lower, show no grain growth, which highlights the significance of stress 

as a driving force for GB migration.  Examination of the distribution functions for the 

two specimens deformed at strain-rates of 5 x 10-5 and 2 x 10-3 s-1 also shows a 

significant difference; the area fraction of grains that is less than a given grain size is 

consistently lower for the specimen deformed at the higher strain-rate.  In other words, 

more grain growth is observed at the higher strain-rate.  An upper limit on the maximum 

grain size, which scales as approximately two to three times the film thickness, was 

observed as is expected for thin film geometries [50].  As a result, the upper and lower 

bounds for the grain size are pinned, and once this maximum grain size is achieved a 

stagnation effect is introduced and the distribution evolves accordingly.   

 

The representative mechanical response for these two strain-rates is also shown in Figure 

5.5. The expected behavior for rate-sensitive thermally activated deformation in metals is 

observed; higher applied strain-rates result in higher flow stresses.   Fcc-like rate-

sensitive behavior that shows variations in work hardening response is measured in the 

early stages of deformation, but the rate dependence of work hardening is much less 

pronounced beyond several percent strain.  Here, the absolute value of the flow stress is 

rate-sensitive but the rate of work hardening is not.  This combination of behavior 

suggests that classical dislocation storage mechanisms (e.g. forest cutting) are not 

operative.  Moreover, specimens deformed at lower strain-rates demonstrate higher 

tensile elongations but less grain growth. These observations underscore the importance  

 176



 

 
Figure 5.6: Strain-rate sensitivity for two different film thicknesses.  Data points fit 
with solid line are from strain-rate jump experiments while the dashed line 
corresponds to values measure at 5% strain during monotonic tests.  The error bar 
for the monotonic tests performed at the lowest strain-rate represents the total 
range of stress, not the standard deviation. 
 

of stress, over strain, in controlling grain growth and are analogous to investigations of 

stress-assisted grain growth in bulk nc-Cu at cryogenic and room temperatures [51].  In 

the nc-Cu study, grain growth is highest at cryogenic temperatures, where the material is 

subjected to significantly higher stresses. Taken as a whole these observations indicate 

that the cause of grain growth is primarily stress-driven, rather than being governed by 

thermally activated processes. 
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The dependence of the flow stress on the applied strain-rate is quantitatively illustrated in 

Figure 5.6 in the form of a double-logarithmic plot.  The strain-rate sensitivity m can be 

obtained from such a plot as defined in Equation 5.4, and values are shown as measured 

from strain-rate jump tests for 150 nm films and from jump and monotonic tests for 300 

nm films in Figure 5.6.  These values are listed as activation volumes in Table 6.1. Fcc 

nc-metals have been reported to possess m values that are up to an order of magnitude 

larger than those measured for coarse-grained metals [24,28,34,38,41,52,53]; typical 

values for m range from 0.02 – 0.06 for nc-Cu [41,53] and 0.005 – 0.02 for nc-Ni 

[24,27,52].  Results from the current study show the mean value for m extracted from 

strain-rate jump tests of 150 nm Al films to be 0.04.  The 300 nm films exhibited higher 

strain-rate sensitivities than the 150 nm films.  Strain-rate jump tests initially resulted in 

m values that compare to the 150 nm films (~ 0.04), but m increased to a value of 0.14 at 

higher strains, approximately two orders of magnitude larger than that of microcrystalline 

fcc metals [54].  Monotonic strain-rate experiments yield an m value of 0.08 for a given 

value of plastic strain of 5%.  In general, the values measured in this study are equal to or 

greater than what has been reported for nc-fcc metals.  

 

Table 5.4: Strain-rate sensitivity parameters and activation volumes measured from 
experiments on nanocrystalline Al submicron thin films.  Activation volumes are 
normalized by b3, where b is the magnitude of the burgers vector for Al. 
Film Thickness, t 

(nm) Experiment Strain-rate 
Sensitivity, m 

Activation 
Volume, v*/ b3 

150 Strain-rate jump 0.037 ± 0.006 35 ± 4 

300 Strain-rate jump 0.036 – 0.14 10 - 55 

300 Monotonic (ε = 5%) 0.080 23 
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Figure 5.7: Dependence of m on total strain for both monotonic and strain-rate 
jump tests in comparison to the macroscopic stress-strain behavior during a 
monotonic test (green curve). 
 

The dependence of the strain-rate sensitivity parameter m on total strain is shown in 

Figure 5.7 in comparison to the macroscopic behavior.  First, the strain-rate jump test for 

a 300 nm film exhibited the strongest increase in m and appears in the regime where grain 

growth occurs but precedes mechanisms that leave residual dislocation networks in the 

grains (Chapter 3).  It is also apparent that the loading path or history is important in 

determining the rate-controlling mechanisms, given that the monotonic experiments 

demonstrate a weaker dependence on strain.  This can be rationalized since the grain 

growth has been shown to be driven by the applied stress, which is sequentially increased 

during a jump test to a different degree than in a monotonic experiment. 
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5.3.2. Comparison with Molecular Dynamics Simulations of Al Bi-Crystals 
 
 
MD calculations were used to simulate the strain-rate sensitivity of GB deformation 

mechanisms such as GB migration, GB sliding, and GB dislocation nucleation.  Each of 

these mechanisms was investigated separately by exploring the deformation of a bicrystal 

at 300 K.  The computational cell size for all the structures was 8 atomic planes in the z 

direction and approximately 12 and 9 nm in the x and y directions, respectively.  The 

interatomic forces were calculated from the EAM potential of Mishin et al. [55]. The 

simulation boundaries in the z and x directions were periodic while the displacement of 

atoms along the top and bottom of the sample were controlled to impose the desired 

strain-rate. These simulations were performed by Dr. Derek Warner in collaboration with 

Dr. Jean-Francois Molinari and were conducted in parallel with the experiments 

presented in this chapter.  It is thus appropriate and logical that the results from the 

simulations be presented together with the experiments. 

 

A Σ11(113) GB with a [110] tilt axis, as shown in Figure 5.8, was selected to examine 

stress-assisted GB migration.  Upon application of a critical shear stress, the Σ11 

boundary migrated downward one (113) plane, thus inducing a plastic shear strain into 

the system and reducing the stress.  The atomic structure of the migrated boundary was 

observed to remain constant after each migration step. As is shown in Figure 5.8,  

multiple simulations conducted over a range of strain-rates produced reasonable stress 

levels and revealed a rate sensitivity for this mechanism of m = 0.086. 
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Figure 5.8: MD simulations showing the strain-rate sensitivity of deformation due to 
GB sliding (Σ9) and migration (Σ11).  The pictures of the two boundaries display 
the deformed configuration with the darker colored atoms representing those not in 
perfect fcc packing.  Figure courtesy of Dr. Derek Warner. 
 

Shear induced GB migration did not occur when Σ9(221) boundaries were sheared in the 

[112] direction.  Instead, they accommodated the imposed shear strain by local atomic 

shuffling, as previously observed in 0 K atomistic calculations [56].  These simulations 

were repeated over a range of strain-rates and the rate sensitivity (m) of this mechanism 

was determined to be 0.055, as is shown in Figure 5.8.  The shear stress needed to 

generate GB sliding in the Σ9 boundary was lower than the stress needed to produce GB 

migration in the Σ11 boundary, but both values are reasonable.   
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Attempts to investigate the process of dislocation nucleation from GBs were complicated 

by the large spatial domain required to resolve this event [57] and the long calculation 

times associated with low rate loading.  However, it is worthwhile to note that the authors 

have performed calculations on the strain-rate sensitivity of partial dislocation nucleation 

from Σ9 and Σ11 GBs in copper.  These simulations yielded strain-rate sensitivities of m 

= 0.055 and m = 0.072 respectively. 

 

5.4. Discussion of Rate-Controlling Mechanisms 
 

Although conducted at extremely high rates, these calculations suggest that the strain-rate 

sensitivity of GB deformation mechanisms such as GB sliding, migration, and dislocation 

nucleation is less than it is for diffusion-based mechanisms, yet significantly greater than 

what is commonly reported for coarse-grain fcc metals.  Furthermore, the simulations of 

these boundaries and others not presented here highlight the fact that not all boundaries 

are prone to migration when subjected to shear stress.  Thus, it seems reasonable to 

assume that these boundaries, along with triple junctions, play a large role in governing 

the stress-induced microstructural evolution that is observed in nanocrystalline 

experiments [58].  It must be emphasized that the MD simulations were carried out at 

strain-rates (106 to 109 s-1) many orders of magnitude higher than the experiments 

conducted in this work.  Nevertheless, it is encouraging to note that the MD predicts 

reasonable values for the strain-rate sensitivity of GB mechanisms, which suggest that the 

atomic mechanisms in these simulations may be similar to those in experiment. 
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In the “real-world” situation of a polycrystalline aggregate with a broad distribution of 

GB orientations (with both tilt and twist character) and energies, the picture is most 

certainly different.  From a global perspective, one would expect the rate sensitivity to 

decrease towards microcrystalline-like values since the grain size increases during 

deformation.  Surprisingly, the opposite trend is observed.  The increase in rate sensitivity 

with strain and grain growth points to a change in the underlying mechanisms that govern 

plastic flow.  The current study together with observations of grain growth under the 

indenter in the near absence of thermal activation [51] indicate that stress-assisted grain 

growth is a mechanism that leads to elevated rate sensitivity in nc-Al thin films.  It is 

possible to rule out mechanisms such as Coble creep and GB sliding based on the 

experimentally determined values of m and .  Therefore, it is unlikely that these 

diffusion-based GB mechanisms are governing the plastic flow at these grain sizes.   

∗V

 

The measured activation volumes are still well above atomic volumes that are typically 

measured for short-range GB diffusional processes, but still well below those associated 

with intragranular dislocation forest cutting mechanisms.  In the GB coupling formulation 

[1,59] (as will be discussed in detail in Chapter 7), diffusion is not necessary to induce 

normal motion of a GB under an applied shear stress.  Rather, pure mechanical work 

drives the motion and does not require a thermodynamic driving force.  Of course, the 

activation of the coupling mechanism will appear locally as an “embryo” [59] (and will 

proceed in this nucleation and growth framework) that constitutes a short-range energy 

barrier, but on average the motion of the entire GB is an athermal process.  It is therefore 

plausible that the rate sensitivities measured are probing the kinetics of the grain growth 
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process in a microstructure with a statistical spread of GBs that are favorable for this 

mechanism.  The subsequent exhaustion of the GBs requiring the lowest mechanical 

activation, the corresponding increase in stress required to continue operating the 

coupling mechanism, and the competing relaxation of stress that the GB motion and 

increase in grain size are all possible explanations for the observed macroscopic 

behavior, at least in the early stages of plastic deformation.  This theory would be in 

accordance with the observed hardening and perhaps the yield point in this unique 

material.   

 

The most important finding of this study is the fact that deformation in thin film nc-Al 

specimens undergoing stress induced grain growth is highly rate-sensitive.  Moreover, it 

is interesting to note that MD simulations suggest rate sensitivities for GB deformation 

mechanisms that are comparable to those measured by experiment.  One implication of 

this elevated quantity is the ability to sustain large amounts of uniform deformation, as 

given by Equation 3.2 and outlined in [60].  This could explain the enhanced ductility in 

these dynamically evolving Al thin films. 
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CHAPTER 6: 

DRIVING FORCES FOR ROOM TEMPERATURE GRAIN 
GROWTH 

 
 
 
 
The microstructural evolution that has been shown to occur as a result of applied stress, 

coupled with the remarkable thermal stability of these nc-Al submicron freestanding thin 

films, raises the need for identifying the operative driving forces for grain growth.  In this 

chapter, the more traditional driving forces are examined and the key features compared 

with our observations and measurements.  The inability to describe the current 

microstructural evolution with the characteristics of the widely accepted driving forces 

for thermal grain growth compelled a search for alternative mechanisms.  The notion of 

stress-coupled GB migration is presented and compared with the phenomena reported in 

this thesis work. 

 

6.1. Traditional Driving Forces for Grain Growth 
 
 
While the study of GB migration in metals has received extensive treatment and is the 

subject of a text (see for example [1-3]) and several reviews [4-7], the knowledge-base is 

almost entirely phenomenological and the actual atomic mechanisms of GB migration 
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remain elusive.  As a result, no unifying “theory” of GB migration2 exists and recourse to 

preliminary results from molecular dynamics simulations [8,9]or high resolution TEM 

studies [10] are necessary to elucidate these atomic-level details.  It is, however, widely 

accepted [1] that GB motion is directly related to the internal surfaces of adjacent 

crystallites and their displacement, thus differentiating this motion from a diffusive flux 

that results in mass transport across the boundary. 

 

In general, the driving force for grain growth is related to a material’s desire to reduce its 

overall free energy, and is defined as 

dV
dGP −= ,     (6.1) 

where G is the Gibbs free energy, V is the volume of the system, and P has units of 

energy per unit volume.  It follows that the velocity of the GB can be related to the 

driving force by 

P
kT
HMPMv o ⋅⎟

⎠
⎞

⎜
⎝
⎛−=⋅= exp ,    (6.2) 

where M is the mobility of the GB, which has a temperature dependence as described by 

the activation enthalpy, H.  This reduction in total free energy of the system is 

traditionally manifest as a decrease in GB energy, stored deformation energy, surface 

energy, or elastic strain energy [1].  In special circumstances, a magnetic field can 

provide sufficient driving force for the migration of GBs, stemming from the anisotropy 

of the magnetic susceptibility [11].  In the current study, the importance of applied stress 

and the observation of discontinuous grain growth suggest that additional factors play an 

                                                 
2 The recent theory of GB coupling proposed by Cahn and Taylor attempts to rectify this point and will be 
discussed later in this chapter. 
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important role in initiating and promoting the grain growth that has been observed in the 

present study.  It is, however, instructive to consider the traditional driving forces for 

grain growth before considering additional causes. 

 

6.1.1. Curvature-Driven Grain Boundary Migration 
 
 
In the case of curvature-driven GB migration, the driving force is associated with the line 

tension in a curved boundary and thus a decrease in free energy that accompanies a 

decrease in the GB area.  This is usually defined in the following manner, and is 

analogous to the concept of surface tension: 

κγ GBP = ,      (6.3) 

where γGB is the GB energy and κ is the curvature.  This equation implies that the driving 

forces would be substantial in nc-materials if the radius of curvature is on the order of the 

grain diameter, and as such, extracting intrinsic GB mobilities from geometries that 

isolate this driving force has been the subject of recent molecular dynamics studies [12-

14].  Approximating the radius of curvature as the grain size (for d ~ 50 nm) and using a 

mid-range value of the grain boundary energy ( GBγ ~ 0.5 J/m2), we arrive at an estimated 

order of magnitude driving force of 10 MJ/m3 (or MPa, analogous to pressure on a GB). 

 

While the assumption that the radius of curvature scales approximately with the grain 

size may be reasonable for certain grains, the faceted nature of fcc grains even at the 

nanoscale (as seen in previous chapters) suggests that topological arguments for the 

reduction of GB length are more physical.  For example, in two dimensions, grains with 

five or fewer sides are expected to shrink while those with seven or more sides will grow 
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(thus, a series of patterned hexagonal grains with equal interior angles is a stable 

configuration) [6].  Polycrystalline grain growth can then lead to changes in the number 

of sides of a grain by so-called “switching” events, which occur either by the 

disappearance of grains or when two triple junctions combine to eradicate a boundary 

[5,15]. 

 

If reductions of GB energy alone drive growth, then the kinetics of growth in two 

dimensions would proceed in a manner dictated by the relation rMdtrd gb // γ∝ , where 

r is the average in-plane grain radius, M is the average GB mobility with a temperature 

dependence that can be expressed in an Arrhenius form, and gbγ is the average GB energy 

[1].  This relation suggests that the grain radii will increase homogeneously with t1/2 and 

that the shape of the grain size distribution is time-invariant, which is not observed in the 

stress-assisted discontinuous growth reported in this work.  The ratio of the mean grain 

size to the standard deviation of the distribution changes as a function of the applied 

deformation, indicating that subpopulations of grains are growing at the expense of 

others. 

 

6.1.2. Surface Energy Minimization 
 
 
Given the thin film geometry employed in the current study, crystallographic variations 

in surface energy might be expected to promote the growth of favorably oriented grains.  

The minimization of surface energies during the growth of grains could lead to a texture 

in polycrystalline films, where the driving force can be expressed as  
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( )
t

P is γγ Δ+Δ
=

2
,     (6.4) 

where sγΔ  and iγΔ  are the difference in surface and interface energies between two 

neighboring grains, respectively, and t is the film thickness [6].  This equation 

demonstrates that, strictly speaking, a grain orientation will be favored only if the sum of 

the difference in the surface and the interfacial energy is minimized.  However, in the 

freestanding films studied here, the interfacial energy term is not present (neglecting the 

presence of the surface oxide layer).  Plugging in the following values for the films 

studied here ( sγΔ ~ 0.1 J/m2, t ~ 200 nm) in equation 6.4 gives an estimate of the driving 

force to be ~ 1 MPa, which is an order of magnitude smaller than the driving force from 

boundary curvature.  The (111) orientation in fcc Al is known to minimize this surface 

energy [6].   

 

However, orientation mapping in TEM of the resultant large grains indicates that grains 

with low energy, e.g. (111) oriented grains, are not preferred (Figure 6.1).  Instead, the 

grain orientations seem to be randomly distributed and do not favor a (111) texture.  

These measurements are reinforced by electron back-scattered diffraction (EBSD) 

mapping of deformed Al films, performed by Dr. Marc Legros.  Figure 6.2 shows a map 

of colored grains, where the color corresponds to the out-of-plane orientation as given in 

the inverse pole figure for the Z-direction.  In other words, the color in the micrograph 

represents the orientation of each grain normal with respect to the sample surface, and 

this color is maintained and mapped onto the two in-plane directions.  This allows us to 

“track” the orientation of an individual grain.  For example, only two grains in Figure 6.2  
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Figure 6.1: Inverse pole figure showing orientations of coarsened grains after 
deformation of a 380 nm Al film, determined using TEM.  The orientations are 
randomly distributed throughout the triangle. 
 

exhibits a strong (001) out-of-plane orientation (dark green blob on the Z triangle).  

Subsequently, the in-plane orientation of this grain can be followed by identifying the 

appropriate color in the X and Y triangles.  These measurements only probed the grains 

that have grown to beyond the resolution limit (~ 100 nm) of the technique.  The inverse 

pole figures for both in-plane orientations and the surface normals are scattered all over 

the triangle with no apparent preferred texture. 
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(a) 

(b) 

 
Figure 6.2: Electron back-scattered diffraction map (a) that shows both the in-plane 
and out-of-plane orientations of the grains that have grown as a result of 
deformation that are above the detection limit of the technique.  Inverse pole figures 
are shown in (b) for the three Cartesian directions.  The map in (a) is colored 
according to its out-of-plane orientation (Z). 
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Figure 6.3: Dark-field TEM image of small grain with an out-of-plane orientation 
near [001] that is included in a large grain that has experienced growth. 
 

 

 (a) (b) 
 
 
Figure 6.4: Series of dark-field TEM images of a large abnormal grain for two tilt 
angles: (a) -7° and (b) -3°.  The diffraction contrast is not uniform for the grain 
indicating it is the result of agglomeration of smaller grains. 
 

 197



Rare observations of embedded grains within larger grains were also discovered in 

deformed specimens, as shown in the dark-field TEM image in Figure 6.3, where a 

growing grain apparently consumed a majority of its neighbors while leaving a small 

grain embedded in the center.  Given the size of the large grain relative to the film 

thickness (380 nm in this case), it is improbable that the small grain is at a separate height 

from the large grain.  Furthermore, the similarity in size of the embedded grain with the 

mean size of the static matrix surrounding the large grain indicates that this was not result 

of a secondary nucleation event.  Another special configuration arose in a large grain 

with an especially discontinuous nature, as shown in Figure 6.4.  A pair of dark-field 

TEM images is shown for two tilt angles where it appears that the two sides of the grain 

are in slightly different orientations with respect to each other since a common Bragg 

conditions that gives rise to uniform contrast was not able to be found.  This observation 

implies that this large grain may have coarsened by adapting to the orientation of its 

neighbors at different points in time while not preserving a uniform orientation across the 

entire grain, which is similar to observations of grain coarsening in nc-Ni by Shan et al. 

[16].  It is important to note that this specimen only exhibited grain growth in the tensile 

gage and not in the ear sections, like the others discussed in previous chapters. 

 

6.1.3. Strain Energy from Stored Deformation 
 
 
The buildup of an excess density of stored defects and the associated elastic strain field 

can provide a substantial driving force for grain growth, as observed in studies of 

recrystallization in metals [1].  This quantity of driving force is usually given for a 

network of stored dislocations as: 
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2

2b
P sμρ
≅ ,      (6.5) 

where ρs is the density of stored dislocations, μ is the shear modulus, and b is the 

magnitude of the Burgers vector. 

 

TEM observations show no evidence of stored dislocation networks in both the as-

deposited microstructures and evolved microstructures with extensive growth prior to the 

onset of the extended plasticity regime.  In other words, the initial mechanism(s) for grain 

growth do not involve any processes that store dislocation networks within the grains.  

Only once the grains have grown to a size at which normal dislocation tangling can 

occur, do these networks remain for post-mortem observation, which suggests that the 

effect of stored deformation as a driving force for incipient growth is negligible.  Even 

the dislocation densities calculated from TEM images of fractured samples (e.g. Figure 

3.14), in which grain growth has already occurred, do not provide a substantial enough 

driving force to be a significant effect (using b ~ 0.3 nm, μ ~ 30 GPa, and ρs ~ 1013 cm-2 

gives a driving force of ~ 100 MPa).  Moreover, in situ TEM sequences of grain growth 

shown in Chapter 3 demonstrated that GB migration occurs in the absence of dislocation 

strain fields.  These observations confirm the fact that the applied stress, not the total 

plastic strain, plays an important role in promoting grain growth. 

 

6.1.4. Elastic Strain Energy Anisotropy 
 
 
A thermodynamic driving force can also arise from the presence of a gradient of the 

elastic compliance across a GB under the influence of a mechanical stress.  This occurs as 
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a direct result of the anisotropy of the elastic constants between two or more misoriented 

crystals or grains.  The driving force for GB migration due to elastic strain energy 

anisotropy is most commonly modeled by [8,17,18]: 

−+ −= UUP ,      (6.6) 

where U+ and U- represent the difference in strain energy density (with units of stress or 

energy per unit volume) between two adjacent grains separated by an interface.  This 

formulation can indeed serve to minimize the total system energy under the influence of a 

force in some configurations, although it is incomplete and not universal since it does not 

account for a generalized state of stress, leading to some confusion in the literature.  A 

more complete description is necessary for the modeling of complicated microstructures 

and strongly heterogeneous local stress fields, and is given by several researchers [19-

21].  Following this work, the driving force due to elastic strain gradients is given by the 

difference in chemical potential, eμΔ− , as 

( ) ⎟
⎠
⎞

⎜
⎝
⎛ −Ω=−Ω=

−=Δ−=

++

−+

jkjikiklijijkljkjiki

e

nFnCnFnU

P

σεεσμ

μμμ

2
1 ,   (6.7) 

where Ω is the atomic volume, n is the vector normal to the GB, and F is the deformation 

gradient.  This formulation results in the growth of the more compliant grain in order to 

minimize the total system energy, regardless of the configuration. 

 

Grain-to-grain differences in strain energy would also promote discontinuous grain 

growth [6], but the relatively isotropic elastic behavior of Al (which can be defined by the 

anisotropy ratio of the elastic constants, or ( ) 441211 2/ CCCA −= , where A=1 for a  
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Figure 6.5: Calculation showing the relative magnitude of the driving force arising 
from elastic anisotropy in Al compared to the driving force due to GB curvature.  
The grain size for a given applied uniaxial strain at which the driving forces are 
equal is plotted, showing that elastic effects are negligible for the grain sizes 
observed in this study. 
 

perfectly isotropic material and A=1.2 for Al) is expected to mitigate this effect in the 

current study.  Preliminary calculations of the driving force that may arise associated with 

variations in elastic strain energy indicate that it is as much as four orders of magnitude 

lower than those driving forces corresponding to surface energy and GB line tension.  

Following Haslam et al. [22], this can be shown by a very simple analysis that compares 

the driving force arising from elastic anisotropy to that expected from GB curvature (GB 

capillarity).  Using the maximum difference in the elastic constants 

( ), a geometric factor, K (0<K<1), that accounts for the ( ) 441211 2CCCCA −−=
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misorientation between two adjacent grains, and assuming that the grain diameter scales 

with the radius of curvature (not always a sound assumption given the faceted nature of 

the grains in Al), we can derive a critical grain size where the two driving forces are of 

equal magnitude.  Setting equations (6.3) and (6.7) equal to each other, and equating the 

radius of boundary curvature to a grain size d gives us the critical grain size for the elastic 

mismatch, 2
114 εγ AGBcr KCd = .  This is shown in Figure 6.4 as a function of the applied 

uniaxial strain and GB energy, which shows that at the upper limit of the elastic limit 

measured in the Al thin films studied here ( 0075.011 ≈ε ), the minimum crossover grain 

size occurs at a size that is greater than 2 μm, over an order of magnitude larger than the 

grains measured in this work.  This simple estimate (perhaps oversimplified) shows that 

these driving forces are relatively small for Al and can be neglected. 

 

 

6.2. Stress-Coupled Grain Boundary Migration 
 
 
The inability to explain the observed stress-assisted grain growth with the above 

mentioned traditional driving forces has required the consideration of other possible 

mechanisms.  The recent emergence of theories, simulations, and experiments that can 

describe the motion of a GB under a purely mechanical stress has proven to be an 

attractive candidate to describe aspects of these observations and measurements, and thus 

will be described here. 
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6.2.1. Theoretical Formulations 
 
 
Low angle boundaries are traditionally described in terms of dislocation arrays, and shear 

stresses are generally thought to influence low-angle boundaries by coupling to the 

individual dislocations in these arrays.  By contrast, high-angle grain boundaries are often 

described in terms of coincident site lattices, and until recently, the concept of coupling a 

shear stress to a high-angle GB was relatively foreign to the materials science 

community. This point is illustrated in Sutton and Balluffi’s book on interfaces in 

crystalline materials [23] where the authors contrast the coupling of low-angle boundaries 

with the sliding of high-angle boundaries. Cahn and Taylor [24] have, however, recently 

published a theoretical formulation describing a unified approach to GB motion that 

illustrates how normal motion of a GB can result from a shear stress applied tangential to 

it which results in tangential displacement of the two grains. 

 

The notion that the motion of grain boundaries with low misorientation angles is coupled 

to applied shear stresses is widely accepted [25,26], although surprisingly it has not 

received much attention in the materials science community.  Despite this seminal work 

that was published more than fifty years ago, the cultivation of the theory of GB motion 

due to mechanical coupling has been relatively stagnant.  The motion of a low-angle 

boundary under stress is usually interpreted in terms of the collective motion of discrete 

dislocations that comprise the interface [27].  This mechanism is illustrated in Figure 6.6, 

where the coupling of a shear stress to a low-angle tilt boundary with a misorientation 

angle of θ.  The interface is modeled by an array of edge dislocations, where the 

misorientation angle is defined as lb=θ  with b being the magnitude of the  
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Figure 6.6: Schematic of shear stress coupling to a low-angle tilt boundary with a 
misorientation angle of θ.  The interface is modeled by an array of edge dislocations. 
Figure adapted from [28]. 
 

Burgers vector and l the spacing between individual edge dislocations. These dislocations 

can glide along their respective slip planes under the influence of a shear stress.  This 

motion causes the boundary to move perpendicular to its plane, while concurrently 

inducing a tangential motion along the boundary.  By reversing the direction of the 

Burgers vector for the array of dislocations, while maintaining the sense of the applied 

shear stress, coupled motion of the GB in the opposite direction would result.  The shape 

of the deformed material and the degree of coupling would also depend on the character 

of the dislocation.  
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Extensions of this coupling to high-angle boundaries have been elusive in part due to the 

inability to directly observe and model the high-density dislocation content that defines 

the boundary.  Recently, a universal theory of the coupling phenomenon has been 

presented [9,24,29], wherein ideal coupling of motion within the GB plane (shear strain) 

to normal motion of the boundary is described by a factor, β, which ranges from -1 to 1.  

More explicitly, for a tilt boundary with a shear stress applied parallel to the GB plane 

and perpendicular to the tilt axis, the tangential velocity of the GB is given as [24]: 

)(|| τβ sn vvv += ,       (6.8) 

and in the absence of sliding (vs = 0), the equation reduces to that describing pure 

coupling:  

nvv β=|| .     (6.9) 

This formulation requires no driving force since it is a purely geometric construction, 

which implies that it is only a function of the interfacial structure.  Figure 6.7 plots the 

coupling factor, β, against the misorientation angle.  The data points represent the ratio of 

GB velocities calculated directly from molecular dynamics simulations, while the dashed 

lines represent the prediction from a purely geometric model of coupling [29].  It is 

somewhat surprising that the simple model captures two important features: (1) the model 

is valid for both low- and high-angle boundaries, even when a GB can no longer be 

simply defined as dislocation arrays, and (2) the discontinuous branch in coupling modes 

that arises from simple geometry is predicted and follows the results from the 

simulations. Moreover, the prediction [24] of normal migration coupling to grain rotation 

in curved GBs has indeed been verified by molecular dynamics simulations [30]. 
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Figure 6.7: The coupling factor, β, as a function of the misorientation angle for tilt 
boundaries.  The MD results (points and squares) collapse on the purely geometric 
model of coupling and predict the discontinuous branch in the coupling factor.  
Figure from [29]. 
 

Molecular dynamics simulations by Cahn, Mishin, and Suzuki [9,29] can provide 

valuable insight about the mechanisms that drive the coupling of normal GB motion with 

tangential motion.  Snapshots of the atomic-level details at the GB during the coupling 

process are shown for a Σ17(530) GB in Figure 6.8 [9].  These researchers showed that 

the entire process of coupling boils down to simple geometric operations on the GB 

structural units, or “kites”, which comprise the GB (represented by dashed lines in Figure 

6.8) that are activated as a result of the applied shear stresses.  Thus, it directly follows 

that the coupling factor will vary depending on the structure of the GB, which  

 206



 

 
 
Figure 6.8: Atomic mechanism of coupling for a Σ17(530) tilt boundary, showing the 
simple geometric operations that rearrange the GB structural units.  Figure adapted  
from [9]. 
 

corresponds to the spacing, periodicity, and collinearity of the individual structural units 

of the boundary.  Although multiple conformations and transformations of these “kites” 
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can exist, it is the process that requires the least stress for activation that will predominate 

[9].  This result insinuates a most critical component of the coupling process, namely that 

no diffusion is required (short-range diffusional events were observed in these 

simulations, but did not contribute to the motion of the GB) making the process athermal.  

It is important to recognize that the GB will not initiate movement as a single front, and 

that the nucleation of an “embryo” may be a thermally-activated process [31], requiring 

the surmount of an energetic barrier.  Once this nucleation event is activated, then the 

motion of the GB becomes athermal as described by the geometric coupling model.  It 

should be noted that the experimental observations of the athermal motion of tilt GBs in 

Zn have been reported [32] and are attributed to the breakaway of the GB from 

impurities. 

6.2.2. Current State-of-the-Art of Stress-Activated Grain Growth Experiments 
 
 
Bicrystal experiments allow for the careful control and measurement of specific GB 

geometries, clean observations and measurements of GB motion, and temperature 

dependence.  Winning, Gottstein and Shvindlerman [33,34] have, in fact, experimentally 

measured the motion of both high- and low-angle tilt boundaries in high-purity aluminum 

bicrystals under the influence of an applied stress and shown that the motion of both 

planar and curved high-angle boundaries can be induced by an imposed external stress.  

Recent molecular dynamics simulations of imposed shear stresses across high-angle grain 

boundaries also predict the normal motion of the boundaries as a result of the applied 

shear stress [9].  Other observations of boundary motion coupled to shear deformation in 

Al have been documented.  For example, Biscondi and Goux  reported this in <100> tilt 
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boundaries [35], and Fukutomi et al. in <110> tilt boundaries [36].  In addition, other 

theoretical formulations of purely mechanically-driven motion of GBs have been 

constructed that predict similar phenomena [37,38]. 

 

The obvious question for the work presented in this dissertation is the following: is the 

coupling of normal GB motion to shear active in very fine-grained polycrystalline 

samples that contain high interfacial densities, a large fraction of n-junctions, and incur 

large and heterogeneous stress states? Evidence is emerging that this coupling 

mechanism is important in nc-materials, even at low temperatures, as predicted by Cahn, 

Mishin, and Suzuki [9]. 

 

In situ nanoindentation of ultrafine grained and nanocrystalline Al films deposited on 

specially designed Si wedges demonstrated rapid grain boundary migration and 

coalescence during deformation [39].  Another study has reported the grain growth of 

ultrafine grained and nanocrystalline Cu near the indented region during microhardness 

testing at both cryogenic and room temperatures, and diminishing values of hardness with 

increasing indenter dwell time has been attributed to this microstructural evolution 

[40,41].  Yet another in situ deformation study revealed grain agglomeration in nc-Ni at 

room temperature [16].  Uniaxial mechanical testing experiments on pure nc-metals and 

alloys conducted by Fan et al. have also uncovered microstructural evolution [42-44].  

Furthermore, molecular dynamics [45] and molecular statics [46] simulations of fine-

grained polycrystalline volumes constructed using a Voronoi construction also provide 

evidence of coupled GB motion.  The common denominator with these results is an 
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indication of the signatures of stress-activated GB motion, although in most of these 

studies the unique mechanisms governing the microstructural evolution have not been 

addressed. 

 

The results presented herein strongly suggest that the stress-assisted grain growth 

observed is yet another example of this mechanical coupling.  The discontinuous nature 

of the grain growth is related to the fact that this mechanical coupling naturally promotes 

the motion of selected grain boundaries, which allows for preferential growth of the 

corresponding grains, while the widespread nature of the observed growth in this study 

suggests how effective the coupling can be in evolving the microstructure. 
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CHAPTER 7: 

SURFACE TOPOGRAPHY EVOLUTION DUE TO STRESS 
COUPLING 

 
 
 
 
Using a submicron freestanding thin film geometry, the unique size constraints in 

freestanding submicron thin films have been exploited to isolate the mechanism 

responsible for the microstructural evolution in nc-Al films and the corresponding 

dynamically changing deformation behavior reported in the previous chapters.  The 

experiments presented in this chapter allow the ensuing surface topography to be 

attributed to local grain boundary events, namely stress-induced shear coupling. 

 

7.1. Idealized Mechanisms for Stress Coupling in Thin Film 
Geometries 
 
 
The universal stress coupling mechanism proposed by Cahn and Taylor [1] implicitly 

predicts surface relief in thin film geometries with migrating GB planes that have surface 

normals parallel to the free surfaces, as shown schematically in Figure 7.1.  Put simply, in 

nanocrystalline thin film specimens undergoing stress-coupled GB migration, grains will 

grow to the point where their mean grain size is approximately equal to the film 

thickness.  Beyond this point, grain growth will progress but will be limited to film-

threading GBs that move laterally and continue until growth stagnates when the grain  
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Figure 7.1: Schematic of a threading GB that is subjected to a shear stress.  
According to the theory of stress-coupled GB motion by Cahn et al. [1], normal 
motion of the GB would be accompanied by shear strain along the boundary, 
leading to surface relief in a thin film. 
 

size is ~ 2-3 times the film thickness [2].  If stress coupling is invoked, then this normal 

GB migration will directly couple with tangential motion (the degree determined by the 

coupling factor,β ) that manifests itself as surface relief that is directly predicted by this 

mechanism, as hypothesized by Cahn et al. [3].  The coupling theory also directly 

predicts relative rotation between adjacent grains when any portion of a GB segment is 

curved [1].  The expectation of terracing and tilting of the grains at the surface of the 

films as a result of shear stress coupling to a GB motivated the experiments presented in 

this chapter. 

 

The two regimes of behaviors described previously were measured in the current study 

and representative tensile responses of freestanding Al thin films are shown in Figure 7.2.  

The mechanical behavior of a 150 nm thick film exhibiting high strength but limited 

ductility is representative of a specimen maintaining a stable microstructure during 

deformation, while that of a 300 nm film shows moderate strength and a large elongation 

to failure.  The latter behavior is associated with a specimen undergoing stress-assisted 

discontinuous grain growth during the course of tensile deformation. 
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(a) 

(b) 

Figure 7.2: (a) Representative stress strain behavior of Al thin film specimens 
showing two distinct types of deformation behavior associated with either a stable 
microstructure (strong but low ductility) or that of undergoing stress-coupled grain 
growth (intermediate strength with large total elongations). (b) SEM image of 
fractured Al sample mounted to a Cu TEM grid.  Boxes show areas where AFM 
scans were taken. 
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7.2. Surface Observations 
 
 
Scanning electron microscopy (dual-beam SEM/FIB, Nova 600 FEI) of deformed 

specimens was employed to determine if surface relief was present in specimens 

exhibiting both types of mechanical response and microstructural stability/instability. 

Trenches were cut through the thickness of the films using a focused ion beam (FIB) 

operating at 30 kV and a beam current of 30 pA.  The purpose of these trenches was 

twofold: first, to observe any variation of the thickness and cross-sectional morphology 

and second, to provide fiducial marks for subsequent quantification of surface relief using 

an atomic force microscope.    

 

Images of deformed surfaces shown in Figure 7.3(b) show obvious surface relief that was 

concentrated at GBs located near the fractured edge in a specimen that underwent stress-

assisted grain growth.  Figure 7.3(a) shows a micrograph of the ear region (where 

minimal stress occurred) of the specimen that had grain growth, where the surfaces had a 

smooth surface.  This low roughness surface that is comparable to the as-deposited state 

indicates that the surface relief is a function of the applied deformation of the films.  The 

surface relief was also found to be relatively widespread; it was not simply confined to 

localized regions.  Figure 7.4 shows a larger area of the surface that demonstrated unique 

surface topography, where it is apparent that this relief is not relegated to local regions of 

the sample.  
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(a) (b) 

 
Figure 7.3: SEM micrographs of a nc-Al specimen that has undergone stress-driven 
grain growth during tensile straining: a) surface near ear b) surface near fracture 
edge.  Trenches were cut using a FIB. 
 

 

Figure 7.4: SEM micrograph of a deformed nc-Al specimen near the fractured edge 
showing widespread surface relief. 
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(a) (b) 

 
Figure 7.5: SEM micrographs of a deformed nc-Al specimen with a static 
microstructure: a) surface near ear b) surface near fracture edge. Trenches were 
cut using a FIB. 
 

Similar experiments were conducted on 150 nm films that demonstrated the response 

expected for nanocrystalline metals: strong but relatively brittle.  This behavior 

corresponds to that of microstructure that remains static during deformation.  Since the 

films were half the thickness of those discussed previously, Pt lines were deposited on the 

surface at pre-determined locations using the deposition capability of the FIB prior to 

milling the trenches.  This was done to ensure that the film thickness could be resolved 

using SEM imaging since the Ga+ ions tend to round the top edge of the film.  Figure 7.5 

shows the surfaces of these films at both the fractured edge (Figure 7.5(b)) and in the ear 

section of the specimen (Figure 7.5(a)).  The surfaces imaged in Figure 7.5 show no 

apparent difference as a result of the applied deformation in the film, and the surface 

roughness appears similar to that of the as-deposited material.  Thus, the surface relief 

appears to be correlated to the occurrence of stress-driven grain growth and the attendant 

behavior that follows. 
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7.3. Atomic Force Microscopy of Surfaces 
 
 
Atomic force microscopy (AFM) was employed to obtain a quantitative assessment of the 

surface relief.  AFM measurements were conducted using a Veeco Multimode scanning 

probe microscope operating in AFM tapping mode. An AFM tip length of 125 μm and 

resonant frequency of 300 kHz were used.  Figure 7.6(e) shows a representative AFM 

scan demonstrating the height profile obtained near the fracture edge of the specimen 

undergoing stress-driven grain growth.  The surface relief is concentrated at the GBs, 

while the interior of the grains are relatively smooth with roughness on the order of the 

as-deposited material.  From these observations, it is evident that the grains have not only 

shifted, but are also inclined with respect to their neighbors, a phenomenon also predicted 

by the stress-coupled GB migration theory [1] from the presence of curved boundaries; a 

direct consequence required by the continuity of lattice planes that cross the GB.  The 

other images in Figure 7.6 demonstrate the progression of surface relief; the largest out-

of-plane protrusions are concentrated near the fracture edge, and the surface becomes 

continually smoother as you move nearer to the ear section of the specimen.  In the ear, 

the surface shows similar roughness to the as-deposited material.  The apparent 

extrusions with large heights relative to the GB relief that appear in the AFM images are 

attributed to the silica particles that are deposited on the surface of the material for the 

image-based tracking method.  These can also be seen in the SEM image shown in Figure 

7.5 and the sizes measured from these and the AFM images agree with the expected size 

of the particles. 
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Figure 7.6: AFM height images of a 300 nm that exhibited grain growth during 
tensile straining, plotted at different positions along the tensile gage.  The fracture 
edge corresponds to x = 0. 
 

In addition, GB terracing was measured in AFM scans taken near the fracture edge as 

shown in Figure 7.7.  Here, it appears as if the GB has not only shifted out-of-plane but 

also leaves a trace of a sheared region along the surface of the film.  While it is possible 

to attribute this observation to a defective AFM tip or specimen drift during scanning, 

these artifacts would manifest with a specific orientation that would relate to the scanning 

direction of the tip.  The fact that these terraces do not exhibit any systematic orientation, 

coupled with scans performed in the opposite direction to eliminate the presence of tip 

artifacts, indicates that this is indeed a material event.   
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Figure 7.7: AFM height image of a deformed 300 nm film near the fractured edge.  
Terracing of several grains is apparent. 
 

It is perhaps intuitive to attribute the surface relief that is entirely concentrated at the GBs 

to a pure GB sliding mechanism.  However, the terracing events shown in Figure 7.7 

demonstrate large sheared regions that would not be present given a pure sliding event.  

Instead, the combination of lateral and out-of-plane movement seems to indicate that the 

motion of the boundary is not restricted to one direction.  The presence of a native oxide 

on the surface of these Al films could perhaps give rise to this discrete terraced behavior.  

As the boundaries move in the plane of the film and the motion is coupled to translations 

out of the plane, the grains will sequentially leave “impressions” in the oxide layer as 

they break through.  Another oxide layer forms readily (as demonstrated in Chapter 5) 

and this sequence repeats itself, leaving a history (trace) of the motion of the boundary.  

The need for low current ion imaging in the FIB to remove the oxide layer on the surface  
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Figure 7.8: AFM line profiles showing topographical evolution as a function of 
distance x from the fracture edge.  The longitudinal strain gradient from the gage to 
the ear of the sample is also shown to demonstrate the dependence of topography on 
deformation. 
 

of the film before seeing the underlying structure is another indication of the protection 

that a passivation layer may give. 

 

The dependence of the observed surface relief on the applied deformation is illustrated in 

Figure 7.8, where line profiles of AFM scans at various locations along the loading axis 

of a deformed sample are plotted.  The measured local strain at the time of fracture, as 

obtained by a custom image-based technique [4], is also shown to demonstrate the 

corresponding deformation gradient from the ear to the central portion of the sample.   
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Figure 7.9: AFM height images of a 150 nm that maintained a static microstructure 
during tensile straining, plotted at the fractured edge and toward the ear of the gage 
section. 
 

The strain profile along the gage section and the associated gradient indicates that the 

specimen failed during localized deformation (necking).  From these AFM profiles, it is 

apparent that the surface relief correlates strongly to the applied deformation in the film 

(as will be discussed later), and the peaks and valleys on the surface correspond to GB 

locations. 

 

AFM topographs were also obtained for the 150 nm films that exhibited no grain growth 

in various locations on the gage and ear sections of the film as shown in Figure 7.9, 

confirming the SEM observations.  No significant change in surface topography between 

the deformed and undeformed regions of the film was observed, and again, the roughness 

agrees well with the as-deposited value. 
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7.3.1. A Review of Conventional Roughness During Plastic Deformation 
 
 
Surface roughening of unconstrained surfaces of polycrystalline metals undergoing sheet 

forming processes is a well characterized phenomenon, and has been the subject of 

various studies (see, for example [5-8]).  In these studies, the surface perturbations are 

usually a result of heterogeneous deformation and intense slip line formation is noticeable 

on the surfaces of the grain.  The results presented herein appear to be fundamentally 

different in nature than the roughening that is produced by the accumulation of 

crystallographic slip events associated with microcrystalline deformation mechanisms. It 

appears that these results are not adequately described by plastic deformation-induced 

surface topography experienced during metallic sheet rolling and extrusion processes. 

 
 

7.3.2. Dependence of Surface Relief on Measured Strain 
 

The observations of surface topography evolution along with measurements of surface 

relief clearly demonstrate that this phenomenon is directly linked to the occurrence of 

stress-driven grain growth.  In addition, this progression of the surface relief shows a 

gradient along the gage section of the specimen that directly correlates with the 

difference in the strain incurred from the central portion to the ear section.  Therefore, if 

grain growth is a mechanism for generating plastic strain without the need for dislocation 

slip events, then the local strain (and stress) state should be fundamentally different.  This 

hypothesis will now be explored.  
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Figure 7.10:  Measured triaxial strain state on a 300 nm specimen at the final stage 
of deformation prior to fracture.  The longitudinal and transverse strains were 
measured using our image-based strain measurement, while the thickness strain was 
estimated from SEM images of cross-sections formed by FIB milling.  The black and 
grey curves give the volume change as calculated by small and finite deformation 
theories, respectively.  
 

This strain gradient has been measured using digital image correlation and tracking to 

make a more quantitative assessment.  This allows for the two-dimensional measurement 

of strain including the longitudinal and transverse stretch components as shown in Figure 

7.10.  The third component of strain in the thickness direction was estimated by making 

direct measurements of thicknesses from SEM images along the tensile axis of deformed 

specimens.  This was accomplished by using the FIB to cut trenches (which also served 

as fiducial markers for AFM measurements) in the films along the length and imaging the 
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cross-section with the SEM.  Since the cross-section cannot be imaged head-on, the 

maximum tilt angle allowable in the SEM was used for imaging and was kept constant 

for all cross-sections.  This fact prohibits the absolute measurement of thicknesses, so 

relative dimensions were estimated by using the approximate thickness in the ear section, 

and assuming that a minimal amount of deformation was induced in this region.  The 

resulting triaxial state of strain can be obtained and is plotted in Figure 7.10, along with 

error bars showing the large uncertainty associated with the out-of-plane strain.  These 

measurements demonstrate that the strain in the final stages of deformation, prior to 

fracture, is highly localized in the central portion of the gage.  It is also apparent that 

while the longitudinal and transverse strains monotonically both decrease along the 

specimen gage, the thickness strain shows a saturation point at approximately 250 μm 

from the fracture edge.  This indicates that a limit in the amount of out-of-plane strain 

exists, which is in accordance with the geometric constraint that was presented earlier in 

this chapter.  Once the grains have grown to span the thickness of the sample, all out-of-

plane strain (specimen thinning) following this point would have to be accommodated by 

a diffusional process or by crystalline slip of a grain with a favorable Schmidt factor. 

 
 
The ability to characterize the triaxial state of strain allows for the estimate the 

dilatational strain as follows.  The total strain energy in the system can be expressed as: 

( ) ( )2222222

2
1

yzxzxyzyxoU γγγμεεεμλ ++++++Δ= ,   (7.1) 

where λ is the Lame’s constant, Δ is the dilatation, μ is the shear modulus, εij and γij are 

the normal and shear components of the strain tensor, respectively.  It is clear from this 

equation that the strain energy can be decomposed into two major components, where the 
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first two terms represent the strain energy of dilatational, while the last term corresponds 

to the strain energy for distortion.  In the conventional framework for continuum 

plasticity theory, the volume of the material is conserved and the energy is focused on 

distorting the material by shear (slip) operations.  This notion is the basis of the well 

known Von Mises (J2 deformation) criterion for plastic deformation in crystalline 

materials, and is physically rooted on the assumption that dislocations are the carriers of 

plastic deformation in crystals. 

 

So, an assumption that plasticity mechanisms that give rise to continuum-level 

deformations are entirely driven by dislocation motion and interactions would result in a 

net volume change of zero in the plastic regime.  Since we are afforded the luxury of 

measuring the triaxial strain state in the material as shown in Figure 7.10, the volume 

change can be calculated as follows.  Given an element of material with dimensions h, w, 

and l, the initial volume is given by Vo = hwl.  Thus, the change is volume is 

higher order terms.  Assuming small deformations, the 

terms involving products of changes in dimensions will be small and can be discarded.  

We can rewrite the preceding equation as: 
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Normalizing by the initial volume gives us the non-dimensional dilatational strain: 
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Note that this formulation has the unique advantage that the complete strain tensor does 

not need to be known a priori, and instead only the diagonal components are necessary. 

 

It is, however, perhaps not a sound assumption to neglect the higher order terms needed 

for small deformation theory given the large strains that are incurred in these specimens.  

An alternative approach invokes finite deformation continuum mechanics, which utilizes 

the deformation gradient tensor, F, as follows. F is defined by 

IF +∇= u ,      (7.4) 

Where  is the gradient of the displacement vector and I is the identity tensor.  The 

determinant of the deformation gradient (also the third invariant of this tensor and often 

called the Jacobian) can be expressed as: 

u∇

odV
dVp =)(det F .     (7.5) 

This quantity represents the ratio of the volume after deformation (V) to the volume in the 

reference configuration (Vo).  If det(F) is equal to unity, then the deformation is said to be 

isochoric, or volume preserving [9].  Using this approach and assuming that the 

deformation consists of only the three principal stretches in a Cartesian coordinate system 

(only diagonal components of the deformation gradient tensor), then we can calculate the 

change in volume after deformation. 

 

The volume (dilatational) strain values, calculated using both small and finite 

deformation theory, are plotted in Figure 7.10 as a function of position along the gage 

section.  These values indicate that a negative volume change, or decrease in volume, in 

excess of 5% occurs in the region that is heavily deformed and has undergone 
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microstructural evolution.  The volume change diminishes with the corresponding strain 

toward the ear of the gage section where no grain growth (or surface relief) has occurred.  

While it is plausible that a volume change occurs as a result of the decrease in interfacial 

density (grain boundary area) as a result of the discontinuous grain growth, it is difficult 

to imagine a volume change of that magnitude.  For example, the polymorphous 

crystallization of an amorphous material, which would transform a sample with no 

interfacial area to one with a high density of boundaries (and would represent an upper 

limit for our study), exhibits volume changes of only a few percent for bulk materials 

[10] and as high as 9% for thin films [11].  Early X-ray studies of the GB structure of nc-

Pd indicated that 5% of the boundary atoms were disordered, as calculated by the local 

coordination number relative to that of the bulk [12,13].  Fully-3D computer-simulated 

nc-fcc self-similar microstructures with varying grain sizes showed [14] that for a 20 nm 

grain size, nearly 10% of the atoms reside at the GB, and of these GB atoms, 10% 

exhibited positional disorder.  These researchers further measured that approximately 

30% of positionally-disordered atoms reside at triple junctions [14].  Taken as a whole, 

these and other results show that while the local GB structure of nc-materials is not 

fundamentally different from that of microcrystals, a large fraction of atoms are located at 

the interfaces that sometimes exhibit positional disorder.  The anomalously high values 

measured in this study are most likely due to the uncertainty associated with the thickness 

measurements made from the SEM images.  Nonetheless, this qualitative result concurs 

with the notion that stress-driven grain growth as a mechanism that can accommodate 

plastic strain and is not necessarily volume-preserving.  Further investigations are 

necessary to confirm these observations. 
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7.3.3. Quantifying Surface Roughness and Topography 
 
 
Various numerical tools and mathematical formulae are at one’s disposal for the 

statistical treatment of randomly rough surfaces at the nanoscale where height data is 

typically obtained from AFM surface scans [15-17].  Typical quantities used for surface 

roughness include root mean square (RMS) roughness, height-height correlation 

functions, autocorrelation functions, and power spectral density functions (see, for 

example [18]).  The latter quantity is especially adept (by definition) at extracting height 

information for randomly rough surfaces with significant frequency components and is 

calculated using Fourier analysis. 

 

However, the phenomenon observed in this study consists of discrete surface relief steps 

that occur at grain boundaries and as such are not well described in the frequency 

domain.  While these quantities can describe the intragranular random roughness, they do 

not wholly explain the unique surface topography evolution shown here.  Figure 7.11 

demonstrates that the RMS roughness, as defined by the following 

∑∑
= =

=
N

i

M

j
jirms yxz

NM
r

1 1

2 ),(1 ,    (7.6) 

where z is the height departure from the mean plane, does an adequate job at 

approximating the surface topography for both film thicknesses.   

 

To utilize the local height information from AFM height maps, we have developed an 

image-based analysis that fits a plane to the grain interiors and outputs the surface step 

height and dihedral angle between two grains along a specified grain boundary.  The  
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Figure 7.11:  Root-mean-square (RMS) surface roughness of two representative 
films as a function of the position, x, from the fractured edge. 
 

algorithm and detailed description of this analysis is presented in Appendix A-2.  The 

assumption that the roughness of the grain interiors is negligible is based on 

measurements that show the intragranular roughness of deformed samples ( =RMSr  2.5 

nm) to be similar to that of as-deposited samples ( =RMSr 2.6 nm).  This allowed us to fit a 

planar surface AFM data of the grain interiors, as shown in Figure 7.12, and the measured 

step height and dihedral angle between adjacent grains.  These two quantities are 

demonstrated schematically in Figure 7.13, where the step height is represented by the 

quantity h and the dihedral angle is the angle between the unit normals of adjacent grain 

interiors. 
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Figure 7.12: AFM height image of the interior a deformed grain and the 
corresponding least-squares planar fit (shown as a meshed grid). 
 

 
 
Figure 7.13: Schematic showing step height (h) and dihedral angle (θ) between two 
planes with unit vector normals n1 and n2. 
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7.3.4. Statistical Analysis of Topography and Comparison to Theory 
 
 

The grain boundary step heights and dihedral angles between adjacent grains of a 300 nm 

sample that underwent stress-driven grain growth are plotted in Figure 7.14 in the form of 

cumulative distribution functions, where the ordinate represents the probability of 

adjacent grains that have a measured value (step height or dihedral angle) that is less than 

a given value.  The correlation of larger amounts of surface relief and relative grain 

rotations with the distance x from the fractured edge (and the corresponding strain as 

demonstrated in Figure 7.8) is shown quantitatively in these data.  The relief gives rise to 

individual GB steps that are as large as ~ 60 nm, which is nearly a shift of one entire 

originally-sized grain, and tilt angles as high as 20°.  The mean values for stepheights and 

dihedral angles are 17 nm and 6° at the fractured edge.  It should be noted that the step 

heights measured on these films are larger than surface relief predicted by thermal or 

surface diffusion-driven GB grooving at room temperature [19].  The native oxide 

present on pure Al would severely limit the surface diffusion that is necessary for the 

formation of these grooves. In addition, thermal grooving does not predict rotation or 

steps between adjacent grains; no tangential motion of grain boundaries is expected from 

this mechanism. 

 

Here we have utilized the unique thin film geometry to elucidate the details of this 

mechanism for deformation and have presented surface observations that are 

commensurate with stress-coupled GB migration.  Estimates of the amount of relief that 

would be predicted from the scenario shown in Figure 7.1 and measured values of the GB  
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Figure 7.14: Cumulative distribution functions of (a) step heights at grain 
boundaries and (b) dihedral angles between adjacent grains for a sample that 
exhibited stress-driven grain growth during tensile testing.  Different data sets 
correspond to AFM images taken at different distances, x, from the fracture edge (x 
= 0) of the sample. 
 

coupling factor [3] are aligned with the AFM measurements given here.  The surface 

topography evolution is directly correlated with observations of stress-driven 

discontinuous grain growth during tensile straining of these nc-Al thin films, and is 

strongly dependent on the magnitude of deformation. 
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CHAPTER 8: 

SUMMARY AND FINDINGS 
 
 
 
 
This thesis describes a set of experiments on pure nanocrystalline Al submicron 

freestanding thin films that elucidates the role of room temperature stress-assisted grain 

growth as a deformation mechanism and investigates the effect that growth has on the 

overall flow response.  The results of this work indicate that the discontinuous growth is 

directly coupled to the applied stress and has a dynamic effect on the macroscopic 

mechanical properties; ductility is enhanced at the expense of reduced strengths in 

comparison to tests in which no grain growth was observed.  Inspection of the 

characteristics of the growth implies that shear stresses couple to the grain boundaries 

and allow these boundaries to break away from impurity pinning atmospheres.  Varying 

the level of impurities introduced during film deposition results in a critical threshold for 

grain size stabilization against an applied stress. 

 

Above and beyond the scientific insight that was developed in the culmination of this 

research, the unique toolbox that was assembled with regards to the experimental and 

computational techniques and methodology to overcome or circumvent specific 

challenges will hopefully be of use to the mechanical engineering and/or materials 

science community.  For instance, the feedback that has recently been obtained upon 
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uploading the digital image correlation and tracking software suite to the public domain 

has involved the application of this tool to scientific and engineering problems that the 

authors never envisioned.  It is exactly this open-source mentality that allows for new 

inspiration and sparks the imagination to tackle open and unresolved challenges. 

 

8.1. Key Findings 
 
 
The results presented in this thesis offer substantial insight into the deformation behavior 

of nanocrystalline Al thin films.  The combination of precise mechanical property 

measurements using a stress state that is readily interpretable, coupled with thorough 

microstructural observations conducted in situ and post-mortem, allow for the extracting 

of the underlying mechanisms that dictate how the material accommodates plastic 

deformation.  Following the original intent of this thesis, light has been shed on the 

connection between macroscopic mechanical response and atomic-level details governing 

the response. 

 

On the basis of the framework presented herein, the following conclusions can be drawn: 

 
• The mechanical behavior of nanocrystalline Al freestanding submicron thin films 

is greatly affected by grain growth during tensile testing.  Extended ductility has 

been realized along with a concurrent loss in strengths.  Two general classes of 

mechanical behavior have been measured that are demarcated by the presence or 

absence of a dynamically evolving microstructure during tensile loading.  A static 

nanocrystalline microstructure exhibits a response that is normally attributed to 
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nanocrystalline materials, namely ultra-strong with the early onset of flow 

localization that approaches a brittle, ceramic-like behavior.  In stark contrast, the 

signature response of specimens undergoing stress-activated grain growth 

demonstrate an early departure from elastic behavior associated with incipient 

grain growth and subsequently progresses to the development of an extended 

region of extended plasticity where the work hardening rate is remarkably 

constant.  Local strains in the specimen gage as high as 50% have been observed, 

and total uniform elongations of ~ 20% are measured routinely. 

• X-ray diffraction peak broadening measurements and TEM observations 

demonstrate the transition from nanocrystalline mechanisms to microcrystalline 

plasticity, which is facilitated by grain growth.  The initial stages of grain growth 

and attendant plasticity do not leave any residual footprint of deformation 

processes that remain upon unloading.  X-ray diffraction measurements of the 

changes in lattice spacing and peak width during this initial “microplastic” region 

show unique accommodation and relaxation of the internal stresses that are 

presumably present from the deposition process.  Furthermore, it appears the 

grain growth is a mechanism that can accommodate plastic deformation and 

precedes the conventional dislocation mechanisms that are accommodated further 

along during the tensile deformation. 

• This growth is a direct result of the applied stress/deformation in the film.  Direct 

TEM measurements of grain size distributions in deformed specimens both in the 

most highly deformed region of the central gage section and in the ear, where 

minimal stress is expected and measured, show a stark difference.  The ear section 
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microstructure resembles that of the as-deposited configuration, while the central 

portion has evolved significantly.  In addition, specimens deformed at higher 

rates, and consequently incur larger stresses, exhibit more grain growth than their 

lower-stressed counterparts.  In situ TEM observations of highly localized grain 

growth at the tip of growing cracks reinforce the fact that the stress, not the plastic 

strain, governs the GB migration.  

• The presence and concentration of impurities in Al thin films appears to have a 

strong effect on the microstructural stability of the nanocrystalline films and their 

attendant mechanical response.  Even under the influence of relatively strong 

thermal driving forces, the material exhibits remarkable thermal stability, which 

could be justified by the segregation of impurities to the boundaries during the 

heating experiments.  Nonetheless, by changing the vacuum base pressure during 

physical vapor deposition and the corresponding concentration of impurities, the 

material response can be “tailored” to allow the microstructure to breakaway at a 

given stress or remain stable during the course of deformation, depending on the 

desired application. 

• The rate-controlling mechanism(s) that surround the observation of stress-

activated grain growth are highly sensitive to the applied strain rate.  The 

measured rate sensitivity is higher than has been reported measurements for 

nanocrystalline metals.  The dependence of the flow stress on strain rate appears 

to be a function of the loading history and the position along the stress-strain 

curve, and although values of activation volume are low, they are still 

significantly different from those associated with grain boundary diffusion and 
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sliding mechanisms.  Rather, the interpretation suggests that the rate-limiting 

processes involve the high volume fraction of grain boundaries that are present in 

nanocrystalline materials.  Direct measurements of GB migration velocities from 

in situ TEM studies give values that are entirely too fast for diffusional processes.  

Comparison with molecular dynamics simulations on Al bicrystals indicate that 

stress-coupled grain boundary migration is also highly rate-sensitive, a curious 

result given the athermal nature of this mechanism.    

• Characteristics of the observed grain growth are not consistent with “traditional” 

driving forces (e.g. grain boundary tension, grain-to-grain strain energy 

differences) and appear to be related to stress-coupled boundary migration.  Direct 

observations and measurements of unique surface relief and topography evolution 

show characteristics that are commensurate with the theory of shear stresses 

coupling normal motion to shear strain along a GB.  Relative motion and rotation 

between adjacent grains elicit measurable quantities of step heights and dihedral 

angles that correlate with the amount of deformation induced in the specimen. 

 

8.2. Future Work and Outlook 
 
 
Studies of the mechanical behavior of nanocrystalline metals have concentrated on 

extensions of the Hall-Petch relation to smaller grain sizes or identification of the 

deformation mechanism or mechanisms that become operative when microcrystalline 

plasticity is abated.  The results reported here underscore the dramatic effect that 

microstructural instabilities and grain growth have on the mechanical behavior of 
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submicron free-standing nanocrystalline Al films. Understanding and controlling the 

observed grain growth may provide opportunities for improving ductility.  The precise 

local spatial distribution of impurities and extension of this transformation to other 

nanocrystalline materials remains to be confirmed, but the significance of this finding 

with respect to the reliability of thin film nanocrystalline devices cannot be ignored. The 

mechanical behavior of these structures appears to not only be different than that of 

microcrystalline metals but dynamic as well. 

 

The novel deformation mechanism highlighted in this thesis represents a phenomenon 

that has, to the author’s knowledge, been largely overlooked by the nanocrystalline 

community.  Much of this is due to the limited number of synthesis routes that can result 

in nanostructured crystalline materials and the lack of purity involved with these methods 

(e.g. electrodeposition).  Nonetheless, physical vapor deposition techniques for 

deposition of thin films that are the building blocks of many of the MEMS and the 

emerging nanotechnology devices have the capacity to potentially tailor the material to 

either embrace or resist this microstructural evolution.   There are several directions for 

research with regards to this nascent field of stress-activated grain growth that could be 

pursued to gain additional insight on the fundamental processes that drive this mechanism 

and the properties that can be garnered as a result. 

• Direct experimental validation of the theory of stress coupling on polycrystalline 

materials is difficult to imagine, and while bicrystal (flat, planar boundaries) 

experiments provide much needed insight, a system that includes effects that arise 

from the presence of triple junctions, impurities, and a large distribution of grain 
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orientations (and thus a wide range of grain boundary character) would be ideal.  

A special type of microstructural morphology that arises from heteroepitaxial 

growth of Al on Si, as pioneered by Westmacott, Hinderberger, and Dahmen [1] 

could be an ideal candidate for this type of study.  Bi- and tricrystals of Al films 

with only two or three variants of a crystallographic orientation with known grain 

boundary character can be synthesized in thin film form, and subsequent in situ 

deformation in a TEM would provide information about relative grain boundary 

movements under the influence of an applied stress.  Thus, the ability to 

quantitatively characterize the coupling factor for a known grain boundary 

character would be gained. 

• Evidence presented in thesis point toward the stress, not the plastic strain, in 

initiating and controlling the grain growth.  Experiments could be designed to 

probe this point and unequivocally prove or disprove this postulate.  The 

mechanics that dictate the stress and plastic strain fields around a blunt notch [2] 

state that while the value of the plastic strain will be the highest at the root of the 

notch and monotonically decrease as one moves away, the value of the maximum 

principal stress will be spaced away from the root at a distance that scales with the 

root radius.  This, in principle, allows for the identification of microstructural 

events and to associate them with either the maximum stress or strain by verifying 

the spatial location relative to the root of the notch.  By microfabricating either 

interior holes or edge notches, one could exploit this principle and use post-

mortem TEM to statistically determine where the most grain growth has occurred 

and determine whether this mechanism is stress- or strain-controlled.  Moreover, 
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by judiciously placing interior holes at various orientations relative to the tensile 

axis, one can find and separate regions of high deviatoric (associated with shear 

and distortion) and hydrostatic stresses.  If the grain growth can be shown to 

occur under the influence of a specific stress state, then the details governing this 

mechanism could be elucidated and modeled accordingly. 

• The grain size and distribution play important roles in governing the plasticity in 

this “composite-like” structure, and modeling efforts should be focused on 

integrating not only the spread of the grain size distribution but also its temporal 

evolution.  Modeling that incorporates the nuances of a strongly heterogeneous 

stress state, and a composite-like distribution of temporally-evolving grain sizes 

that are a function of the applied deformation, is needed.  A micromechanics 

model that accounts for a composite of grains in which some grains yield within a 

matrix of elastic grains, such as that presented for nanocrystalline materials by 

Morita et al. [3], and also includes the effects of an evolving structure, like the 

work of Zhu et al. [4], is a viable approach.  Both of these studies underscore the 

strong influence of the variance of the grain size distributions on the macroscopic 

mechanical response, although the lognormal function that was used for modeling 

purposes does not adequately describe the discontinuous nature of the growth 

presented in this thesis work.  

• The possibility to control the grain growth in these materials and subsequently 

tailor the material response for a given application presents an exciting new 

avenue of future research.  Since most mechanical design involving structural 

analysis is based on critical values of the stress, it is fortuitous that this 
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phenomenon is stress-controlled.  This engineering of properties, that hinges on 

impurities that stabilize a grain boundary until a critical stress allows the 

boundary to break free, will require a comprehensive understanding of the spatial 

distribution of impurities.  This elusive quest will necessitate the use of advanced 

chemical characterization tools, and the most promising is the newest-generation 

three-dimensional Local Electrode Atom Probe (LEAP) microscope, which 

provides both atomic-scale resolution and compositional analysis.  Coupling 

advanced characterization and synthesis techniques afford the possibility of 

adding specified amounts of impurities to a microstructure. 

• Extensions of these phenomena to other material systems, where changes in 

intrinsic material properties (e.g. chemical inertness, stacking fault energy, 

melting temperature, elastic constants, etc.) can significantly alter the manner in 

which a specimen will respond to an applied stress, are not straightforward.  Other 

materials that are currently used in thin film applications should be studied to 

determine the universality of stress-activated microstructural evolution, and 

extensions to other crystal structures would also be of interest.     

• In situ TEM observations of extreme blunting of crack tips due to grain growth, 

coupled with preliminary measurements of toughness in nc-Al films, indicate that 

grain growth is an intrinsic toughening mechanism and can potentially be 

exploited as a means for “self-healing”.  Accurate measurements of fracture 

toughness in this material system are needed, and accordingly, techniques and 

instrumentation for accomplishing this task.  Necessary developments include, but 

are not limited to: fabricating small-scale cracks and notches, techniques for 
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initiating atomic-scale fatigue pre-cracks, local full-field strain and displacement 

characterization, and statistical treatments for quantifying microstructural length-

scale gradients. 

 

The knowledge-base for the mechanical behavior of nanocrystalline materials has 

progressed tremendously from its inception, and significantly during the time-frame of 

this thesis work.  Efforts based on uncovering novel deformation mechanisms and 

characterizing the intrinsic response have been successful, although producing large 

amounts of bulk nanostructured material free of artifacts is still a challenge.  The MEMS, 

microelectronic, and nanotechnology industries still represent the most viable use for 

these materials, and efforts should be focused on understanding the overarching response 

of thin film materials. 
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APPENDIX A-1 

XEF2 PULSED ETCHING CHAMBER AND SYSTEM 

 
This appendix describes the design, construction, and automation of a custom-built XeF2 

dry pulsed gas etching system.  The current system was adapted and modified from a 

previous system built by Dr. Francisco Tejada and Dr. Jennifer Blain Christen for the 

Whitaker Institute Lithography and Fabrication Facility at JHU. To increase the 

fabrication efficiency of thin film samples, the XeF2 etching chamber that is used to 

release metallic films from the Si substrate was redesigned and retrofitted with 

pneumatically controlled valves.  The solenoids controlling these valves are controlled by 

a DC voltage, and a computer, running LabVIEW software is used to control the pulse 

process using the output from a pressure gage as feedback. The LabView interface for 

this system was programmed with help from John Sharon.  Etching cycle times were 

greatly reduced by nearly a factor of two.  This appendix also includes the basic etching 

process and the instructions for use of this system that were developed by the author. 

A.1.1 Design of XeF2 Etching System 

 

Commercial XeF2 etching systems (for example, www.samcointl.com and 

www.xactix.com) that contain a reasonable amount of complexity have recently become 

readily available.  Compared to these products, the system that the author has built is 

relatively simple.  This form of etching in the MEMS community has been around since 

the mid 1990’s, and as such a substantial body of empirical data on etching recipes for 
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etching Si is available.  It is generally understood that a “pulsed” process, as opposed to 

having a continuous flow of gas etchant, gives optimal etching rates. The system was 

designed in this vein and the general principle is described as follows.  A vacuum 

chamber is pumped down to pressures in the milliTorr range using a standard mechanical 

pump.  Once this base pressure is achieved, a valve is opened that exposes solid XeF2 

crystals to this low pressure, which causes them to sublimate to a gaseous form.  The gas 

is allowed to expand to a prescribed value and the etching process resumes.  The sample 

is etched for a set period of time, and then the chamber is pumped down again and the 

procedure repeated until the desired amount of Si is etched away.  The etching rate is a 

function of many variables, although the exposed surface area of Si seems to be the most 

influential.  For example, an exposed area of approximately 4 cm2 gives an etch rate of ~ 

2 μm/cycle. 

 The JHU system, shown in Figure A1.1, consists of the following components: 

• An etch chamber into which the samples are placed and serves as the connection 

to the valves and the pressure gage.  The samples are loaded through the entry 

port in the front of the system that is covered by a blank flange. 

• Two pneumatically-actuated solenoid valves that control the expansion of the 

XeF2 gas or the chamber pump-down.  Right-angle stainless steel valves with 

copper bonnets were selected to minimize the deleterious effect of the gas species 

on the integrity of the valve, as seals formed by rubber o-rings tend to degrade 

with exposure time to XeF2.  The solenoids require 12 VDC for actuation, which 

is provided by a power supply, and the valves are designed to default to the closed 

position if power is interrupted. 
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• A reservoir where the XeF2 crystals are stored.  A Teflon cylinder with a recess 

is used for holding and exchanging the crystals and was designed to fit the exact 

dimensions of the reservoir chamber.  A blank flange provides access to this 

reservoir. 

• A pressure gage that monitors the pressure of the chamber.  The gage is a 

capacitance monometer, which measures the change in capacitance between a 

diaphragm and an adjacent electrode.  The transducer has a pressure range of 10 

Torr, requires an excitation voltage of ±15 VDC, and outputs a DC voltage 

between 0 and 10 V. 

• A simple data acquisition system that consists of a computer, a USB-controlled 

data acquisition board with screw terminals attached, and two DC relays.  The 

board acquires data from the pressure gage and outputs 0 – 5 VDC to the relays, 

which closes the switch between the power supply and the valve solenoids, thus 

controlling the valve. 

• A needle valve that controls the flow of pure Nitrogen gas into the chamber for 

purging and venting.  The purging step is important for minimizing the moisture 

in the chamber that leads to difficulty in pumping down the chamber, but more 

importantly reduces the risk of the Fluorine gas reacting with water molecules that 

could create HF vapor.  The flow of N2 gas in the chamber can be controlled by 

this valve in combination with the regulator on the side wall. 
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Figure A1.1: (a) Schematic and (b) image of XeF2 etching system. 
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A.1.2 Etching System Major Components Parts List 

 

Part Description and Model Number Vendor Information 

Right-angle stainless steel pneumatic valves 
CF flange, 2 ¾” 

PN: SA0150PCCF 

Kurt J. Lesker Company 
http://www.lesker.com 

5-way cross vacuum chamber 
CF flanges, 2 ¾” 

PN: C5-0275 
Kurt J. Lesker Company 
http://www.lesker.com 

Zero-length viewport window 
CF flange, 2 ¾” 
PN: VPZL-275 

Kurt J. Lesker Company 
http://www.lesker.com 

Multifunction DAQ for USB 
12-bit resolution, 10 kS/s 

8 single-ended inputs, 2 outputs 
PN: USB-6008 

National instruments 
http://www.ni.com 

Single output switching power supply 
25 W, 12 V, 2.1 A AC input / DC output 

PN: RS-25-12 

Astrodyne 
http://www.astrodyne.com 

Solid state relay for VDC input / VDC output 
Input (control) range from 4 – 28 VDC 

Output voltage range from 0 – 100 VDC 

Omega 
http://www.omega.com 

Capacitance monometer pressure gage  
(from original system) 

±15 VDC excitation input, 0-10 VDC output 
Pressure range of 10 Torr 

MKS Instruments 
http://www.mksinst.com 

Mechanical pump 
(from original system) 

Oerliken Leybold Vacuum 
http://www.oerlikon.com/ 

Personal computer 
Pentium 3 processor with LabView 8.0 Quantex 
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A.1.3 Instructions for XeF2 Etching 
 
To turn on: 
 

1. Turn on mechanical pump by turning on orange switch on the cabinet. 
2. Turn on pressure gage power supply (grey box) and digital multimeter (if you 

have one). 
3. Make sure power supply for the solenoids of the pneumatic valves is plugged in 

and green LED is lit.  Make sure the voltage is set to 12 V – if not, adjust with 
screw on the back of the power supply. 

4. Turn on computer and open LabVIEW. 
5. Load XeF2automated.vi. 

 
To load sample: 
 

1. Always wear latex gloves when loading samples or working inside of a vacuum 
chamber. 

2. Open vacuum valve.  Make sure XeF2 valve is closed. 
3. Open valve for N2 main cylinder. 
4. Slowly increase N2 regulator (on side wall) until slight resistance against turning 

is felt. 
5. Purge chamber with N2 gas at least three times using either the N2 valve or the 

wall regulator. 
6. Close vacuum valve. 
7. Remove C-clamp from sample chamber blank cover. 
8. Slowly open N2 regulator with one hand while placing other hand under sample 

chamber blank cover.  Once the chamber has reached atmospheric pressure, then 
the blank will fall off on its own – do not force the blank off!  This should take ~ 
1 min for chamber to vent. 

9. Close N2 regulator, valve, and valve for main cylinder. 
10. Load sample into chamber to the approximate center point.  Use viewing port to 

center the sample. 
11. Place blank on sample chamber with hand. 
12. Open vacuum valve. 
13. Place C-clamp on blank. 

 
To etch automatically using LabView: 
 

1. On the LabVIEW front panel, enter the user inputs (# of cycles, pump down 
pressure, etch time, and etch pressure).  Do not change values other than # of 
cycles unless you are an advanced user. 
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Figure A1.2: Front panel GUI for LabVIEW etching program. 

 
 
2. Click run on LabVIEW command bar. 
3. Valves will actuate automatically and will finish upon completion of the entered # 

of cycles. 
4. Use viewport window to check if all Si has been etched.  If not, enter a new # of 

cycles and run again.  MAKE SURE YOU DON’T OVERETCH YOUR 
SAMPLE.  XeF2 is highly selective but can reduce thicknesses of thin films. 

5. If XeF2 crystals become depleted and gas expansion takes too long, then the user 
will be prompted (Figure A1.3) to replace the crystals and VI will terminate.  
Only replace crystals if you are an advanced user.  If you need help, find an 
authorized user: Huy Vo, John Sharon, or Dan Gianola. 

 
To etch manually: 
 

1. Open vacuum valve to pump down chamber.  Make sure XeF2 valve is closed. 
2. Pump down chamber to a base pressure of < 0.07 Torr (1 Torr ~ 1 V). 
3. Close vacuum valve. 
4. Open XeF2 valve.  If pressure immediately reads atmospheric, then close XeF2 

valve, and open vacuum valve until pressures are equilibrated. Then repeat steps 3 
and 4. 

5. Wait until pressure reads ~ 3.2 V.  If pressure never reaches this value in 3 min., 
then crystals are out and need to be replaced. 
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Figure A1.3: User prompt if XeF2 takes more than 5 min to reach desired pressure. 
 

6. Close XeF2 valve. 
7. Wait 60 sec while sample is etched. 
8. Open vacuum valve to pump down chamber. 
9. Repeat steps #1-7 as needed. 

 
To vent chamber: 
 

1. Always wear latex gloves when loading samples or working inside of a vacuum 
chamber. 

2. Open vacuum valve.  Make sure XeF2 valve is closed. 
3. Open valve for N2 main cylinder. 
4. Purge chamber with N2 gas at least three times. 
5. Close vacuum valve. 
6. Remove C-clamp from sample chamber blank cover. 
7. Slowly open N2 valve with one hand while placing other hand under sample 

chamber blank cover.  Once the chamber has reached atmospheric pressure, then 
the blank will fall off on its own – do not force the blank off! 

8. Close N2 valve and valve for main cylinder. 
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A.1.4 Potential Improvements to Etching System 
 

The system is fully automated and operational in its current state.  Nonetheless, the 

author recommends the following upgrades to improve efficiency, control, and safety: 

• The addition of an expansion chamber that would be placed between the XeF2 

crystal reservoir and the main sample chamber in order to allow for the gas to 

expand to a prescribed value prior to reaching the sample/chip.  This would allow 

the user to control the etching process and rate much more effectively.  This 

chamber would be separated by another controlled valve and would require the 

addition of a gage that would monitor the pressure in the expansion chamber. 

• The addition of or relocation to a fume hood environment that would prevent the 

user from any inhalation of the noxious fumes associated with the XeF2 gas or 

etching byproducts. 

• The replacement of XeF2 solid crystals with compressed gas, which is 

commercially available in various cylinder sizes.  Although the cost is higher for 

the gas source, the expansion pressure could be more precisely controlled and 

would eliminate the need to handle the solid crystals. 

• The addition of an imaging system consisting of a video camera and/or a stereo 

microscope placed over the viewport window to accurately determine the 

completion of the etching process real-time.  Interfacing with the LabVIEW 

imaging module would allow for an image recognition scheme that could 

automatically terminate the etch process upon recognition of the underlying 

material (and thus removing all unwanted Si). 
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A.1.5 LabVIEW Program for Automating XeF2 Vacuum System 
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APPENDIX A-2 

ALGORITHM FOR EXTRACTING STEP HEIGHT AND 
DIHEDRAL ANGLE MEASUREMENTS FROM ATOMIC 

FORCE MICROSCOPY DATA 
 
 

This appendix outlines the MATLAB code that was developed to obtain quantitative 

descriptions of the surface topography evolution that was measured by the author using 

atomic force microscopy (AFM).  The methodology outlined here stemmed from the 

need to quantify features that deviate from a perfectly smooth surface and are not well 

described by conventional methods.  While a great deal of effort has been invested in 

developing mathematical techniques for evaluating surface roughness, these were 

determined to not adequately describe the unique topography that was observed, namely 

steps, terracing, and rotation between adjacent grains concentrated at the grain 

boundaries.  Existing tools describe roughness by calculating height correlations and 

quantities containing some spatial frequency component (thus using the invaluable 

Fourier transform).  However, steps and rotations between grains were not observed to be 

spatially periodic and consequently were not well-captured in the frequency domain. 

 

A guide to the MATLAB code developed by Dr. Chris Eberl and the author for analyzing 

data obtained using a Digital Instruments (now Veeco) multimode AFM operated in 

tapping mode is presented below.  This code was developed simply to quantify 

observations obtained by the author.  Nonetheless, graphical user interface (GUI) items 

were included since this code could easily be modified or utilized for a similar use. 
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A.2.1 User Guide for AFMscanalysis_v10.m MATLAB Script 

 

Upon running the MATLAB script AFMscanalysis_v10.m, the user will be 

prompted with the option, as shown in Figure A2.1 to (1) run a new analysis, (2) continue 

to mark more grains on an AFM image from an existing session, or (3) continue to mark 

more grain boundaries between previously marked grains from an existing session.  This 

selection was implemented to allow the user to save information, as will be discussed 

subsequently, from an incomplete analysis in a text file to be continued at some other 

time.  In other words, the user does not have to re-select grains and boundaries every time 

one opens an image. 

 
 

Figure A2.1: User menu. 
 
 
The first step in performing the analysis is to load the original AFM data as acquired 

from the DI multimode AFM.  This program is designed to work with this specific data 

architecture, although it is the author’s assumption that most commercial AFM packages 

output their data in similar manners.  The height data from the AFM output is in the form 

of a tab-delimited array with a size of 256 x 256, corresponding to the chosen scan 

resolution.  Each array value contains the height value in nm (although some packages 
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output an arbitrary height value that must be converted to true height).  As such, the 

actual size of the scanned region must be inputted and the data converted.  Consequently, 

the in-plane spatial resolution is: 

256
  sizescanesolutionIn-plane r = . 

The user is prompted to open the raw AFM text file as shown in Figure A2.2.  If the user 

has selected to continue from a previous session, then he/she will be prompted to open 

the corresponding “grains.txt” and/or “grainboundaries.txt” file(s) as well. 

 

 
 

Figure A2.2: Prompt to open AFM ASCII file. 
 
  

Once the file is loaded, the user is prompted to enter the scan dimensions in the x and y 

directions as well as the range for vertical (height) scaling.  The latter value assumes the 

original AFM file is in dimensions of nm and does not convert the height data.  Rather, 

this vertical input simply scales the z axis plots and color maps for optimal visualization.  

The original dimensionless image and the user prompt are shown in Figure A2.3.  It 

should be noted that a myriad of tools are available via the proprietary software that the 
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DI Multimode AFM is equipped with that are useful for adjusting the raw data (e.g. data 

filtering, poor scan line removal, surface leveling, etc.); these modifications should be 

done prior to using AFMscanalysis_v10.m. 

 

 
 
 

Figure A2.3: Raw AFM image and prompt to input scan size in nanometers. 
 
  

The AFM image will be redisplayed upon entering the scan size parameters with the 

proper dimensions on the x (horizontal and fast scan direction) and y (vertical and slow 

scan direction) axes, along with a color map where the gradient of colors corresponds to 

varying height values.  The GUI, as shown in Figure A2.4, will now be activated on the 

image in the form of crosshairs, and is used for the selection of grain interiors.  This was  
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Figure A2.4: Graphical user interface to select rectangle within grain interior for 
plane fitting. 

 

implemented for two reasons: 1) the grain boundary relief and contrast varies depending 

on the sample, imaging conditions, and surface condition, and thus is inadequate for 

using automated image processing tools for “detecting” grains; 2) some subjectivity is 

inherent in AFM images where grain boundary contrast is denoted entirely by relief 

characteristics (which may or may not be present in all cases) and it is always a good idea 

for the user to ultimately determine what is and is not a grain.  With the crosshairs active, 

the user will now be prompted to begin the selection of grain interiors by selecting two 

points within a grain, where the two points will determine a bounding box as defined by 

the lower left point and the upper right point.  The four points of the bounding box, along 

with its geometric in-plane center, will be plotted on the image, and the user will be asked  
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Figure A2.5: Confirmation of grain interior selection. 
 

if he/she is satisfied with the grain selection as shown in Figure A2.5.  If the user selects 

“no” then the grain parameters will not be saved to the database and the user selection 

screen will be redisplayed.  If the user selects “yes”, then the program will store the 

information for this grain in an array and will begin the planar fitting routine for the intra-

granular surface.   

 

A linear surface will be fit to the cropped grain interior AFM data using a linear least 

squares regression algorithm as outlined below3.  The assumption that the grain surface is 

well-represented by a plane is based on roughness measurements of the grain interiors 

                                                 
3 A detailed and clear description of least-squares regression techniques can be found at Wolfram 
MathWorld, mathworld.wolfram.com.  The summary given here is adapted from this site. 
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yielding values that are similar to the as-deposited values (ra < 5 nm).  Thus, the relief is 

almost entirely concentrated at the interfaces between adjacent grains.  The routine uses a 

robust linear least-squares regression algorithm to fit the plane to the raw data.  The 

regression finds the best fit to a line (or two orthogonal lines to form a plane) by 

minimizing the sum of the squares (hence least-squares) of the residuals (i.e. the offset 

from the fit to the data points).  Mathematically, this is implemented by finding this sum 

of the squares of the residuals along the direction of a Cartesian axis R2 of a set of n data 

points 

[ ]∑ −≡ 2
21

2 ),,,,( nii aaaxfyR K    (A2.1) 

from a function f.  The squares, as opposed to the absolute values, of the residuals are 

computed in order to have a continuously differentiable analytical description so 

minimization can take place as described by 
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For a linear function, as defined by 
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the following system of equations can be written and solved to yield the coefficients a 

and b that represent the fit. 
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Robust regression is implemented here to mitigate the effect of noisy and spurious data 

resulting from the AFM scans.  The robustfit function in MATLAB uses an 

iteratively reweighted least squares algorithm, where the weights for each iteration are 

calculated by applying the bisquare function to the residuals from the previous 

iteration4. This algorithm gives lower weight to points that do not fit well and 

consequently are less sensitive to outliers in the data as compared with ordinary least 

squares regression. 

 

Once the fitting is complete, a plot will be displayed (Figure A2.6) showing the cropped 

AFM data and the corresponding planar fit for each individual selected grain.  The 

coefficients for the planar fit will be saved to the “grains” file and the user will be 

prompted to continue selecting grains in the AFM image.  It should be noted that all grain 

selections will be stored in such a way that the user can continue selection of additional 

grains upon exiting and reloading the saved session.  Once the user is satisfied with the 

number of grains, then click “no” on the menu to continue selecting grains and the 

routine will proceed to the grain boundary selection.  A good strategy for obtaining good 

step height and dihedral angle data is to ensure that many grain pairs are selected the 

exhibit “clean” and readily distinguishable grain boundaries.  As with any data, the larger 

the data set, the more reliable the results will be. 

                                                 
4 This function is described in the MATLAB documentation and, briefly, is defined as the weight function 

given by ( 2211 rr −⋅p ) , where r is proportional to the previous iteration’s fitting residuals. 
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Figure A2.6: AFM data of interior of a grain along with the linear surface fit.  Note 

vertical scale in nm. 
 

The grain boundary selection routine begins by plotting all of the grains (box corners and 

centers) either selected from the previous component or loaded from a file saved from a 

previous session.  The user will then be prompted to select two adjacent grain centers for 

grains that share a common boundary.  Crosshairs will be displayed and upon clicking the 

program will calculate the distances from all grain centers to this selected point and 

identify the nearest grain center by finding the indices of the grain with the shortest 

distance.  This step eliminates any error from imprecise clicking.  The selected grain 

center is highlighted as shown in Figure A2.7 and the process is repeated  
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Figure A2.7: Grain boundary selection interface, where boundary is marked in red 
and grain centers are marked with green circles. 

 

for the adjacent grain.  Once the two grains are highlighted, then the user is prompted to 

define a grain boundary segment by clicking on two ends of a straight line representing 

the boundary.  If the user is satisfied with the selection, then he/she can continue to select 

boundaries between grains in the same fashion as the grain selection routine.  Again, all 

data will be saved during this process (“grainboundaries” file) and the option to resume 

from a previous session is always available.    

 

A.2.2 Description of Output Data, Step Height, and Dihedral Angle  

 

The data that results from running the script AFMscanalysis_v10.m includes the 

following quantities, where the locations of these data are denoted parenthetically: 
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• Coordinates of all selected grain centers (grains) 

• Coordinates of grain interior bounding box vertices (grains) 

• Coefficients for the planar fits of the grain interiors (grains) 

• Grain boundary segment length (grainboundaries) 

• Mean step height between two grains along grain boundary (grainboundaries) 

• Dihedral angle between the two planes representing the grain interiors 

(grainboundaries) 

The latter two quantities are utilized to obtain a quantitative description of the unique 

surface topography observed in this thesis work and were the impetus for the 

development of this numerical code. 

    

 

  

(b) (a) 

 
 

Figure A2.8: Schematics showing (a) step height (h) and (b) Dihedral angle (θ) 
between two planes with unit vector normals n1 and n2. 

 
 

Figure A2.8 schematically shows the definition of the step height and dihedral angle as 

used in this analysis.  The step height is calculated by extending the two planes that are fit 
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to the grain interiors until they intersect the grain boundary plane5, and subsequently 

calculating the height difference between these planes along the grain boundary.  The 

mean step height along this grain boundary segment is saved to the “grainboundaries” 

file.  The dihedral angle is simply the angle between the two grain interior planes and is a 

measure of the relative rotation of adjacent grains, where the angle θ would be zero for a 

perfectly smooth surface.  For two planes in a Cartesian coordinate system given by 
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with normal vectors n1 =  (a1, b1, c1) and n2 =  (a2, b2, c2), the dihedral angle is given by 

the dot product of these vectors, 
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5 AFM is a surface characterization technique, and as such the actual grain boundary inclination is not 
extractable from the data.  In this analysis, the grain boundary planes are modeled as extending infinitely 
along the vertical direction (i.e. never intersecting the z-axis). 
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APPENDIX A-3 

THIN FILM MICROTENSILE TEST SYSTEM 

 
This appendix describes the design, construction, and automation of a custom-built 

Microtensile test system that was primarily designed for thin film testing.  The design of 

this apparatus was adapted from previous and existing small-scale testing setups in the 

laboratory of Prof. William Sharpe, Jr., and contains many of the components found on 

these testing rigs that have proven to be successful.  The major distinguishing feature of 

this apparatus is the addition of the 5-axis picomotor stage to allow for precise alignment 

of the grips to the tensile axis of the sample. 

 

Figure A3.1: CAD schematic of custom-built thin film tensile testing apparatus.  
Balloon callouts correspond to the items listed in section A3.1. 

 270



A.3.1 Microtensile Test System Major Components Parts List 

Item 

Number 

Part Description and Model 

Number 
Vendor Information 

1 

Single-axis picomotor actuator 
1” travel, < 30 nm minimum 

increment, 5 lb maximum load 
PN: 8302 

New Focus   
http://www.newfocus.com 

2 

X-translation stage 
1.1” travel, ball bearing guided,        

20 lb maximum load 
PN: 9064-X 

New Focus   
http://www.newfocus.com 

3 

5-axis picomotor kinematic stage 
3 mm linear travel, < 30 nm minimum 

increment, 5 lb maximum load 
PN: 8081 

New Focus   
http://www.newfocus.com 

4 

X-translation stage (w/ micrometer) 
1.1” travel, ball bearing guided,        

20 lb maximum load 
PN: 9064-X 

New Focus   
http://www.newfocus.com 

5 
Capacitance gage mount 

Acrylic mount, ¼”-20 mounting holes, 
set screw for cap gage fixing 

Machined in-house 

6 

Capacitance gage 
Cylindrical probe, 0.51 mm linear 

range, 1.02 mm maximum range, used 
with 410 series amplifier 

PN: HPC-40 

Capacitec 
http://www.capacitec.com  

7 

Color digital CCD camera 
3.2 mega pixels (2080 x 1544), 12-bit 

color depth, 29 fps (reduced 
resolution), FireWire communication, 
C-mount attachment (to microscope or 

zoom lens) 
PN: ColorView II 

Soft Imaging System 
http://www.soft-imaging.net/  
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8 

Linear air bearing 
2” total travel, 30 lb normal load 

capacity (@ 60 psi) 
PN: RAB1 

Nelson Air Corporation 
http://www.nelsonair.com  

9 

Tension/compression load cell 
0-100 gf (1 N) range, ± 0.05% 

repeatability, linearity, and hysteresis, 
maximum 15 VDC input, 2 mV/V 

output  
PN : LFS 242-.25 

Cooper Instruments & Systems 
http://www.cooperinstruments.com  

10 
Load cell mount 

Capable of also mounting Entran load 
cells  

Machined in-house 

11 
Fixed plate 

 Multiple air bearing and load cell 
mounting locations for versatility 

Machined in-house 

 

A.3.2 VEE Onelab Data Acquisition Program 
 

 

Picomotor 
control 

 
Figure A3.2: Data acquisition front panel in VEE OneLab. 
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A3.4 

A3.5 A3.6

Figure A3.3: Data acquisition back panel in VEE OneLab. 
 

 
 

Figure A3.4: Portion of back panel in VEE. 
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Figure A3.5: Portion of back panel in VEE. 
 

 

Figure A3.6: Portion of back panel in VEE. 
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A.3.3 Instructions for Thin Film Tensile Testing 
 

The guide for thin film tensile testing that follows was prepared by John Sharon upon 

completing his training on the setup from the author.   

Preparing the Set-Up 

1. Turn on air to the air bearing 

1.1. First turn the main lever (red handle) to allow the air to flow 

1.2. Adjust the regulator for Thin Film set-up to read 12-15 psi. 

2. Mount the microscope and camera to the table.  

3. Check the load cell to see if the hysteresis is acceptable -- this is accomplished by 

noting the reference value of the load cell (i.e. the current value of the load cell with 

no load applied). Then gently pull on the air bearing to achieve a few grams of 

tension on the load cell and let go. Wait for a few moments and see if the load cell 

returns to the reference value. Repeat this test a few times and if the load cell returns 

to approximately the reference value then the hysteresis is acceptable.  If the 

hysteresis is not acceptable try adjusting the air to the air bearing and the coupler that 

connects the air bearing to the load cell. If results are still unsatisfactory then load cell 

should be removed, checked for calibration, and then re-attached. 

4. Attach grips (do not tighten screws all the way). 

5. Use the microscope to center the grips appropriately and then finish the tightening. 

6. Use the tethered remote to control the 5 axis picomotor stage to align the grips (be 

sure to select the correct channel on the picomotor driver). 

6.1. Align the height, a good check is to gently run the tip of your finger across the 

grips and see if a groove is felt. 

6.2. Align the rotation and the in-plane location of the grips…this may require a few 

iterations. 

7. Turn the switch on picomotor driver to neutral channel 4, remove the tethered remote 

and plug in the cable that connects the driver to the PC.  

8. Use the hand driven micrometer to separate the grips by ~3mm.  
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Mounting the Sample 

9. Use tweezers and place sample on the grips, when placing the sample try to have it be 

approximately centered. 

10.  Open the ‘AnalySIS’ program on the “Antec PC” and select “Acquire Image,” the 

PC screen should now display an image of the sample on the grips.  

11. Using the tweezers, adjust the sample on the grips so that the gauge length is fully 

suspended between the grips. In addition, make sure the sample is properly aligned. 

12. Zoom in all the way with the microscope and make sure that the gauge length is in the 

field of view of the camera as is Figure A3.7 (i.e. at max zoom it is still displayed on 

the PC monitor). Obtaining this state may require additional adjusting of both sample 

location and microscope position. 

 
Figure A3.7: Sample area to focus on with microscope.  The orange box outlines the 
portion of the sample that should viewed on the PC screen with the microscope at 

full zoom. For an actual picture of what it will look like on the PC screen please see 
Figure A3.9. 

  

13. Apply UV curable glue (Norland Electronic Adhesive 123) to the corners of the 

sample on the grip on the load cell side. Be sure that the glue is on both the grip and 

sample. Also be careful not to get any glue on the gauge length of the specimen. 

14. Cure one glued corner using the UV light source with an exposure time of 80 to 95 

seconds. Adjustable stands that screw into the table can be used to position the UV 

light source onto the glued area. Be aware of the dangers in using UV light. When 

exposing the glue with UV light, be sure to wear the appropriate goggles and let 

others working in the lab know that the UV light source is active.   

15. Repeat step 14 for the second corner 
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16. Still working on the air bearing side grip, apply the Loctite 414 glue so that it touches 

the back edge of the end tab and the grip. Allow 20 minutes for this glue to cure.  

17. Zero the load cell -- on the load cell read out, depress the third button from the left 

which has a following symbol, ‘ 0 ’  

18. Repeat UV glue steps 13 &14 for the sample corners on the opposite grip. 

19. Repeat Loctite glue step 16 for the sample on the edge opposite the air bearing. 

Releasing the Sample 

20.  Clamp the dremel tool to the table. Note that the dremel stand should not be in 

contact with the tensile apparatus. The location of where the dremel is to be placed is 

noted on the table. (see Figure A3.8) Choose the clamp location based on which 

support strip you want to cut first. In general, cutting the farther support strip first 

seems to work well.  

 
Figure A3.8: Cutting support strips with the dremel tool. 

 

21. Use the dials to position the dremel just above the sample…be sure the dremel head 

has no contact with the set-up to avoid transmission of vibration forces.  

22. If there is a tension load (positive value on the load cell read out), place the sample 

slightly is compression -- the load cell measurement should decrease by less than one 

gram. 

23. Turn on the dremel to a relatively slow to moderate speed (selector switch should be 

positioned closer to the off position than to the fastest speed position).  
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24. Slowly bring the dremel into the support strip using the hand driven micrometer on 

the dremel stand. It is sometimes helpful to keep an eye on the load cell while cutting. 

When the load changes you know that the blade of the dremel has made contact with 

the support strip. 

25.  Once the support strip has been fully cut use the dials to retract the blade away from 

the sample. Turn off the dremel only when the blade is fully retracted. 

26. The load on the sample may change significantly during the cutting process.  Do not 

move the sample with only one strip cut to avoid rotation of the sample. 

27. Unclamp the dremel platform and move it to the appropriate location for cutting the 

other support strip. 

28. Re-clamp the dremel platform. 

29. Repeat steps 22-24 and cut the second support strip 

Experimentation  

30. Turn on the multimeter. If the voltage reading is around 9.5 Volts then the capacitor 

is in a good location to run the test. (Voltage reading must be under 10 volts). If the 

output under 8.5 volts then adjust the moveable side of the capacitance gauge to 

obtain the appropriate reading.  

31. Adjust the microscope/camera to obtain final view that the image software will 

capture during experimentation 

31.1. Adjust set-up parameters such as microscope location / camera 

positioning, and the lighting. 

31.2. On the PC monitor, it is good idea to inset a sub window (such as a tool 

bar menu) into the main AnalySIS window that contains the test sample. Then 

adjust the camera based on the window’s horizontal or vertical edge aligned with 

the edge of the grip. This insures that images captured by the camera will have 

the tensile axis along the ‘x’ or horizontal direction  

31.3. Adjust image software parameters such as white balance and exposure 

time. 

 278



32. Apply silica dust – sprinkle dust onto test specimen then gently blow away excess. 

Check the image on the computer screen (this may require a few iterations)…the 

image should look as shown in Figure A3.9: 

 

 
Figure A3.9: AnalySIS image of sample prepared for testing. 

 

 

33. Pretest using VeeLab: in the process of preparing the experiment, the sample has 

most likely been put into tension (positive value of the load cell read out) so the 

purpose of the pretest is to place the sample into compression to determine the zero 

load state. 

33.1. Enter 0 on the voltage slider 

33.2. Clicking the ‘run’ button which looks like ‘►’ and is located in the top 

left of the program window will prompt the user for the following inputs: 

specimen thickness, specimen width, and the name/location of the folder to save 

the data to. Pressing the save button on this last prompt will initialize the pretest. 

33.3. Type 0.36 (applies compression) into the voltage slider and press ENTER. 

33.4. Turn Picomotor driver to channel 3. 

33.5. Watch one of the force plots and when the plot plateaus stop the test. Note 

the stress value at the plateau and then type 0 into voltage slider and press 

ENTER. 

33.6. Type -0.27 into the voltage slider and press ENTER. Put the sample in 

tension until the force goes back to its initial value. When the sample is in 

tension again, stop the Picomotor by typing 0 into the voltage slider and pressing 

ENTER. 
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33.7. Finalize the focus of the camera…since the sample is tested in tension, the 

last focus should be performed while the sample is tensile. (On the PC monitor 

the center of the gauge length of the sample should be in focus as much as 

possible). 

33.8. Compress the sample back to the plateau value (using 0.36 in the voltage 

slider) and then press the STOP button on the VeeLab. 

33.9. Turn the Picomotor driver to channel 4. This completes the pretest and the 

sample is ready for the tensile test.  

34. Prepare image capture for experimentation: 

34.1. Create a folder as the destination for captured images. 

34.2. In AnalySIS, go to Image Series Define. 

34.2.1. Select the destination folder that was created. 

34.2.2. Set Acquisition to 10,000 images. 

34.2.3. Set Delay to 1 per sec. 

35. Sync VeeLab software initialization with Image Capture initialization to run the 

actual experiment. 

35.1. Enter 0 into the voltage slider and then click the run button on VeeLab. 

Enter the information that you are prompted for but at the end do not click save 

yet. 

35.2. In Image AnalySIS, go to Image Series Start Acquisition but do not 

select start acquisition yet. 

35.3. In a synchronized manner click save in VeeLab and Start Acquisition in 

Image AnalySIS 

35.4. Now that VeeLab is running enter -0.27 into voltage slide and press 

ENTER then turn the Picomotor driver to channel 3. At this point the experiment 

is running and the sample is being paced in tension 

35.5. As the experiment runs periodically check the reading from the 

capacitance gage. If the multimeter goes below 3 volts then capacitance gauge is 

longer in its linear operation range which is 3-10 volts. To prevent any 

complications with the data quickly move the capacitance gage to bring the 

multimeter reading back to about 9.5 volts  
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36.  When the sample breaks, allow the set-up to run for a short while to insure that the 

data collected has a good zero value for the broken sample. 

37. Stop the VeeLab program to prevent further displacement of the sample. Then stop 

the image capture.  

38. For some cases it is desirable to save the broken sample for further analysis with 

Transmission Electron Microscopy (TEM).  To extract the gauge length, first separate 

the grips by a moderate distance. Then use the exacto knife to slice along the back 

edge of the gauge where it joins the end tab (use the silicon frame edge as a guide). 

This should allow you to grab/free the broken gauge length with the tweezers. Store 

the extracted gauge length in the labeled Petri dish.   

39. Next remove the grips and place them in acetone to dissolve the glue so the end tabs 

of the test specimen can be extracted.  

40. Finally shut down all equipment  

40.1. Turn Picomotor driver to neutral channel 4 

40.2. Make sure VeeLab and AnalySIS have been stopped 

40.3. Turn off power to UV light source 

40.4. Turn off air to air bearing 

40.5. Turn off multimeter and turn off any light sources 

40.6. Make sure the caps have been replaced onto the adhesives 

 

Post-Processing of Data  

41. On the ‘Antec’ PC, open the folder that contains the images taken during the 

experiment and open the first image with IrfanView 

42.  Using IrfanView crop the image so that only area of interest remains (typically the 

center portion of the gauge). Note the cropped dimensions displayed in the top bar of 

the program window. The purpose of cropping the image is to reduce the size of the 

image file and allow the digital image correlation analysis to run more efficiently.  

43. Next, perform a batch conversion of all images captured during the test.  

43.1. IrfanView File Batch Conversion / Rename 
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43.2. Select the folder that contains the images and “Add All.”  Then select the 

output directory, the file type, and also check “Batch Conversion” box. 

43.3. Click on “Set Advanced Options” and enter the cropped dimensions noted 

from step 41. In addition, under the “Miscellaneous” section, be sure to check the 

“Save files with original date and time” box. Press “OK” button 

43.4. Begin the batch conversion by pressing the “Start” button 

44. Post process the collected data using the Digital Image Correlation and Tracking 

module for MATLAB programmed by Christoph Eberl, Robert Thompson, Daniel 

Gianola at Johns Hopkins University, Group of Kevin J. Hemker. The guide to this 

MATLAB code can be obtained at 

http://www.mathworks.com/matlabcentral/fileexchange/loadFile.do?objectId=12413

&objectType=file#.  
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A.3.4 Picomotor Speed Calibration  

 

Input Voltage to Picomotor 
Driver (VDC) δ&  (μm/sec) ε&  (s-1)  

(with lo = 1900 μm) 

0.337 (minimum) 0.028 1.5 x 10-5 

0.36 0.102 5.4 x 10-5 

0.38 0.167 8.8 x 10-5 

0.42 0.362 1.9 x 10-4 

0.50 1.04 5.5 x 10-4 

0.60 2.47 1.3 x 10-4 

 
 
It should be noted that these picomotor speeds were calibrated with a particular stage to 

actuator mounting orientation.  Depending on the need of the user, the stage can be 

mounted in the reverse configuration, which would cause a negative input voltage to 

correspond to actuation in the tensile as opposed to the compression direction.  Another 

important point is that the speeds are not symmetric with respect to voltage.  In other 

words, a given positive tensile speed will not necessarily give the same speed in 

compression.  It is highly recommended that the user of this setup perform this 

calibration prior to running any experiments. 
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A.3.5 Instructions for Mounting Freestanding Thin 
Films to TEM Grids 

  
 
 

 

Microscope 

Grid with mounted 
sample 

 
 

Figure A3.10: Setup for mounting freestanding thin film tensile specimens to TEM 
grids for microstructural observation. 

 
 
1. Place filter paper onto microscope stage 

2. Place grids on filter paper – orient the grids so that the shiny side is face up to allow 

for better adhesion 

3. Using the glue pen place a drop of glue onto the grid (first depress glue pen onto 

scrap paper to initialize glue flow) 

4. Use the tweezers and extract the sample of interest from its case and place it on the 

grid. Be sure to have the area that is to be viewed in the TEM positioned in the center 

of the grid to prevent any interference from the grid’s edges 

5. Glue the sample to the grid by depressing the glue pen on the filter paper next to the 

grid…the glue should seep under the grid and by capillary action, adhere the sample 

to the grid. 

6. Remove any part of the sample that over-hangs the grid 

7. Move the grid to a clean area on the filter paper and allow the glue to dry. 

8. Place the grid with sample into the TEM box. 

Filter Paper 

Grid 

Fracture edge to be 
viewed in TEM 
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9. Note the sample location in the TEM box 

 

Note: 

 

 The grids are delicate so minimize the contact the tweezers have with the grid. 

Keeping the grids are straight and flat as possible will make mounting in the TEM 

easier 

 It helpful to make a sketch of the sample on the grid especially noting the specific are 

to be imaged. This is critical because sometimes the tweezers damage the thin film 

and it is necessary to be able to distinguish the area that is damaged from the 

experiment from the areas damaged due to handling 

TEM supplies are obtained from Ted Pella Inc.
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A.3.6 Machine Drawings for Thin Film Testing 

Components 
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