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Abstract 

The properties of a material depend immensely on its microstructure.  The ability 

to characterize a material’s microstructure and develop predictive models for how 

the material will respond when, for example, load is applied is a key component of 

designing with engineering materials.  Metals that are nanocrystalline (i.e. grain 

size < 100	nm) have unique properties owing to the ubiquity of grain boundaries 

within the microstructure.  This dissertation presents new methods of testing and 

characterizing materials at the nanoscale. 

 

In situ experiments were performed to measure the velocity of mobile grain 

boundaries utilizing conventional transmission electron microscope (TEM) 

imaging.  The average velocity of migrating grain boundaries was calculated to be 

on the order of 0.1	nm	s)*, significantly higher than the velocity predicted from 

diffusion-based processes.  Additional in situ experiments were conducted that 

utilize straining in combination with orientation imaging microscopy are utilized to 

determine the character of boundaries migrating in response to high stresses.  

From these experiments, no correlation between grain boundary character and 

mobility was found.  Also, by utilizing through these experiments, deformation 

twinning was observed in nanocrystalline copper thin films.  It was observed that 

twin nucleation and growth proceeds from grain boundaries. 

 

Additionally, many physical phenomena are affected by local stress state within a 

crystal.  A new technique is presented that provides the capability to map elastic 
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strains in polycrystalline materials with nanoscale resolution.  This technique, 

initially developed for analysis of semiconductor devices, was applied successfully 

to engineering metals and ceramics for the first time.  The strain resolution for this 

technique was calculated for polycrystalline copper (0.15%) and hot-pressed boron 

carbide (0.078%) specimens.  The elastic strain near grain boundary facets was 

measured and compared to a simple model, finding that the measured strain 

values generally agree with the residual strains expected from thermal anisotropy.  

Strain values were also measured in polycrystalline magnesium near deformation 

twins and a low-angle tilt boundary. 
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CHAPTER 1: INTRODUCTION AND BACKGROUND 

1.1. Technological motivation 

Throughout history, humankind’s ingenuity has often outpaced its ability to 

fundamentally understand the tools and techniques it applies.  Often, through trial 

and error, we can find a suitable solution to a problem without knowing how or why 

the best solution is the best.  A striking example of this can be seen by studying 

the methods and techniques used to manufacture and improve metal weaponry 

from the early iron age (~7000 BCE) through the full iron age (1000 BCE onwards) 

[1].  The best blades were the sharpest, longest lasting, and toughest that could 

be manufactured with the available materials.  Ancient blacksmiths did not start 

from a fundamental knowledge of the iron-carbon phase diagram to decide on the 

optimal chemistry and thermomechanical processing to arrive at the desired 

properties.  Instead, the work was done through trial and error and passed down 

through meticulous tradition over thousands of years finally producing swords such 

as Japanese Damascus swords, now over a thousand years old, we can see 

displayed in museums around the world [1].  It was, in essence, a top-down 

approach: understanding the properties needed and iteratively designing to 

achieve them best. 

 

Now, equipped with a modern understanding of atomic phenomena such as 

alloying, deformation mechanisms, thermal processing, etc. coupled with 
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contemporary characterization and fabrication capabilities we can solve 

metallurgical problems from a bottom-up approach:  using a fundamental 

knowledge of physical processes to achieve the desired properties for a given 

application.  Now, instead of major advances requiring millennia, they are 

observed with regularity each decade.  Instead of designing better swords, we are 

designing and producing alloys that can withstand the immense temperatures and 

stresses required to operate in a modern jet engine [2].  

 

Our understanding of general physical phenomena concerning metals, ceramics, 

polymers, and composites has advanced tremendously in the past century, 

allowing for countless advances in nearly every field and might be referred to as 

‘matured’ in many of these areas.  On the other hand, we now rely on, and often 

take for granted, devices designed with components on the order of one 

nanometer (10)O, or one billionth, of a meter).  What we find is that these nanoscale 

materials behave in fascinating and surprising ways, much different than their 

conventionally sized counterparts.  In the past twenty years, as these 

nanomaterials have been studied, we are once again reminded that our ingenuity 

in designing with these materials has outpaced our understanding of them.  We 

have learned much from studying nanoscale materials in the past few decades; 

however, our understanding of these nanoscale materials is far from matured, and 

great promise still lies in what can still be understood about them. 
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The US government has responded to the need to advance the study of nanoscale 

materials through continued funding from the National Nano Initiative (NNI).  Figure 

1-1 shows the total funding allocated to the NNI on a yearly basis.  The projected 

NNI budget for 2017 is over $1.4 billion, 42% of which is allotted for “Foundational 

Research” [3].  In the 2014 NNI strategic plan, Foundational Research is described 

as follows (emphasis added): 

Discovery and development of fundamental knowledge pertaining to new 

phenomena in the physical, biological, and engineering sciences that occur 

at the  

nanoscale. Elucidation of scientific and engineering principles related 

to nanoscale structures, processes, and mechanisms. Research 

aimed at discovery and synthesis of novel nanoscale and 

nanostructured materials and at a comprehensive understanding of 

the properties of nanomaterials ranging across length scales, and 

including interface interactions. Research directed at identifying and 

Figure 1-1. Chart showing the total allocated funds for NNI from 2001-2017 as 
well as a breakdown 2017 funding allocations.  Taken from [11]. 
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quantifying the broad implications of nanotechnology for society, including 

social, economic, ethical, and legal implications. 

The overarching aim of this dissertation is to advance our “understanding of the 

properties of nanomaterials ranging across length scales” particularly concerning 

nanocrystalline metals.  Nanocrystalline (nc) metals are a subset of nanomaterials 

that refer to metals with grain sizes of 100 nanometers (nm) or smaller.  

Nanocrystalline metals have unique and promising properties. Of particular 

interest to this dissertation is the mechanical properties of these metals as well as 

new techniques that have been developed to allow for direct observation on 

nanoscale phenomena in a way that has not been previously possible. 

1.2. Background 

The seminal paper written by Gleiter detailing the fabrication, characterization, and 

properties of nanocrystalline metals in 1989 sparked a wave of research on how 

to better understand and utilize these materials [4].  Mechanically, nanocrystalline 

materials can exhibit a wide range of mechanical properties: from brittle with 

exceptionally high strength [5] to ductile with relatively low strength [6-8].  What 

governs the mechanical response of these materials is largely the deformation 

mechanisms that are operative for a given material.  The dominant mechanisms 

that can operate in nanocrystalline materials are described in detail below in 

Section 1.4.  Generally, there is a size scale effect that correlates the strength of 

a metal with its grain size.  This relation is described by the Hall-Petch equation, 

first proposed in 1951 [9, 10]: 
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Equation 1-1 

@P = @Q + ST)J.U 

 

Where @P is the yield strength of the metal, @Q is the lattice friction resistance to 

dislocation motion, S is the hardening contribution from grain boundaries (GB), and 

T is the average grain diameter.  This relation was empirically derived and predicts 

a monotonic increase in yield strength as the grain size decreases.  Physical 

descriptions for why this relation is correct have been given in numerous forms; 

Cottrell describes the back stress resulting from dislocation pileups at the grain 

boundaries as responsible for this strengthening [11].  Metals with conventionally-

sized grains (>500 nm) follow this relation quite well.  As the grain size approaches 

100 nm, however, there is substantial deviation from the predicted Hall-Petch 

behavior.  This is described in detail by Kumar et al in [12].  Figure 1-2 shows the 

Figure 1-2. Schematic depicting departure from Hall-Petch behavior as grain 
size approaches the nanoscale.  Taken from [12]. 

!" = !$ + &'().+
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behavior they describe, which is a decrease from the Hall-Petch slope for metals 

with grain size less than ~100 nm followed by a breakdown of the Hall-Petch 

behavior for metals with extremely small grains (<10 nm). 

Further studies have shown that the mechanical behavior of nanocrystalline 

materials cannot be adequately predicted by grain size at all.  Meyers and others 

compiled reported strength and grain size for nanocrystalline Cu across many 

different grain sizes, fabrication techniques, and testing techniques [13].  Their 

results are shown in Figure 1-3.  The plot shows a wide spread of yield stress for 

nc Cu—at 100 nm (corresponding to 0.2	nm)J.U on the plot) the strength can vary 

from 200-1000 MPa depending on how the films were tested and fabricated. This, 

together with many other examples [6, 14-16], indicate that we cannot simply 

Figure 1-3. Chart compiling reported strength and grain size of nanocrystalline 
Cu.  Shows substantial deviation from Hall-Petch behavior and no clear 
correlation between grain size and strength.  Taken from [13]. 
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extrapolate the methods used to predict the properties of coarse-grained materials 

to nc metals and expect a strong correlation.  New experiments are vital to 

determine the different deformation mechanisms that can become active for nc 

metals. 

 

Furthermore, it is necessary to develop suitable characterization techniques to 

study the nanoscale phenomena of interest.  The resolution required to resolve 

nanoscale microstructural changes precludes the use of optical microscopy.  This 

is due to the resolution limit for microscopy defined by the Rayleigh criterion [17]: 

Equation 1-2 

5 =
0.61V
W	sin4

 

Where 5 is the smallest distance that can be resolved, W is the refractive index of 

the viewing medium, and 4 is the semi-angle of collection of the magnifying lens.  

The expression W	sin4 is typically very close to 1, which means that the smallest 

distance that can be resolved is on the same order of magnitude as the wavelength 

of radiation used to interrogate it.  Green light (in the middle of the visible spectrum) 

has a wavelength of 550 nm, so the best visible light microscopes can only resolve 

details larger than ~1	µm.  This is well above the features of interest when 

considering deformation mechanisms of nanocrystalline metals and necessitates 

the use of electron microscopy.  Scanning electron microscopy (SEM) and 

transmission electron microscopy (TEM) both provide nanoscale resolution.  

Throughout this dissertation, TEM will largely be utilized, which uses a beam of 
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electrons accelerated to >100 keV.  An electron of this energy has a wavelength 

of ~ 4 pm (4 trillionths of a meter), well below the diameter of an atom [17]. 

 

Though TEM provides the capability of resolving salient microstructural details, the 

difficulty lies in collecting relevant data and images in a way that allows for 

unambiguous interpretation.  For the case of nanocrystalline thin films, it is 

necessary to have the location, size, and orientation of each grain. Additionally, 

knowing the location and type of grain boundaries between the grains are 

essential.  This can be achieved with a two-dimensional mapping technique, 

referred to as orientation imaging microscopy (OIM) and will be discussed in detail 

below. 

1.3. Small-scale testing of thin films 

Materials can be mechanically tested in a variety of ways to determine strength, 

ductility, toughness, fatigue response, etc.  The most pervasive of mechanical 

testing techniques is the tensile test: a specimen of known dimensions is strained 

along a single axis, and the load is recorded as a function of specimen elongation 

(or vice versa).  This technique has been used and reported in scientific literature 

for well over a century.  Figure 1-4 shows a schematic of a steel tensile test 

Figure 1-4. Schematic of a tensile test specimen before (above) and after 
(below) straining.  Taken from [18]. 



 9 

specimen drawn by Mallock that was published in 1906 [18].  The figure shows a 

specimen before straining and after failure.  Tensile testing remains a cornerstone 

of mechanical characterization for many different types of materials. 

As discussed above in 1.2, nanocrystalline materials can have substantially 

different properties than their coarse-grained counterparts.  To characterize the 

properties of nc materials, small-scale tensile testing setups have been developed 

in the past 25 years that enable direct measurement of nanoscale materials.  

Among the first to develop a small-scale tensile test setup was Sharpe in 1993 

[19].  His initial designs have been developed and modified at JHU to enable a 

wide range of small-scale mechanical testing techniques [20].  The machine load 

frame used for the experiments outlined in the chapter was designed and built by 

previous researchers at JHU and was first described in [21]. A schematic of the 

tensile test setup is shown in Figure 1-5, and a photograph is in Figure 1-6.  The 

components of the setup are described in detail in Section 2.5.1.1. 

Figure 1-5. Photograph of the tensile test setup used for testing 
nanocrystalline thin films.  Adapted from [21]. 
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1.4. Deformation mechanisms at the nanoscale 

As discussed in 1.2, nanocrystalline metals deform differently than coarse-grained 

metals, owing to the possibility of various deformation mechanisms activating to 

accomplish plastic deformation. The mechanisms that have been reported for nc 

metals are shown schematically in Figure 1-7.  These mechanisms will be 

discussed in Sections 1.4.1-6. 

 

1.4.1. Enhanced diffusion 

The ubiquity of grain boundaries in nc metals allows for rapid self-diffusion.  

Diffusion-based creep was first proposed by Chokshi as a deformation mechanism 

Figure 1-6. Schematic of the tensile test setup used for testing nanocrystalline 
thin films. 
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for nc metals [22].  This mechanism was postulated as an explanation for the 

decrease in Hall-Petch slope observed for nc metals (see Figure 1-2).  This 

mechanism is based on the classically described Coble creep mechanism [23], 

which describes the strain rate, 9, as a function of the grain boundary diffusion 

coefficient (TZ[), temperature (A), and grian size (\): 

Equation 1-3 

9 ∝
TZ[
A\K

 

This mechanism was derived considering coarse-grained metals with an inverse 

cubed dependence on grain size. If extended to nanocrystalline metals, this 

mechanism would become significantly more pronounced due to the small grain 

size.  Experimentally, however, such high diffusion creep rates have not been 

Figure 1-7. Possible deformation mechanisms for nanocrystalline metals. 
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observed.  Sanders and others performed creep experiments on nc Cu and found 

that the observed creep rate was four orders of magnitude higher than what is 

predicted by the classic Coble creep mechanism [24].  This indicates that models 

derived considering coarse-grained metals cannot be applied to nc metals without 

verification.  Furthermore, while diffusion is indeed enhanced for nc metals, it is 

safe to say that grain boundary diffusion is not responsible for much of the room 

temperature ductility that has been observed in nc metals. 

 

1.4.2. Dislocation activity 

The stress required to bow a dislocation pinned at two points is inversely 

proportional to the distance between the pinning points.  For pure metals, 

especially as grain size decreases, the pinning points for dislocations are likely to 

be grain boundaries. Thus, as grain size approaches the nanocrystalline regime it 

becomes increasingly more difficult to operate dislocation sources to enable plastic 

deformation.  Additionally, post-mortem TEM characterization of nc metals indicate 

that nc grains are generally free of dislocations.  However, molecular dynamics 

(MD) simulations suggest that dislocation activity can occur via emission of partial 

dislocations from grain boundaries [25, 26].  These partial dislocations can be 

accompanied by another partial dislocation, creating a full dislocation. The 

dislocations can migrate fully across the grain, deforming the grain by one Burgers 

vector.  Partial dislocations leave behind stacking faults or twins.  These events 

are very rapid and are difficult to observe directly (see Section 3.3 for examples of 

dislocation activity using TEM bright field imaging).  However, the stacking faults 
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and deformation twins created as a result of partial dislocation activity are readily 

observable after deformation. Deformation twinning resulting from partial 

dislocation emission was observed in nc Al [27], confirming molecular dynamics 

(MD) simulation results [25, 26].  Additional examples are seen in [28, 29] and 

twinning will be discussed in detail below in Section 1.4.6. 

 

1.4.3. Grain boundary sliding 

Grain boundary sliding refers to plastic deformation caused by rigid body motion 

of grains with respect to one another along a grain boundary.  The ubiquity of grain 

boundaries in nc metals suggests that this mechanism could activate and be 

responsible for plastic deformation.  Simulations have been performed 

investigating this phenomenon, and it was determined that the energy required for 

grain boundary sliding in a polycrystalline specimen is prohibitively high.  Instead, 

rigid body motion of grains with respect to their neighbors is attributed to local 

atomic shuffling [30] or dislocations and self-diffusion acting in concert [31].  More 

recent simulations have proposed that rotational defects, disclinations, can be 

responsible for grain boundary sliding and strain hardening in nc metals [32]. 

 

1.4.4. Grain rotation 

Grain rotation can be brought about by the migration of disclinations, rotational line 

defects analogous to dislocations.  Researchers have sought to understand the 

relation of grain size to flow stress of nc metals. Romanov suggests that the 

substantial deviation from Hall-Petch behavior can be attributed, in part, to 
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disclinations [33].  Nazarov and others have calculated the contribution of 

disclinations to deformation in nc Al and have found it to be small but not negligible 

[34]. Disclinations have been observed experimentally using TEM in nc Cu, Mo, 

and Fe [33, 35].  

 

1.4.5. Stress-driven grain boundary migration 

When this mechanism is active, shear stresses couple to grain boundaries causing 

them to migrate. This mechanism follows closely the concept of shear-coupled 

migration proposed by Cahn et al that is based on MD simulations [36, 37]. There 

has been much progress in recent years in determining the conditions under which 

stress-coupled GB migration is active.  Stress-assisted grain growth has been 

observed in a wide range of nanocrystalline metals under various deformation 

conditions: Al [6, 38-44], Cu [45-50], Mg [16], Ni [48, 51-54], Pt [55], and various 

alloys [56, 57] and this is generally attributed to stress-coupled GB migration.  This 

mechanism is a primary focus of this dissertation.  Key results from both theoretical 

and experimental approaches can be summarized as follows. 

 

1.4.5.1. Theoretical approaches 

Grain boundaries are typically seen as static boundaries that impede the motion 

of dislocations.  Low angle tilt boundaries, which can be represented as an array 

of edge dislocations, are well-known to move in response to shear stress.  The 

individual dislocations respond to the applied stress and move in concert to 

accomplish the migration of the boundary.  In contrast, high-angle grain boundaries 
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cannot be represented by simple defect arrays, and there is no intuitive reason 

why these boundaries would move in response to applied stress.  Cahn et al were 

the first to describe the phenomenon of stress-coupled grain boundary migration 

for high angle grain boundaries [37, 58].  They performed MD simulations on 

bicrystals containing a single high-angle grain boundary.  By shearing the bicrystal, 

some boundaries migrated as a means of plastic deformation.  Figure 1-8 shows 

a schematic representation of this process where a solid line represents the grain 

boundary, and the dashed line indicates an arbitrary fiducial marker that is initially 

straight.  When shear stress is introduced, the boundary the boundary moves 

perpendicular to the boundary plane with a velocity 01 and the top of the bicrystal 

is sheared to the right, moving with a velocity 0∥.  This migration is not reversed 

upon unloading, and it results in permanent deformation of the bicrystal, much in 

the same way that dislocation migration would if it were an active mechanism. The 

migration velocities 01 and 0∥ are related by a coupling factor, 4 [36, 37]: 

Equation 1-4 

Figure 1-8. Schematic illustrating the coupled shear an migration of a grain 
boundary in response to applied shear stress, /. The boundary moves 
perpendicular to the boundary plane with a velocity 01 and the overall bicrystal 
is sheared to the right, moving with a velocity 0∥.  Figure taken from [37].  
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01 = 40∥ 

The coupling factor indicates the extent of shear strain that is imposed on the 

bicrystal per unit migration of the boundary and the migration velocity is related to 

the stress by the following relation [36]:  

Equation 1-5 

01 = ^4@ 

Where ^ is the mobility of the boundary and @ is the stress applied.  The mobility 

of a boundary is expected to be a function of the boundary’s character, suggesting 

some boundaries will more readily migrate in response to shear stresses than 

others.  One substantial limitation of the MD simulations performed by Mishin and 

corresponding theory by Cahn is that the types of grain boundaries that can be 

studied are limited to those that have a regularly repeating boundary structures, or 

coincident site lattice (CSL) boundaries.  For a detailed description of grain 

boundary nomenclature see Appendix A1.  The question of whether there exists a 

subset of highly mobile boundaries and whether these boundaries can be identified 

in a microstructure is a key question to be addressed in this dissertation. 

 

An advantage of MD simulations is that the mechanism by which the boundaries 

migrate can be directly observed at the atomic scale.  The mechanisms are 

described in detail in [37, 58-61].  In MD simulations of CSL boundaries, migration 

occurs by the reorientation of geometrical structures, or ‘kites’, of atoms that 

decorate the boundary.  An example of this process, taken from [37], is shown in 

Figure 1-9.  In the figure, the boundary is initially comprised on an array of kites 
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(a).  Upon straining, the boundary passes through an intermediate state (b) before 

being reconstructed (c) further down from the initial position.  A comparison 

between the atom positions before and after the migration step is shown in (d) 

which demonstrates clearly that the boundary migrated downward, effecting a 

shear deformation on the lower grain.  Cahn indicates that this type of isolated 

migration step happens many times across the entire grain boundary, resulting in 

an overall boundary migration.  This observation is important, because it provides 

evidence that grain boundaries can migrate via stress-coupled mechanisms that 

are independent of dislocation motion (as is the case for low-angle tilt boundaries) 

and atomic diffusion.  As mentioned above, the MD approach outlined here is 

Figure 1-9. Schematic illustrating the mechanism by which a Σ17 tilt boundary 
migrates in response to shear.  Figure taken from [37]. 
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restricted in the types of boundaries that can be investigated—all the boundaries 

are CSL type, flat, and between two grains.  

 

In nanocrystalline materials, boundaries are substantially more complex—they are 

generally not CSL type, they are most often curved, and they exist in a network of 

other grain boundaries and triple junctions.  Caillard and others built on the 

foundations of the Cahn model and developed a geometric framework that can be 

more broadly applied to determine the coupling factor between grains of more 

general nature [38, 62-64].  This technique, referred to as the Shear Migration 

Geometrical Model, or SMiG model, does not consider the specific structure of a 

boundary, but rather calculates the shear required to transform a parallelogram of 

atoms from one grain into a parallelogram of equal area in another grain.  The 

SMiG model agrees with the work done by Cahn and others for CSL type 

boundaries but can further be applied to a wider range of grain boundaries. 

 

There have also been MD simulations performed by Olmsted et al that seek to 

understand how grain boundary mobility is a function of its character [65-68].  For 

these simulations, grain boundaries were limited to CSL type boundaries with 

rational plane boundary normals.  Additionally, only bicrystals were considered.  

For these simulations, no shear stress was applied to the bicrystals; rather, a 

‘synthetic driving force’ was applied by reducing the energy of an atom residing in 

one of the grains.  In total the mobility of 388 grain boundaries in nickel was 

calculated and tabulated as a function of various physical parameters: Σ value, 
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excess volume, energy, and similarity to a coherent twin.  Results from their 

simulations are presented in Figure 1-10.  They found that there were indeed 

subsets of mobile and static boundaries, but these subsets were not easily 

definable by any of the physical parameters studied.  The only strong correlation 

was noted for Σ3 boundaries: as incoherent Σ3 approached the character of a 

coherent Σ3 boundary (twin), their mobility decreased.  They determined that 

boundaries within 15° of each other in 5-dimensional GB character space tend to 

have similar mobility.  This suggests that GB mobility is a function of its character, 

but how that character evolves throughout the 5-dimensional space is an open 

question. 

Figure 1-10. Results from MD simulations performed on 388 CSL boundaries in 
Ni showing boundary mobility as a function of various physical parameters.  
Figure taken from [66]. 
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Similar studies have been done to compare the differences in mobility among 

different metals [69, 70] and studying how the mobility of grain boundaries change 

as they are placed into grain boundary networks containing triple junctions [71].  

These simulations have advanced to the point that specific boundaries can be 

characterized for different metals; however, there are limitations on the types of 

grain boundaries that can be studied using simulations.  Curved boundaries with 

misorientations not of a CSL type are pervasive in nc metals but unfortunately no 

simulations have been conducted to determine the mobility of these boundaries. 

 

1.4.5.2. Experimental observations 

There have been many experiments performed, both ex situ and in situ, to 

investigate the phenomenon of stress-driven grain boundary migration.  Ex situ 

experiments typically characterize the microstructure before and after straining 

and compare the grain size.  If grain growth occurred, it is evidence that grain 

boundaries migrated during deformation.  These experiments have shown that 

stress-driven grain growth occurs in a variety of metals: Al [6, 38-44], Cu [45-50], 

Mg [16], Ni [48, 51-54], Pt [55], and various alloys [56, 57].   

 

Macroscopic Al bicrystals containing high-angle tilt boundaries were strained, and 

the resulting grain boundary migration (01) and shear (0∥) were measured and 

compared to the results obtained by Cahn through MD simulations [44].  The 

coupling factors, 4, compared favorably, providing evidential support for the shear-
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coupled GB migration theory.  In further experiments performed on tilt boundaries 

in Al, Gottstein and others proposed equations to relate the character of a grain 

boundary to its mobility[44]: 

Equation 1-6 

0 = ^_ 

Where 0 is the boundary velocity, ^ is the boundary mobility, and _ is the driving 

force.  They consider ^ to take the following Arrhenius form: 

Equation 1-7 

^ = `J exp −
e
SA

 

Where `J is a pre-exponential factor, e is the activation energy for grain boundary 

motion, S is the Boltzmann constant, and A is the temperature.  Equation 1-6 bears 

much similarity to Equation 1-5 derived by Cahn and indicates that a boundary will 

migrate in response to a driving force (e.g. shear stress) according to its mobility, 

which is a function of its character. 

 

Until this point, grain boundary migration has been referred to as ‘stress-driven’, 

but whether the mechanism was stress-driven or strain-driven was not definitively 

known until experiments performed by Rupert et al [43].  The mechanism was 

initially referred to as “deformation induced grain boundary motion” [72, 73].  The 

experiments performed by Rupert isolated the effects of shear stress, shear strain, 

hydrostatic stress, and hydrostatic strain through a unique specimen design.  The 

thin film tensile specimens were lithographically patterned to contain sets of holes 

that create heterogeneous stress and strain fields throughout the specimen.  The 
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specimens were then simulated using finite element modelling (FEM) to map out 

the stress/strain fields surrounding the holes [74].  The specimens were then 

strained, and grain growth was measured in various regions to determine where 

grains grew the most.  Figure 1-11 summarizes the results from these experiments. 

 

From the FEM simulations, it is clear that the point of maximum shear strain is 

adjacent to the hole, whereas the point of maximum shear stress is further into the 

film and decreases nearer to the hole.  By measuring many grains within each 

region, it was found that there was substantial grain growth throughout the 

Figure 1-11. Results from coupled FEM simulations and straining experiments 
performed on nc Al.  Demonstrates that shear stress controls the extent of grain 
growth, indicating this is shear stress driven mechanisms.  Adapted from [43]. 
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specimen, but the grain growth was highest in region 2 and correlated best with 

shear stress.  This observation was replicated for other geometries and confirms 

that this is a shear stress driven mechanism. 

 

It has been suggested that stress-driven GB migration is a thermally driven 

mechanism, similar to the grain growth observed after annealing.  However, 

experiments performed by Zhang et al conducted at 77 K using liquid nitrogen that 

also show grain growth for both Cu and Al [45, 46].  Additionally, Sharon and others 

performed room temperature tensile experiments on nc Pt (homologous 

temperature of 0.146) and observed grain growth [55].  These experiments indicate 

that, while thermal energy can increase the role of stress-driven grain growth, the 

mechanism can operate at very low temperatures and high stress. 

 

In situ experiments have provided key insights into stress-driven grain growth as 

well.  By combining straining experiments with a form of characterization—typically 

bright/dark field TEM—key observations can be made that cannot be obtained 

from the as-deposited and post mortem snapshots that ex situ experiments are 

limited to.  The first in situ experiments to study stress-driven grain growth were 

performed by Jin and others [72] in which migration of boundaries in nc Al were 

directly observed.  Additional experiments were performed by Legros and others 

[38, 39, 64, 75-78].  These experiments provide key insights into stress-driven GB 

migration.  They show examples of smaller grains being annihilated at the expense 

of the growth of larger grains.  They have also quantified the velocity of grain 
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boundaries, which can be used to infer the mechanisms that are active to bring 

about the migration.  They suggest that the migration of GB dislocations, or 

disconnections, are responsible for the movement of the boundary, and they 

develop an analytical model to correlate boundary velocity to migration velocity.  

 

Until very recently, in situ experiments have been limited to straining while 

collecting bright/dark field TEM observations.  This technique only illuminates 

select grains within the microstructure and provides no information about the 

character of migrating grain boundaries.  The focus of this dissertation is on 

utilizing orientation imaging microscopy (OIM) together with straining to observe 

the full 2D microstructure of nc thin films as they deform.  See Section 1.5 for a 

detailed introduction to OIM.   

 

1.4.6. Twin boundary migration 

For nc face-centered cubic (FCC) metals, there have been numerous 

observations, both in simulation [79] as well as experiments (Al - [27], Cu - [29, 47, 

80, 81], Pd -[82])  that deformation twinning can be an active deformation 

mechanism. The presence of twins and activity of deformation twinning can 

substantially change the physical properties of nc metals.  Deformation twinning is 

typically thought of as a three-part process: nucleation, propagation, and growth.  

The mechanism begins by emission of partial dislocations from a grain boundary 

and it is substantially more prevalent in materials with very low stacking fault 

energy, as the equilibrium distance between partial dislocations is much larger.  
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For nc Cu (stacking fault energy of 70	mJ	m)g), the stacking fault energy is low 

enough that partial dislocations can extend fully across a nanocrystalline grain [83].  

Once two partial dislocations are emitted from a boundary, the nucleus of a twin is 

formed.  Figure 1-12 shows an example of a nascent twin forming in Cu at a Nb 

interface [84].  The twin nucleus in the figure is  two layers and was formed by the 

emission of misfit dislocations from the Cu/Nb boundary.  Once a twin nucleus 

nucleates, further straining will propagate the partial dislocations until the twinned 

region extends fully across the grain.  Once this occurs, the twin widens by 

continued partial dislocation migration along the twin boundary.  This process was 

observed in situ for Pd using TEM and described in detail by Wang and others in 

[82]. 

 

Figure 1-12. High-resolution TEM image showing the formation of a twin 
nucleus by partial dislocations emitting from a boundary.  Taken from [84]. 
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1.5. Orientation mapping 

As discussed in Section 1.4, there can be multiple deformation mechanisms can 

activate in nc metals.  In order to determine which mechanisms are active and how 

they operate, suitable characterization techniques are required.  Characterization 

of nanocrystalline materials has largely centered around the use of TEM, as it 

routinely provides the requisite spatial resolution to observe nanoscale 

phenomena (see Equation 1-2).  Generally, conventional TEM operates in bright 

field or dark field mode.  Figure 1-13 shows an example of a bright field TEM 

micrograph taken from a nc Cu thin film specimen.  In the micrograph, some grains 

are clearly visible and well-defined, whereas large areas of the specimen have no 

discernable grain structure at all.  This is due to local variation in diffraction contrast 

that is governed by the diffraction of the electron beam within the crystal which 

given by Bragg’s law: 

Figure 1-13. Example bright field TEM image of a nc Cu thin film specimen. 

100 nm
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Equation 1-8 

V = 2\ sin h 

Where V is the wavelength of the radiation, \ is the spacing between lattice planes, 

and h is the angle of diffraction.  Application of Bragg’s law to a thin film specimen 

illuminated by a TEM electron beam shows that electrons will be diffracted to 

specific, discrete angles by crystalline planes with various lattice spacings.  This 

enables the formation of a diffraction pattern.  Figure 1-14 shows a simplified beam 

diagram projection illustrating this fact along with a diffraction pattern that is formed 

at the back focal plane.  An objective aperture can be inserted into the TEM to 

select electrons at the back focal plane that will proceed down the TEM column to 

form an image.  By selecting only the central spot, a bright field image is created 

as is seen in Figure 1-13.  The dark grains in Figure 1-13 are in a diffracting 

condition, thus the majority of electrons that interact with that grain do not pass 

through the objective aperture located around the central spot to form the image.  

Therefore, some grains have sharp contrast, because they are diffracting strongly; 

Figure 1-14. Simplified TEM beam diagram illustrating how bright field images 
are formed.  Objective aperture (orange circle) selects the electrons that 
proceed down the column to form the image.  
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whereas, other regions do not have diffracting grains allowing the majority of 

electrons to pass through and creating no contrast.  Bright field and dark field 

illumination excel at observing specific grains or clusters of grains, but the 

information they provide is limited.  The characterization technique best suited for 

studying effect of microstructure on the deformation mechanisms outlined in 

Section 1.4 is OIM.  OIM provides a 2D map that provides information about grain 

size, grain texture, grain boundary character, etc. 

 

1.5.1. Orientation mapping basics 

OIM, in general, relies on obtaining local orientation data for an array of points 

across a region of interest.  The most straightforward way to obtain orientation 

information for a crystal structure is through a diffraction pattern.  As described 

above in Section 1.5 through Equation 1-8, crystal structures diffract radiation 

(electrons, x-rays, etc.) at specific angles that is directly correlated to the spacing 

of the planes in a diffracting condition.  These diffraction patterns can be produced 

and collected in different ways as is discussed below, but they contain all the 

necessary information to determine the phase and orientation of the crystal that 

produced it.  Often this process automatically compares the experimental 

diffraction patterns to simulated patterns of known phase/orientation to find the 

closest match.  The key parameters to consider with OIM techniques are the 

specimen preparation, acquisition time, spatial resolution, and angular resolution.  

There are a few established OIM techniques that vary in these parameters, and 

they are discussed in Chapter 4.  The result from each OIM technique is identical, 
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though: it is a file containing spatial coordinates, orientation, phase, and other 

numbers that quantify the aptness of the fit between the experimental and 

simulated diffraction patterns.  OIM maps are typically presented as orientation 

maps with each pixel colored according to its orientation.  Figure 1-15 shows an 

example of a typical orientation map.  In the map, the color of each pixel is given 

by its out-of-plane orientation per the inverse pole figure (IPF) on the right.  This 

convention is widely used and will be assumed in this dissertation unless indicated 

otherwise.  A grayscale can be added to the map that indicates the aptness of the 

fit, resulting in poorly indexed areas being dark and confidently indexed areas 

bright.  There are many other ways to analyze and represent orientation data, and 

each will be discussed when relevant.  All orientation data for this dissertation were 

analyzed and presented using the OIM analysis software developed by EDAX [85].  

 

OIM facilitates the characterization of many microstructural details that are difficult 

to obtain via other methods.  Electron backscatter diffraction (EBSD) has been a 

100 nm

Figure 1-15. Example orientation map showing each pixel colored according to 
the out-of-plane IPF orientation on the right. 
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staple of SEM characterization since it was developed and popularized in the early 

1990’s [86].  Two newly-developed OIM techniques—transmission Kikuchi 

diffraction (TKD) and TEM-based OIM (TEM-OIM)—provide the same 

characterization capabilities with nanoscale resolution.  Chapter 4 details how 

these techniques are utilized, in combination with in situ straining, to characterize 

nanoscale deformation mechanisms in a new way. 

 

1.6. Thesis overview 

The research for this dissertation was funded by a Department of Energy grant to 

develop and employ techniques in an experimental study to quantify the influence 

that stress concentrations and microstructural details have on the deformation 

behavior of polycrystalline metals and alloys.  The overarching aim of this 

dissertation is to present a novel means of testing and characterizing nc metals by 

combining in situ straining with TEM-based orientation imaging microscopy.  The 

goal of this work is to add to our understanding of nanoscale deformation 

mechanisms as well as add to the repertoire of available techniques that can be 

used to characterize materials at the nanoscale. The chapters below will detail the 

advances made in specimen fabrication, ex situ testing, in situ testing, and 

characterization.   

 

Chapter 1 outlines the previous work done in this field of study, detailing the 

advances made through experiments and simulations.  Chapter 2 outlines 

advances in specimen fabrication and ex situ testing.  A new fabrication technique 
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was developed that enables testing of new nc metals that were not able to be 

produced using previous techniques.  Results from tensile tests of nc Cu are 

presented, and it is shown how OIM-TEM can be utilized to effectively calculate 

grain size more quickly than conventional TEM-based approaches.  Chapter 3 

details an experimental approach used to study nanoscale deformation 

mechanisms in situ.  Experiments were conducted utilizing bright field/dark field 

illumination together with video recording combined with straining to measure grain 

boundary migration velocity.  Chapter 4 presents a new technique for combining 

in situ straining with orientation mapping, providing direct observations of 

nanoscale deformation mechanisms.  An introduction to the characterization 

techniques used throughout (e.g. ex situ testing procedure, orientation mapping) 

is also provided. Chapter 5 introduces a novel technique that can be used to 

measure elastic strain fields in thin foils using TEM.  This technique will be 

introduced and applied to various polycrystalline metal and ceramic systems.  

Chapter 6 summarizes the overall contributions of this work and highlights key 

results obtained from the experiments performed.  Appendices outline necessary 

information not included in the chapters.  
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CHAPTER 2: DEVELOPMENT OF A NOVEL METHOD TO 

FABRICATE, TEST, AND CHARACTERIZE THIN FILM 

TENSILE SPECIMENS 

Using a novel lift-off technique, freestanding thin film metal specimens precluded 

by the constraints of previous techniques have been fabricated.  Bimodal Cu thin 

films were deposited using electron-beam vapor deposition and microtensile tests 

were performed to characterize their mechanical response.  A new 

characterization method that utilizes orientation imaging microscopy is presented 

and used for rapid measurement of grain size.  

 

2.1. Introduction 

JHU has a rich history of small scale mechanical testing largely through the 

contributions of the research groups directed by William N. Sharpe, Jr. and Kevin 

J. Hemker.  Small scale testing is necessary, because as materials approach the 

micron and nanometer length scale, their properties begin to deviate from those 

measured from larger scale materials [1-3].  Major results from these ex situ tests 

of nanocrystalline (nc) metals relevant to the scope of this dissertation are 

described in Sections 1.3 and 1.4.5.2.  Specifically, ex situ microtensile testing has 

been utilized to determine which metals exhibit stress-driven grain boundary 

migration and the factors that activate this mechanism [4-7].  This chapter outlines 

a new technique that was developed to enable the fabrication of nc thin film 

specimens from metals that were precluded in previously used techniques.  
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Additionally, the advantages that can be gained from characterizing nc thin films 

through TEM-based orientation imaging microscopy (TEM-OIM) instead of 

conventional TEM bright field (BF) or dark field (DF) imaging characterization is 

discussed. 

 

2.2. Materials selection 

Nanocrystalline copper is a technologically relevant material that is found 

frequently in nanoscale applications including modern microelectromechanical 

systems (MEMS) devices [8-10] and integrated circuits [11-13].  By using the 

process previously employed at JHU, Cu thin film tensile specimens could not be 

fabricated, as the process relies on a XeF2 etching step, and Cu is not inert with 

XeF2 [14].  Therefore, Cu was used as a model metal for the newly developed 

fabrication procedure.  In addition to Cu films, Al, Au, and Mg films were deposited 

using this technique and studied using in situ techniques, as is described in 

Chapter 3. 

 

2.3. Approach 

For ex situ testing, the mechanical and microstructural characterization of the film 

occur separately.  The process flow for ex situ testing and characterization of nc 

thin films is shown in Figure 2-1.  When determining whether stress-driven grain 

boundary migration is occurring, it is essential to accurately measure the grain size 

of the film both before and after straining to determine if there is a statistical 
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difference in grain size between the as-deposited and deformed films.  Since the 

tests are conducted at room temperature, any grain growth can be attributed to the 

stress-driven migration of grain boundaries that results in the growth of some 

grains at the expense of annihilating others and causes a global increase in the 

grain size [4].  The specimens were strained at a quasistatic strain rate 

(~1×10)U	s)*), and the stress-strain response was recorded.  

 

The ‘TEM specimen preparation’ step is destructive, so the same film cannot be 

characterized both before and after deformation.  Instead, two nominally identical 

films from the same deposition run—one as-deposited, one deformed—must be 

compared and a sufficient number of grains must be measured to determine if 

there has been a change in the overall grain size due to straining.  In the past, the 

Thin film 
deposition

Mechanical testing

TEM specimen 
preparation

TEM 
characterization

Data analysis

As-deposited
Deformed

Figure 2-1. Process flow for testing and characterization of nc films.  Films were 
deposited and microstructure of as-deposited and deformed microstructures 
were characterized and compared. 
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grain size of the film has been measured using TEM dark field imaging to view 

individual grains and manually measuring their size.  Below a new method to 

measure grain size that utilizes TEM-OIM is discussed.  This method substantially 

decreases the time required to measure the size of many grains and is equally 

accurate to existing manual measurement techniques.  Additionally, obtaining a 

digital representation of the microstructure provides the means to analyze and 

manipulate the data in ways not previously possible. 

 

2.4. Ex situ specimen fabrication 

For an ex situ tensile test of a nc thin film specimen, a freestanding specimen must 

be fabricated and mounted to the test setup.  This is often difficult, as the tensile 

specimens are often ~200 nm thin and extremely delicate.  The procedure initially 

developed at JHU to fabricate thin film tensile specimens is outlined schematically 

in Figure 2-2. The process, referred to as the ‘back-etch method’ starts with a 100  

oriented silicon wafer with a 200 nm film of silicon nitride on both sides.  On the 

backside of the wafer a window of the nitride is removed and the wafer is etched 

using KOH until 50	µm of silicon remains.  After this step the nitride on the front 

side is removed, and the front side of the wafer is patterned by photolithography 

using a custom-designed mask of the microtensile geometry.  A positive 

photoresist is used, MEGAPOSIT™ SPR 220-7.0 resist (from Rohm Haas).   
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Following photoresist patterning, a blanket thin film is deposited over the wafer 

using physical vapor deposition (e.g. electron beam vapor deposition, sputtering).  

Then acetone is used to lift off the photoresist, leaving only the microtensile 

specimens attached to the underlying 50	µm of silicon.  At this point, the silicon 

must be removed to make the film specimen freestanding.  A wet KOH etch is not 

suitable, because the viscous KOH solution breaks the freestanding thin film 

specimens once the underlying silicon is etched away.  Instead a XeF2 gas etch 

setup was designed and used to gently remove the last 50	µm of silicon (described 

in detail in [15]).  This technique has been successfully used to fabricate of Al, Mg, 

and Pt specimens.  The reason relatively few metals can be produced using the 

back-etch method is twofold: 

Figure 2-2. Process flow for fabricating thin film tensile specimens using the 
back-etch method. [16] 
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1. The XeF2 gas etch (step 7 in Figure 2.2) requires the metal to be inert, or 

nearly so, with respect to XeF2.  This precludes the use of the majority of 

metals, as they are etched by XeF2 [14]. 

2. If a film is deposited with substantial residual stress, the film crumbles when 

made freestanding.  This has been observed in deposition of Cr and Co 

conducted in [16]. 

The issue of residual stress must be mediated through careful control of deposition 

parameters or low temperature annealing.  Sufficient residual stress within a thin 

film can drive film delamination, see Freund and Suresh [17].  In brief, in the 

absence of plasticity the driving force for delamination depends on the balance 

between the elastic strain energy that would be released due to delamination and 

the energy required to create the two surfaces that would be required for 

delamination.  Equation 2-1 shows the critical thin film thickness at which 

delamination occurs ( ℎl mn
) as a function of the effective elastic modulus of the 

film (el), the work that must be supplied to drive the crack front (Γ), and the residual 

stress in the film (@pg ) [17]: 

Equation 2-1 

ℎl mn
= 2

elΓ

@p
g  

In summation, film delamination can be avoided by having low residual stress, a 

compliant film, and/or thin film.  Some successful methods for controlling the 

residual stress of thin films fabricated through physical vapor deposition can be 

found in [18].  
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To avoid the restrictions imposed by a XeF2 gas etch step, a new specimen 

fabrication procedure was designed to enable fabrication of a wider range of nc 

metals (2.4.1-2) and to greatly reduce difficulties with mounting and testing thin 

film specimens (2.5.1.2).  Additionally, this technique was adapted to fabricate the 

in situ tensile specimens described throughout Chapter 3. 

 

2.4.1. Fabrication procedure 

The newly developed fabrication procedure, referred to as ‘lift-off method’ is shown 

schematically in Figure 2-3.   

1. Initially, a single-side polished 100  Si wafer (WRS Materials - 

https://www.purewafer.com/) is patterned using UV photolithography with 

Futurrex NR9-3000YP negative photoresist.  This photoresist was chosen, 

because it readily ‘undercuts’ which allows for easy lift-off of the above film.  

Figure 2-4a compares, via schematic, a photoresist that undercuts and one 

that does not; Figure 2.4b shows how the degree of undercut of a 

photoresist is a function of the energy used to cure it. Having an 

undercutting photoresist is important, because it breaks the continuity of the 

thin film that is deposited over it, allowing for acetone to reach and dissolve 

the photoresist at the desired time.  Having an undercut also ensures that 

the edges of the specimen will be smooth once it is lifted off, rather than 

torn edges that indicate some connectivity of the film to the substrate before 
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lift-off.  The fabrication procedure, described in detail in Appendix A2, 

reliably produces specimens with smooth edges, which was confirmed 

through both TEM and SEM imaging.  See Figure 2-5 for an SEM image, 

recorded by Suman Dasgupta, showing the gauge section for a thin film Al 

specimen produced using this technique [18].  The gauge section is smooth, 

free from any discernable stress concentrations that would lead to 

premature failure when tested.  The photolithography mask used (see 

 

Figure 2-3. Fabrication procedure for fabricating thin film specimens using the 
‘lift-off method’. 

600 μm

4
m
m

1.)

2.)

3.)
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Tensile specimen 
geometry patterned 
using 
photolithography 

Blanket metal film 
deposited using 
physical vapor 
deposition

Polycarbonate 
loading frame 
attached to tensile 
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Single	side	polished	
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Undercut No undercut

Lower energy, 
larger undercut

High energy, 
minimal undercut

(a)

(b)

Figure 2-4. (a) Schematic illustrating how an undercutting photoresist breaks 
continuity of the deposited thin film, allowing for easy lift-off. (b) Images adopted 
from a Futurrex brochure demonstrating how the degree of undercut is affected 
by exposure energy. 

Figure 2-5. SEM image of an Al thin film tensile specimen produced using the 
lift-off method.  Shows that the edges of the gauge section are smooth with no 
discernable stress concentrations. [18] 
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Appendix A3) allows for 27 identical thin film specimens to be fabricated on 

each wafer. 

2. Once the wafer is patterned with photoresist. A blanket film of the desired 

metal is deposited using physical vapor deposition to the desired thickness.  

Both sputtering (Al, Ni) and electron beam evaporation (Cu, Al, Mg, Au) 

have been utilized.  It is crucial that the film be continuous and without 

substantial residual stress Figure 2-6 compares a Ni and Al film 

Figure 2-6. Images comparing Ni and Al films that were deposited onto 
photoresist.  The Ni film had substantial residual stress and crumbled on the 
wafer. The Al film has low residual stress and remains continuous. 

Ni – 200 nm

Al – 200 nm

600 μm
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deposited to a thickness of 200 nm at a rate of 1	Å/s using electron beam 

vapor deposition.  The Ni film was deposited with substantial residual stress 

and crumbled on the wafer.  The film fractured, delaminated, and curled in 

the regions where it was deposited over photoresist.  The Al film had very 

little residual stress and remained continuous after deposition.  This allowed 

for these samples to be successfully lifted off of the wafer and tested.   

3. Next, a polypropylene (PP) frame was attached to the specimen (see 

Section 2.4.2 for details on tensile frame fabrication) using Araldite 2-part 

epoxy (http://go-araldite.com).  A small brush was used to apply a small 

amount of epoxy on the two ‘paddles’ on either end of the tensile specimen.  

The PP frame was then carefully placed over on the specimen and tapped 

down to ensure adhesion and allowed to cure overnight.     

4. The wafer was then immersed in acetone for approximately 1 hour.  With 

undercut in the photoresist layer the acetone will dissolve the photoresist 

underneath the thin film tensile specimens.  The epoxy is acetone-resistant, 

so the films remain attached to the loading frames.  The specimen is then 

removed from the acetone, taking special care that the specimen gauge 

sections are not broken by the surface tension of the acetone, and allowed 

to dry. 

If desired, after deposition (Step 2), the wafer can be diced using a diamond scribe 

so that a smaller number of specimens are attached to PP frames and lifted off.  

Figure 2.7 shows an example of a successfully fabricated tensile specimen ready 

to be attached to the microtensile setup.  During a tensile test it is important that 
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the specimen ultimately fails within the gauge section instead of closer to the 

‘shoulder’ of the specimen or at one of the epoxy bonds.  The thin film specimen 

geometry was designed to isolate the high stress region within the gauge section 

without creating any stress concentrations that would cause premature fracture.  A 

finite element method (FEM) simulation was created with the assistance of Binwei 

Zhang to ensure this was the case for the  selected specimen geometry.  A tensile 

stress was imposed on the simulated tensile specimen, and the stress was 

calculated throughout the specimen to determine how the global stress is 

partitioned within the specimen geometry.  Figure 2-8 shows the results from the 

simulation.  The stress is highest throughout the gauge section and drops off 

rapidly near the shoulders and paddle on either side of the gauge.  The stress 

Figure 2-7. Example of an Al tensile specimen fabricated using the lift-off 
method. 

Freestanding gauge section

Polypropylene 
loading frame

1 cm
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drops to 40% of the maximum stress at the paddles and there is no substantial 

stress concentration located at the specimen shoulders.  

 

2.4.2. Tensile frame fabrication 

The PP loading frames for the tensile specimens were fabricated from 0.017” 

polypropylene sheets from McMaster Carr (www.mcmaster.com - Product # 

1451T11).   Polypropylene was chosen as the best material for the specimen 

loading frames for the following reasons: 

• PP is rigid enough at room temperature that it does not bend under its own 

weight at the length scale of the tensile specimens 

• PP is non-reactive with acetone, which is necessary for the lift-off step 

described in Section 2.4.1. 

Figure 2-8. FEM simulation showing that areas of high stress are contained 
within the gauge section and that there are no significant stress concentrations 
within the gauge.  Stress drops to 40% of the maximum stress at the end of 
the gauge. 

600 μm

4 mm
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Figure 2-9. Photo of the custom-built die punch used to fabricate polypropylene 
thin film loading frames. Right – exploded view of the die punch showing die 
punch components. 

Figure 2-10. Left: Drawing showing the dimensions of the polypropylene 
loading frames (dimensions in mm).  Right: Photo of a loading frame. 
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• PP has a relatively low melting temperature (160℃), so it can be easily 

melted using a soldering iron. This is necessary to measure the mechanical 

response of the thin film, as is described in Section 2.5.1.2. 

 

A custom die punch was fabricated in the JHU machine shop with the help of Rich 

Middlestadt.  Using the die punch, many loading frames could be rapidly made 

from a PP sheet.  A picture of the die punch and press is shown in Figure 2-9.  The 

dimensions of the PP frames and a photo of a frame are shown in Figure 2-10. 

 

2.4.3. Thin film deposition 

All films tested were deposited using the electron beam vapor deposition setup 

located in the JHU clean room.  A photograph of the setup is shown in Figure 2-

11.  The setup is comprised of a large vacuum chamber containing an electron 

source, crucible holders, specimen stage, a quartz crystal microbalance (QCM) to 

measure deposition rate, and pressure sensors.  A multi-stage vacuum pump 

down process was used:  first, as mechanical roughing pump was used to obtain 

a chamber pressure of 9×10)g Torr; next, a diffusion pump was used to obtain a 

chamber pressure of 6×10)s Torr.  The entire pump-down process typically 

requires 8-10 hours.  The low pressure is required to ensure high purity, as gas 

adsorption onto the film surface during deposition can create an excess of oxygen 

atoms within the films, especially at grain boundaries [18, 19].  
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The technique relies on directing a beam of electrons (created by a tungsten 

emission coil) using a magnetic field to a crucible of metal containing the evaporant 

(i.e. desired deposition material).  The temperature of the metal is increased to the 

point that it evaporates (or sublimes); the gaseous metal atoms are expelled from 

the crucible at a high velocity, impinge on the substrate, cool rapidly, and solidify 

into a film.  The film is deposited in a line-of-sight manner from the crucible, so any 

shadowing will prevent a film from being deposited, which is why an undercutting 

photoresist is necessary (See Section 2.4.1, especially Figure 2.4).  The crucible 

is water-cooled to ensure no melting or deposition of the crucible material.  The 

deposition rate and thickness is monitored and controlled using a QCM.  Final thin 

Figure 2-11. Photograph of the electron beam vapor deposition setup used to 
deposit thin film specimens. 
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film thickness measurements are verified using stylus contact profilometry.  For 

more information on physical vapor deposition techniques of thin films see [20]. 

 

2.4.2.1. Copper deposition 

Copper thin film tensile specimens were deposited using electron beam vapor 

deposition, as described above.  For the evaporant 99.999% pure ¼” x ¼” Cu 

pellets were used (purchased from International Advanced Materials: Part # 

CU14).  A 6 cc graphite crucible (purchased from International Advanced 

Materials: Part # 3C-6-03) was used, as liquid Cu does not wet graphite ensuring 

no intermixing and that the purity of the evaporant is maintained.  The films were 

deposited with the following parameters: 

• Pump down pressure:   6×10)s Torr 

• Pressure during deposition: 1.4×10)t Torr 

• Set thickness:    200 nm 

• Measured thickness:  203 ± 4 nm 

• Set deposition rate:   1	Å/s 

• Measured deposition rate:  1 − 1.2	Å/s 

The pressure is higher throughout deposition, because the temperature within the 

vacuum chamber is increased, resulting in deadsorption of gas from the chamber 

walls as well as the vapor pressure of the evaporant.  The substrate temperature 

is not monitored or controlled throughout the deposition.  The substrate holder is 

only slightly warm to the touch throughout deposition, so the substrate temperature 

is likely no warmer than ~35℃. 
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2.4.2.2. Deposition of other films 

Aluminum films were fabricated successfully using the thin film technique using the 

exact parameters outlined above for Cu.  For the evaporant 99.999% pure ¼” x ¼” 

Al pellets were used (purchased from International Advanced Materials: Part # 

AL14).  A 6 cc boron nitride crucible (purchased from International Advanced 

Materials: Part # 3C-6-05) was used.  Molten Al wets graphite very well, which led 

to metal wetting along the crucible walls and leaking out during deposition, so a 

boron nitride crucible was used as a substitute, since it is not wet by Al.   

 

There was an attempt to fabricate Ni thin film specimens using electron beam 

vapor deposition.  The residual stress was too high, leading to delamination 

immediately after deposition (see Figure 2-6).  The film thickness was altered from 

80 nm – 200 nm in attempt to prevent delamination (see Equation 2-1), but all films 

delaminated.  Note:  Ex situ tensile specimens of Ni, Ni-P, and Al-Al2O3 were 

successfully deposited by Suman Dasgupta using this technique with sputter 

deposition instead of electron beam vapor deposition [18]. 

 

2.5. Ex situ tensile testing 

Ex situ tensile tests were employed to characterize the mechanical response of 

the nc thin films and deform them plastically to activate the deformation 

mechanisms, so that post-mortem characterization could identify which 

mechanisms were operative for a given film.  The sections below describe the 
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experimental approach and results obtained from testing nc Cu thin film 

specimens. 

 

2.5.1. Mechanical testing 

The experiments performed for this research utilized the tools and techniques 

developed previously at JHU [4, 21].  The system is largely unchanged from when 

described in detail in [16].  The only modifications are that the specimen grips used 

to attach the thin film to the setup have been changed (see Section 2.5.1.2) and 

the stereoscope was replaced with a telecentric lens for better specimen imaging 

(see Section 2.5.1.1).   

 

2.5.1.1. System overview 

A photograph of the microtensile setup used for the ex situ experiments is shown 

in Figure 2-12. The parts of the setup fall under three major categories: alignment, 

load measurement, strain measurement: 

• Alignment and positioning: It is critical that the specimen is aligned 

perfectly with the tensile axis.  To accomplish this, a set of New Focus™ 

Picomotors™ (Newport Corporation) comprise a 5-axis positioning stage 

that is able to adjust the x, y, z, roll, and yaw of the specimen.  The 

Picomotors™ are also used to displace the specimen to impose strain once 

the tensile test starts.  The Picomotors™ have a step size of 27 nm and 
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can move at rates between 1-2000 steps/second.  The Picomotors™ are 

actuated using the iPico MCL control software. 

• Load measurement: To record the load of the specimen, a 10 gram 

tension-compression load cell (Futek Advanced Sensor Technology Inc., 

model FSH02319) was used.  The load cell interfaces with the PC via USB, 

and data is recorded through the Futek data logging software 

• Strain measurement: Images of the specimen gage were recorded at 

regular intervals throughout a tensile test. A telecentric lens (Edmund 

Optics Model No. 59838) with 4X magnification was used in combination 

with a C-mounted 6.6-megapixel digital camera (PixeLINK®, model PL-

B782) was used to do this.  The telecentric lens has a fixed working 

distance of 120 mm and a field of view of 2.2 mm x 2.2 mm; it was chosen 

over the previously used Olympus SZ-CTV stereoscope, because it 

Figure 2-12. (a) Top-down view of the microtensile setup. (b) Alternate view of 
the setup highlighting the imaging setup. 

(a) (b)Top-Down View View of Imaging Setup
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provided superior specimen resolution for digital image correlation (DIC) 

and strain calculations (described in Section 2.5.2).  A comparison of 

images of a film taken using the stereoscope and the telecentric lens is 

shown in Figure 2-13.  The resolution improves substantially with the 

telecentric lens, which greatly assists in DIC strain measurement.  

 

Figure 2-13. Comparison of images taken of the gauge section of a Cu 
micotensile specimen using a stereoscope and telecentric lens.  The image 
tesolution substantially improved by using the telecentric lens. 

Stereoscope

Telecentric Lens

600 μm
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2.5.1.2. Test preparation procedure 

In order to measure the mechanical properties of a thin film using a microtenile 

test, the film must be strained in series with the load cell, so that the load measured 

by the load cell directly measures the stress within the specimen.  This also means 

that nothing can be in parallel with the specimen gauge section.  Thus, the side 

strips of the specimen loading frame must be cut.  If the back-etch method is used 

(see Figure 2-2), the side strips are comprised of silicon, which is extremely difficult 

to cut without damaging the freestanding thin film specimen.  To do this, a rotary 

tool equipped with a diamond blade was used to cut both Si side strips after the 

specimen was glued to the grips used for testing.  A photo demonstrating this 

procedure is shown in Figure 2-14.  Two thin pieces of tape are placed parallel to 

the specimen for stabilization, and both sides strips are cut using the rotary tool.  

This creates significant vibrations throughout the specimen, frequently resulting in 

fracture of the specimen. 

Specimen grip

Tape support

Si side strips

Diamond blade 
rotary tool

Figure 2-14. Photo showing process needed to cut Si side strips for specimens 
fabricated using the back etch method. 
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Using the lift-off method, a rotary tool is not required to cut the side strips; instead, 

the following procedure is followed to prepare a specimen for testing, shown 

schematically in Figure 2-15: 

1. The specimen gauge section is decorated with fine Silica powder (Aremco 

Inc. Product # 745-N) to provide contrast throughout the specimen gauge, 

enabling strain calculation through DIC (Section 2.5.2). 

2. The specimen is affixed to a flat, Al block that is attached to the linear 

Picomotor actuator using cyanoacrylate glue.  This block acts as the left-

side specimen grip. 

3. The specimen is aligned with respect to a tungsten fiber that acts as the 

right-side grip.  The specimen is aligned using the 5-axis stage so that the 

gage section is perpendicular to the fiber.  Once alignment is achieved, the 

specimen is attached to the tungsten fiber using Norland 123 UV curable 

electronic adhesive (Norland Products Inc.) which is cured using a Cure 

Spot™ 50 UV lamp (ADAC Systems™). 

4. The side strips of the PP frame are ‘cut’ by melting them with a soldering 

iron.  The melting point of PP is relatively low (160℃), so the strips quickly 

melt and retreat away as the soldering iron nears them. 

A photo of a Cu thin film tensile specimen ready to be tested is shown in Figure 2-

16.  After this process is completed, the thin film tensile specimen is in series with 

the Picomotor actuator and the load cell with nothing in parallel.  This enables the 

testing and recording of the stress/strain response of the film. 
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Figure 2-15. Schematic showing required steps for preparing a thin film tensile 
specimen to be tested that has been fabricated using the lift-off method. 

Silica powder 
applied to gauge 

section

Specimen affixed to 
grip with 

cyanoacrylate glue

Tungsten fiber 
affixed to specimen 

using UV-cured 
adhesive

Side strips of PP 
frame cut using 
soldering iron

1.)

2.)

3.)

4.)
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2.5.2. Non-contact strain measurement 

The nc films studied for these experiments are extremely thin (~200	nm) and 

delicate.  This precludes the use of conventional strain measurement which 

requires strain gauges to be attached to the specimen.  Furthermore, compliant 

adhesives (epoxy, UV-cured glue) are used to secure the specimens which 

prevents using position data from the stepper motor to infer extension of the gauge.  

Instead, digital image correlation (DIC), a non-contact strain measurement 

technique, is used.  The technique was initially developed at the University of 

South Carolina by Sutton and others [22-24], but it has been widely utilized and 

Figure 2-16. Photo showing Cu microtensile specimen fabricated using the lift-
off method ready to be tensile tested. 
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expanded upon in the past decade.  Recently, advances have been made in 

performing DIC within a scanning electron microscope [25] as well as utilizing 

cross-polarization to improve DIC tracking [26].  There are numerous commercial 

DIC modules available, for example Vic-2D (Correlated Solutions Inc.) and Aramis 

(Trilion Quality Systems).  The code used for DIC analysis for the experiments 

performed in this work was written at JHU by Eberl and collaborators and utilizes 

MALTAB (The MathWorks Inc.) [27]. 

 

DIC relies on obtaining a series of images of a deforming specimen, selecting 

points of interest (typically a rectangular array of points across the gauge section), 

tracking the positions of those points in each image, and calculating the strain of 

the specimen from their relative motion.  The strain that is calculated using DIC is 

not completely analogous with the often-used ‘engineering’ or ‘true’ strain 

definitions [28].  Since the motion of the points is compared with the motion of all 

other points and averaged along the tensile direction, the strain obtained from DIC 

is typically referred to as ‘spatially averaged true strain’.  For a detailed discussion 

of the strain obtained from DIC see [29].  It is necessary that there be enough 

contrast throughout the specimen to enable the tracking of each region’s grayscale 

profile.  As-deposited, nc metals have a very flat surface with a mirror finish, so 

silica powder must be applied to the surface (Step 1 in Figure 2-15).  If the film is 

illuminated from an oblique angle, the silica particles show up brightly on a dark 

background, see Figure 2-13 for an example of a Cu thin film decorated with silica 

particles that can be accurately tracked using DIC. 
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2.5.3. Microstructure analysis 

As illustrated in Figure 2-1, the microstructure of the as-deposited and strained 

films must be compared to determine whether stress-driven GB migration was 

active in the tested film.  The key physical parameter to be measured is the grain 

size of the film before and after straining, as an overall increase in the grain size 

of a film upon straining demonstrates that stress-driven GB migration is an active 

mechanism.   

 

2.5.3.1. Grain size measurement theory 

The grain size of a material is relevant when considering many physical properties 

(e.g. yield stress, fatigue limit, electrical/thermal conductivity), so the practice of 

measuring and calculating grain size has been standardized through ASTM [30].  

These methods were developed largely for determining the average diameter of a 

grain by preparing a metallographic 2D section of a 3D material.  A common 

technique used is the linear intercept method, in which lines are drawn across a 

micrograph of known magnification and the average line length between boundary 

intersections, ℓ, is calculated.  With a sufficiently high number of intercepts, the 

average diameter of a grain, \, can be calculated with a precision of better than 

±0.25 ASTM grain size units.  ASTM grain size units have no mathematical relation 

to ℓ, but relations are tabulated in [30].  Often, the average intercept length is 

approximately the average grain diameter (i.e. \ ≈ ℓ).  For example, for a 

specimen with an ASTM grain size of 14.0, ℓ = 2.5	µm, \ = 2.8	µm, and the 
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average grain area, w, is 6.2	µmg.  The linear intercept method requires each grain 

within a 2D section to be imaged, with clear contrast at each grain boundary.  Often 

such an image is difficult to obtain, and it is easier to directly measure the area of 

individual grains, calculate an overall average grain area (w) and calculating the 

average grain diameter (\) by assuming a circular shape for each grain.   

 

To determine whether straining a thin film results in a statistically significant 

increase in the grain size.  The common equation to determine this is the pooled-

variance t test for difference between two means [31]: 

Equation 2-2 

x =
y* − yg

z{g
1
|*
+
1
|g

 

Equation 2-3 

z{g =
|* − 1 z*

g + |g − 1 zg
g

|* − 1 + |g − 1
 

Where x is the test statistic that follows a x distribution with |* + |g − 2 degrees of 

freedom, yQ is the mean of sampled population }, |Q is the number sampled from 

population }, and z{ is the pooled variance given by Equation 2-3 where zQ is the 

variance of the sample taken from population }.  The p-value, or probability that 

the two population means are equal (i.e. no change in the grain size between two 

populations for the case being considered), can be looked up in a t test table [31] 

or calculated using the T.DIST function in Microsoft Excel.   
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2.5.3.2. Conventional TEM-based methods 

TEM has typically been used to calculate the grain size of nc metals.  Using dark 

field illumination, select isolated grains can be brought into contrast.  By recording 

multiple dark field images with known magnification, enough grains can be located, 

traced, and measured to obtain an average grain size for the film.  This process is 

illustrated in Figure 2-17.  For each image, the grains with sufficient contrast so 

that all boundaries can be observed were located and then traced either by printing 

and using a transparency or by using an illustration program.  The grain traces are 

then imported into ImageJ, so that the area of each grain shape can be digitized 

and the grain diameter can be calculated.  The grain diameter refers to the 

diameter of a circle with equal area to the grain.   

This technique has been used successfully for many nc thin films but certain 

precautions must be taken to ensure that the grain size data is not artificially 

biased: 

• Dark field images must be recorded at a suitable magnification (sometimes 

multiple magnifications are necessary) to resolve all grain sizes within the 

100 nm

1.) Dark field image recorded 2.) Visible grains traced 3.) Grain sizes analyzed

!"

!#

!$ !%

Figure 2-17. Process utilized to calculate grain size using dark field TEM: DF 
image is recorded, grains are traced, and the size of the grains is analyzed to 
determine the diameter of an equal-area circle for each grain. 
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specimen.  A magnification too low will cause smaller grains to be difficult 

to adequately resolve and measure (biasing the grain size data to be larger).  

A magnification that is too high will cause larger grains to be missed or cut 

off by the edge of the micrograph. 

• This technique relies on illuminating an entire grain.  If only portions of 

grains are illuminated, the average grain size calculated will be lower than 

the actual value.  This can frequently occur in grains with large dislocation 

content that generate large misorientation changes within the grain.  It will 

also occur in grains containing twin boundaries, as the twinned region of the 

grain is of a different orientation and likely will not diffract in the same 

condition as the parent grain. 

If dark field images are taken accounting for these precautions and containing a 

sufficient number of well-defined grains (typically more than 500), it is an effective, 

albeit time-consuming, process for accurately calculating the average grain size 

for a film.   

 

After recording dark field images, instead of manually tracing grains, ImageJ can 

be used to create a binary image by thresholding each dark field image.  This takes 

substantially less time but can give incorrect grain size results if not analyzed 

correctly.  Figure 2-18 shows an example of a dark field image with its 

corresponding binary image.  It is important to tune the thresholding (i.e. set the 
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level of grayscale required to determine if a pixel is black or white) of the binary 

image so that the resulting grains in the binary image are the same size as those 

in the original.  Using this technique, the same precautions must be taken as with 

manual tracing, and poorly converted and overlapping grains must be manually 

traced or removed from the data set to ensure accurate results.   

 

2.5.3.3. Methods utilizing orientation imaging microscopy 

In the past few decades, orientation imaging microscopy (OIM) has become a very 

popular tool for accurately calculating grain size.  For details on OIM techniques 

see Chapter 4.1.  At the basic level, orientation maps produced using OIM contain 

the spatial coordinates and orientation of each pixel, and grains are a collection of 

atoms assembled into a crystalline structure of (approximately) the same 

orientation.  So, in an orientation map, clusters of pixels of nearly the same 

Figure 2-18. Example of a dark field image and its corresponding binary image 
created using ImageJ.  The binary image can be used to quickly calculate grain 
size. 
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orientation represent individual grains.  From this concept, the size of each grain 

is easily calculated by adding up the area of all the pixels within each grain and 

calculating a corresponding diameter.  Using this process, thousands of grains can 

be measured and an accurate grain size distribution calculated rather quickly.   

 

Since this process is done automatically by an OIM analysis program (the EBSD 

software developed by EDAX was used to perform all analysis and produce all 

orientation maps in this study [32]), the data must be carefully formatted to avoid 

incorrect results.  Regardless of the OIM technique used, raw orientation maps will 

nearly always contain pixels for which the incorrect or no orientation was assigned.  

This can occur for one of several reasons: the software could not index the 

diffraction pattern because two grains were sampled (either at a grain boundary or 

due to overlapping grains); the diffraction pattern acquired at a point could 

reasonably be assigned to multiple orientations, which leads to some level of 

ambiguity; or artifacts from specimen preparation or carbon contamination can 

diminish the quality of the diffraction pattern, preventing effective indexing.   

 

The necessity of formatting the orientation data before calculating grain size is 

demonstrated using Figure 2-19.  Figure 2-19a shows an orientation map 

containing the raw orientation data collected from a thin film nc Cu specimen. 

Figure 2-19b shows a ‘unique grain color’ map; this is a map where each pixel 

associated with a specific grain is a unique color.  This gives a direct view of what 

the software is counting as an individual grain when calculating grain size statistics.  
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Without formatting, the average grain size is calculated to be 32 ± 19	nm.  This is 

substantially lower than the actual value, as single pixels of some orientation are 

seen by the software as a full grain and used to calculate grain size.  The 

orientation data is formatted using the following steps to obtain the actual grain 

size of the film: 

1. The ‘angle threshold’ is selected.  This number identifies the maximum 

misorientation difference between pixels that are considered to be in the 

200 nm

(a) IPF Orientation 
Map

(b) Unique Grain (no 
data formatting) 

(c) Unique Grain (with 
data formatting) 

!̅ = 57 ± 22	nm!̅ = 32 ± 19	nm
Figure 2-19. Images illustrating the need for formatting orientation data for 
calculating grain size. (a) IPF orientation map containing raw data. (b) Unique 
grain color map of orientation data with no formatting. (c) Unique grain color 
map after data formatting. 
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same grain.  The default value for this in the EDAX software is 5˚, which is 

reasonable for most materials. 

2. The ‘minimum grain size’ is selected.  This number represents the 

minimum number of continuous pixels within the angle threshold that are 

required before identifying the cluster of pixels as a grain and added to 

statistics.  The default value is 5 in the EDAX software.  This is often far too 

low for most OIM techniques.  The minimum number of pixels needed 

within a grain depends on what measurements are desired, and the size 

scale of features of interest within each grain.  In order to have an adequate 

measure for the grain size perhaps only 15-20 pixels are required.  If the 

exact shape and boundary angles of the grain are needed, at least 30-50 

pixels are required.  This step eliminates the vast majority of incorrectly and 

poorly indexed pixels, but it necessarily imposes an artificial lower limit on 

the size of grains that can be measured.  If actual grains are precluded from 

the analysis by this step, another OIM scan should be acquired using a 

smaller step size. 

3. Input ‘twinning orientations’.  Conventionally, grains containing twinned 

regions are counted as a single grain, rather than counting each part of the 

grain separately.  The character of twin boundaries that should be 

neglected when calculating grain size can be input into the software (see 

Appendix A1 for details on boundary character).  For the case of Cu, Σ3 

boundaries are ignored, so all clusters of pixels separated by 60° 111  
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boundaries (within a specified tolerance—typically 2˚) are not considered 

to be separate grains. 

4. ‘Grain dilation’. Grain dilation goes through each pixel that is unassigned 

to a grain (using the parameters defined above) and changes the 

orientation of that pixel to the orientation of the surrounding grain.  This is 

useful for pixels that were incorrectly indexed due to preparation artifacts 

or contamination and sometimes for pixels close to grain boundaries that 

were indexed incorrectly.  One must exercise caution when using grain 

dilation, though, as this operation can substantially alter the raw data to the 

point where it is no longer representative of the material from which it was 

recorded.  Typically, if grain dilation alters more than 2% of pixels within 

the map, another orientation map of better quality should be used. 

5. Decide whether to ‘include grains at edge of scan’.  Typically, grains at 

the edge of scans should be ignored so as not to bias the data by including 

portions of grains.  If this step eliminates too many grains, a scan of a larger 

area should be used for analysis. 

After each of these steps are taken to format the orientation data, the grain size 

calculated by the software reflects the actual grain size of the material.  Figure 2-

19c shows a unique grain color map for the orientation data after it is formatted.  

Many small clusters of pixels are not included in the analysis, and twinned grains 

are counted as a single grain.  The grain size calculated from this map is 57 ±

22	nm.   
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2.5.4. Results from Cu microtensile tests 

Cu thin film specimens were deposited (see Section 2.4) and tested using the 

method described in Sections 2.5.1-2.  Specimens were fabricated in two 

deposition runs, referred to as Batch 1 and Batch 2.  The Batch 1 specimens were 

tested using the microtensile setup using the Olympus SZ-CTV stereoscope.  This 

resulted in low-resolution images recorded for strain calculation that could not be 

used to calculate strain using DIC.  The strain output by the DIC software was 

‘wavy’, as is seen in the stress-strain curve from Batch 1 Specimen A in Figure 2-

20.  During the microtensile test, the load of the specimen was recorded 

independently from the strain data, so the ultimate tensile strength is accurate and 

can be calculated using the specimen dimensions.   

 

The issue of low-resolution images producing poor strain profiles was eliminated 

by using telecentric lens (see Figure 2-13 for a comparison of images taken for 

Figure 2-20. Stress-strain curve recorded from Specimen A in Batch 1.  The 
low-resolution images recorded for strain calculation resulted in artificially ‘wavy’ 
strain data 
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strain analysis) to acquire images.  A separate batch of specimens was fabricated 

and tested; see Figure 2-21 for stress-strain curves from these specimens (stress-

strain curves are combined in Figure 2-22).  Dimensions and stress/strain at failure 

are presented in Table 2-1.  For Batch 1 samples the Young’s modulus and failure 

strain could not be calculated, as described above.  On average, the peak stress 

was 368 ± 45	MPa.  As expected, the strength of the nc Cu is higher than that for 

coarse grained (CG) Cu (216	MPa) [33].  For the three specimens from which strain 

could be measured, the strain to failure was 2.36 ± 0.38%.  While this is lower than 

is observed for CG Cu, it indicates that there is measurable plasticity in the films. 

The Young’s modulus for the films was measured to be 67 ± 4	GPa from the load-

unload portions of the stress-strain curves.  This is substantially lower than the CG 

value of 117	GPa [33].  Nanocrystalline metals, including Cu, have long been 

measured to have Young’s modulus values lower than their CG counterparts when 

tested in tension [3, 34] and has been attributed to such factors as nanoporosity, 

dislocation microplasticity, and microcracking.   
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Figure 2-21. Stress-strain curve recorded from Samples D-F in Batch 2.   
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Table 2-1: Results from tensile tests performed on Cu microtensile 

specimens 

Specimen ID Thickness 
(nm) Width (µm) E (GPa) Peak Stress 

(MPa) 
Failure 
Strain (%) 

Batch 1, 
Sample A 210 600 N/A 437 N/A 

Batch 1, 
Sample B 210 600 N/A 301 N/A 

Batch 1, 
Sample C 210 600 N/A 344 N/A 

Batch 2, 
Sample D 200 600 69 388 2.60 

Batch 2, 
Sample E 200 600 62 362 1.92 

Batch 2, 
Sample F 200 600 70 377 2.57 

Figure 2-22. Combined stress-strain curve recorded from Samples D-F in 
Batch 2.   
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2.5.5. Microstructure analysis of ex situ Cu specimens 

The Cu ex situ specimens were fabricated and tested before JHU obtained TEM-

OIM capabilities, so characterization of the microstructure was done using the TEM 

dark field tracing technique described in Section 2.5.3.2.  To fabricate TEM 

specimens, thin films were attached to 3 mm Cu TEM grids using a Coat-Quick 

adhesive pen (Ted Pella – product # 1556).  An image of a prepared Cu thin film 

TEM specimen is shown in Figure 2-23.  While there were typically regions on the 

grid where the specimen wrinkled or curled up, the specimen remained flat over 

much of the grid (indicated by the dashed line on the figure).  A Philips CM300 

FEG TEM was used for TEM imaging and characterization.  The as-deposited Cu 

specimens were observed to have a bi-modal grain structure, comprised of large, 

Figure 2-23. Image showing thin film Cu specimen mounted to 3 mm Cu grid for 
TEM characterization.  Grid squares within the dashed line have a single layer 
of the Cu film pulled taut and attached at all four corners. 
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twinned grains (~400	nm) surrounded by a matrix of nc grains.  Figure 2-24 shows 

a representative bright field micrograph of the as-deposited film, highlighting a 

nanocrystalline region and a large  grain.  As, discussed in Section 2.5.3.2, the 

size of twinned grains cannot be measured using dark field imaging, as the parent 

and twinned orientations will diffract under different conditions and will often not be 

in contrast concurrently (see bright field micrograph on right of Figure 2-24).  For 

this reason, only the nanocrystalline grains were measured and included into grain 

size statistics, while acknowledging that the larger grains are present in the 

microstructure.  Grain size measurements were taken from as-deposited films from 

Batch 2 together with TEM specimens fabricated from Samples D, E, and F after 

straining using dark field TEM tracing.  Results from the grain size analysis is 

shown in Table 2-2.  A cumulative distribution plot showing the grain size before 

and after straining is shown in Figure 2-25.  The average grain size of the film  

Figure 2-24. Bright field TEM micrograph showing the bimodal grain structure of 
the as-deposited Cu films:  Large, twinned grains (right) in a matrix of 
nanocrystalline grains (left).  
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Table 2-2: Grain size of Cu films before and after straining 

Specimen 
(Batch 2) 

Grain Size 
(nm) 

Std. Dev. 
(nm) 

No. Grains 
Counted 

As-deposited 
Total 39 12 1143 

Sample D 43 14 213 
Sample E 46 9 221 
Sample G 45 9 216 
Strained 
Total 45 10 650 

 

increased from39 ± 12	nm to 45 ± 10	nm.  Using Equations 2-2 and 2-3 it can be 

determined that, using these grain size data, it is 99.84% certain that the grain size 

did increase upon straining (the t test returned a p value of 0.0016).  This 

demonstrates that, within the nc portions of the microstructure, stress-driven grain 

growth is an active deformation mechanism for this material. 

 

Through collaboration with Julie Cairney, Saritha Samudrala, and Patrick Trimby 

at the University of Sydney, an as-deposited Cu specimen was analyzed using 
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Figure 2-25. Cumulative distribution plot comparing the area fraction of grains 
before and after straining.  Shows that there was an increase in the grain size 
as a result of straining.  
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transmission Kikuchi diffraction (see Section 4.1.2.).  The original thickness of the 

film (200 nm) prevented collection of Kikuchi diffraction patterns in a reasonable 

time, so the film was thinned to ~50 nm using focused ion beam (FIB) within the 

SEM.  By doing this, an orientation map could be recorded across a large area 

(5.5×6.5	µm) of the specimen.  The orientation map is shown in Figure 2-26.  The 

scan contains 2.2 million points with a step size of 4 nm.  This orientation map is 

a terrific example of the capabilities of TKD—a full 2D orientation map of a large 

region containing both large grains (up to 900 nm in diameter) and nanocrystalline 

grains without sacrificing the requisite resolution to characterize the 

nanocrystalline grains.  This result together with other TKD observations has been 

published in [35].  With this orientation map, the grain size of the nanocrystalline 

grains can be quickly measured and compared to the value obtained from TEM 

tracing.  Contained in this map are 21349 grains smaller than 100 nm.  These 

overall grain size of these grains is 38.1 ± 0.4	nm.  This agrees very well with the 

result obtained through dark field tracing for the as-deposited film: 39 ± 12	nm.  

This result is important, as it demonstrates that OIM-based grain sized 

measurement yields similar results to conventional methods. 
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1 μm
Figure 2-26. TKD map recorded from as-deposited Cu specimen. [35]   
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2.5.6. Discussion 

There have been numerous recent reports that metals with bimodal grain size 

distributions have superior mechanical properties when compared to analogous 

materials with a normal grain size distribution.  The intuitive explanation for this is 

that the larger-grained regions accommodate plasticity while the smaller-grained 

regions enhance strength.  This has been observed in low-carbon steel [36, 37], 

ultra-fine-grained Ni [38], and an ultra-fine-grained Al-Mg alloy [39].  Simulations 

have also been conducted that agree with and provide mathematical models for 

predicting the mechanical response of bimodal metals [40, 41].  Additionally, Wang 

et al fabricated bicrystalline Cu through plastic deformation at liquid nitrogen 

temperature that exhibited exceptionally high strength and ductility [42]. 

 

Comparable films with a normal grain size distribution could not be fabricated and 

tested at JHU, but others have reported the stress-strain response for nc Cu.  

Comparable films were fabricated by Wei et al and mechanically characterized 

using a bulge test [43].  The deposition parameters and the mechanical properties 

measured from the nanocrystalline films produced in [43] and the bimodal films are 

compared in Table 2-3.  The deposition parameters for both films are remarkably 

similar.  The bulge test data were converted to stress-strain using the Vlassak-Nix 

method [44].  Stress-strain curves of the two films are compared in Figure 2-27.    
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Table 2-3: Comparison between fully nc Cu [43] and bimodal Cu from this 

study 

  Nano-crystalline [43] Bimodal 
Dep. Method Electron beam evaporation 
Dep. Pressure 10-6 torr 10-6 torr 
Dep. Rate 1-2 Å/s 1 Å/s 
Thickness 191 nm 200 nm 
Grain Size 38 nm 39 nm (nc only) 
Average E 124 GPa 70 GPa 
Average UTS 450 MPa 382 MPa 
Average εf 0.0047 0.024 

Figure 2-27. Comparison of stress-strain from bimodal Cu (this work) and nc Cu 
from [43]. 
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By introducing large grains into the microstructure, the overall strength is reduced 

from 450 MPa to 382 MPa (15% reduction) while the strain to failure is increased 

from 0.47% to 2.4% (5.1x increase).  This shows that the microstructure of nc films 

has a profound effect on the resulting mechanical response and confirms that 

through the addition of micron-sized grains into the microstructure, nc metals can 

exhibit improved ductility. 

 

Zhu et al performed simulations that calculated the strength of various bimodal 

metals utilizing a modified mean field approach [40].  The stress-strain behavior 

for bimodal Cu was calculated by varying the fraction of coarse grains (ÇÉÑ), the 

size of smaller grains (dÜIá), and the size of the large grains (dÉÑ).  The results from 

their simulations together with data obtained from these experiments are shown in 

Table 2-4 and plotted in Figure 2-28.  The grain sizes for the ultrafine grained 

(UFG) and coarse-grained (CG) grains are approximately an order of magnitude 

smaller for the films tested in this study when compared to those in the simulations.  

The experimentally observed ductility is significantly lower than the simulated tests, 

which is likely due to the thin film nature of the experimental specimens preventing 

further ductility through strain localization and decreased dislocation mobility in 

both UFG and CG areas.  The simulations predict substantially higher strength 

than what was observed experimentally for the films tested in this study, 

accounting for grain size differences.  The simulations do suggest that if the 

fraction of CG Cu is increased, the strain-to-failure could be substantially improved. 
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Table 2-4: Comparison of microstructures simulated in [40] and this work 

  fCG  dufg (nm) dCG (nm) εf 
UTS 
(MPa) 

Simulations 
[40] 

0 73 N/A 3.8% 597 
0.45 75 2200 7.8% 493 
0.83 108 2400 17.0% 362 
0.83 269 2400 32.2% 352 

This work 0.26 38 361 2.4% 382 
 

  

Figure 2-27. Comparison of stress-strain response from simulated bimodal Cu 
(from [40]) to experimentally obtained results for bimodal Cu from this study. 
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2.6. Chapter Summary 

In this chapter, freestanding thin film bimodal Cu specimens were fabricated and 

tested ex situ.  The microstructure was characterized using both conventional TEM 

methods and OIM methods.  The key contributions from this work and conclusions 

obtained from these experiments are as follows: 

• A new method was presented that allows for fabrication of freestanding thin 

film specimens from any material that can be deposited via physical vapor 

deposition techniques with low residual stress. 

• Bimodal Cu thin film specimens were fabricated and tested ex situ.  The 

addition of large (~400	µm) grains into the nanocrystalline microstructure 

substantially increases ductility with a minor decrease in strength when 

compared to similarly fabricated specimens containing only nanocrystalline 

grains. 

• A procedure to calculate grain size distributions for nanocrystalline metals 

that utilizes orientation imaging microscopy (OIM) was described and 

compared to conventional TEM methods.  The grain size calculations from 

the two techniques were nearly identical, with the OIM method requiring 

substantially less time and measuring many more grains. 

• Among nanocrystalline grains in the bimodal Cu there was an increase in 

grain size upon straining, indicating that stress-driven grain boundary 

migration is an active deformation mechanism for the material. 
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CHAPTER 3: AN INVESTIGATION OF DEFORMATION 

MECHANISMS IN NANOCRYSTALLINE METALS USING 

IN SITU TECHNIQUES—CONVENTIONAL TEM 

CHARACTERIZATION 

Conventional TEM imaging allow for direct observation of microstructural details 

with nanoscale resolution.  By performing in situ straining experiments with TEM 

characterization, the deformation mechanisms active in nanocrystalline (nc) 

metals, including stress-driven grain boundary (GB) migration, can be analyzed.  

This chapter presents results from in situ tests conducted on nc Al.  Stress-driven 

GB migration was observed during room temperature straining experiments.  The 

velocity of mobile grain boundaries was measured to be ~0.1	nm	s)* and 

compared to a recently proposed model for high-temperature stress-driven GB 

migration to determine if the same mechanisms are responsible for GB migration 

at low and high temperatures. 

 

3.1. Introduction 

The ex situ mechanical testing techniques described in Chapter 2 enables one to 

determine if stress-driven GB migration is active or not, but the technique cannot 

provide kinetic information or determine which grain boundaries are mobile.  To do 

this, in situ techniques must be employed that allow for the observation and 

characterization of salient microstructural details throughout deformation.  The 

following chapter focuses on experiments that utilize TEM bright field (BF) and 
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dark field (DF) illumination to characterize microstructural changes of nc thin films 

throughout deformation. 

 

In situ experiments that utilize straining within a TEM have been conducted since 

the 1970’s.  Initially, high voltage electron microscopy (HVEM) was typically used 

for in situ experiments [1, 2] with beam voltages typically ranging between 1-3.5 

MV. Compared to other TEM techniques available at the time, HVEM was quite 

popular, as it permitted thicker samples to be studied.  In the 1980’s, however, in 

situ experiments utilizing HVEM to quickly fall out of favor.  HVEM was found to 

induce substantial radiation damage in the investigated materials [3].  So much so, 

that many of the papers published utilizing ‘in situ HVEM’ studied the changes in 

a material’s microstructure brought about by bombarding it with the MeV beam of 

electrons used for its characterization [4-6].  Through the 1980’s the popularity of 

in situ straining using TEM continued to increase and be applied to many various 

materials [7-10].  In situ TEM has remained a commonly used technique through 

present day, owing to the spatial resolution down to 1	Å and the multitude of 

imaging and characterization techniques that can be employed.  Recent advances 

of in situ TEM straining experiments have been brought about the development of 

the Hysitron nanoindenter (newest model is branded as the PicoIndenter™ [11]) 

that allows for manipulation and load measurement of a small probe in the TEM.  

This has been used by Minor and others to conduct in situ straining experiments 

of many materials [12-15], including nc Al [16].  
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TEM-based in situ experiments are particularly well-suited to studying 

nanocrystalline (nc) materials owing to nanoscale resolution routinely obtainable 

using BF and DF illumination.  The first TEM in situ tensile experiments performed 

on nc metals focused on the observation of dislocation structures near crack fronts 

[17-19].  From these experiments, it was clear that dislocation sources were 

operating, but there was no observation of GB-mediated plasticity.  Stress-driven 

grain boundary migration was first unambiguously observed using in situ TEM 

straining by Jin et al [16].  Figure 3-1 shows the evolution of a cluster of nc Al grains 

throughout straining imposed by an indenter.  Additional experiments were 

conducted by Legros, Mompiou, Caillard, and others at CEMES-CNRS in 

Toulouse, France to specifically study the mechanism of stress-driven GB 

migration [20-25].   More recently, studies have been conducted that utilize TEM-

OIM together with straining, similar to the experiments described below [25, 26].  

The techniques developed and experiments conducted in this dissertation and 

described below owe much to the guidance and advice from Marc Legros and 

Frédéric Mompiou. Their knowledge of thin film in situ testing provided a foundation 

to many of the methods described below. 

 

The following two chapters will outine the in situ techniques developed to study 

nanoscale deformation mechanisms.  Details of specimen fabrication can be found 

in Section 3.2.  Results from in situ experiments conducted on nanocrystalline films 

utilizing both bright/dark field TEM (Section 3.3) and TEM-based orientation 
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imaging microscopy (TEM-OIM) (Chapter 4) are presented and discussed in the 

following sections.  

3.2. Specimen fabrication 

The fabrication procedure for the in situ specimens follows closely the lift-off 

method outlined for ex situ specimen fabrication detailed in Section 2.4.  The major 

differences between the two methods are in the specimen design (Section 3.2.1), 

the film deposition (Section 3.2.2.), and an annealing treatment required for some 

films (Section 3.2.3).  Figure 3-2 shows a schematic of the fabrication procedure 

for the in situ thin film specimens studied below.  For technical details of the 

fabrication procedure refer to Appendix A2.  An overview of the procedure is 

outlined below.  

Figure 3-1. TEM images recorded of a cluster of Al grains before (a-d) and after 
(e-h) a strain increment is applied.  Grain 2 is annihilated by the migration and 
attendant growth of grains 1 and 3.  Taken from [16]. 
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1. A single-side polished 100  Si wafer (WRS Materials 

https://www.purewafer.com/) is used as the substrate.  Since this is a lift-off 

technique, the material substrate is unimportant; however, using  100  Si 

wafers is convenient for the following reasons:   

Figure 3-2. Schematic of fabrication procedure used for in situ tensile 
specimens. 
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• They can be polished to be nearly atomically flat, which is necessary 

to deposit continuous thin films 

• For photolithography, 100 mm diameter Si wafers are widely used, 

so the necessary equipment (photoresist spinners, UV 

photolithography machines, etc) is specifically designed for that size 

and shape substrate 

• The 100  orientation of the Si wafers allows for easy dicing of the 

wafer, as Si readily cleaves along 110  planes which run 

perpendicular to one another across the wafer face [27]. 

• They are relatively low-cost (<$20) with respect to the amount of 

specimens that can be fabricated on a wafer (163  specimens) 

2. The silicon wafer is then patterned using UV photolithography with Futurrex 

NR9-3000YP negative photoresist using the specimen mask shown in 

Figure 3-3.  This photoresist is ideal for this application, because it readily 

undercuts, which allows for easy lift-off if the film using acetone.  (See 

Section 2.4.1, especially Figure 2.4.).  A total of 163 specimens are 

patterned across the wafer.  Three specimen geometries were used for 

these experiments: long gauge, short gauge, and short gauge with notch 

(see Figure 3-4). 

3. The thin film is deposited using physical vapor deposition to the desired 

thickness (see Section 3.2.2. below for deposition details). 
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4. The wafer is diced using a diamond scribe (Ted Pella – product # 54468) to 

separate the desired number of specimens for mounting and testing.  The 

straining grid is attached to the thin film specimen using Araldite 2-part 

epoxy (http://go-araldite.com).  A very small amount of epoxy is necessary, 

so an ‘ultrafine single deer hair brush’ (Ted Pella – product # 119) was used 

to place a small drop of epoxy on the two ‘paddles’ on both ends of the 

tensile specimen.  The straining grid is then carefully aligned over the 

Figure 3-3. Photo of the UV photolithography mask used to fabricate in situ thin 
film test specimens.  Mask is designed to be used with a 4” (100 mm) wafer. 

33 mm
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specimen using a stereomicroscope so that the gauge section is observable 

through the central window.  To ensure good contact between the film and 

the straining grid, the straining grid is tapped down gently using tweezers. 

5. Once the epoxy sets (typically 4-6 hours), the wafer containing specimens 

mounted to straining grids is immersed in acetone.  The acetone dissolves 

the photoresist, freeing the thin film tensile specimens from the silicon 

wafer.  Thirty minutes to an hour is typically required to fully release the 

specimen from the wafer.  The specimens are then removed from the 

acetone and allowed to dry.  This step requires great care, as the thin film 

specimens are quite delicate and easily broken.  Some techniques to assist 

with this step are found in Appendix A2. 

 

3.2.1. Specimen Design 

A custom designed UV photolithography mask was used to pattern the specimen 

geometry over the wafers.  The mask was designed at JHU and sent to be 

fabricated by Photo Sciences Incorporated (https://dev.photo-sciences.com/).  An 

image of the mask is shown in Figure 3-3.  The mask contains three types of 

specimen geometries: long gauge, short gauge, and short gauge with notch.  

Micrographs of the three specimen types are shown in Figure 3-4.  The specimens 

were designed to be compatible with custom built straining grids received from 
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Marc Legros (CEMES-CNRS).  The straining grids were fabricated to be used with 

a Gatan Model 654 single-tilt straining holder (http://www.gatan.com).  Schematic 

images of a Gatan straining holder, a straining grid, and a specimen mounted to a 

straining grid are shown in Figure 3-5.  The straining grid is secured to the straining 

holder using the Hexlok™ screws.  Detailed drawings of the mask and in situ 

specimens are shown in Appendix A3.  Further details of in situ experiments are 

presented in the following sections. 

 

3.2.2. Thin film deposition 

Using the procedure outlined above, in situ thin film specimens were fabricated 

from Al, Cu, Mg, and Au.  All films were deposited using the electron beam vapor 

deposition system described in Section 2.4.3.  Table 3-1 outlines the deposition 

parameters used for each metal.  All evaporants were purchased through 

Long Gauge Short Gauge Short Gauge with Notch

1 mm

Figure 3-4. Micrographs showing specimen geometries fabricated for in situ 
tensile tests. 
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International Advanced Materials (http://iamaterials.com/) and verified to be at 

least 99.999% pure through chemical analysis.  All pressure measurements were 

made using the pressure sensor within the evaporation chamber.  Thickness and 

deposition rates were measured using the quartz crystal microbalance in the 

evaporation chamber.  Thickness measurements were verified using stylus contact 

profilometry.  Relevant details unique to each deposition are included below. 

 

1 mm

4
m

m0.7 mm

10
.9

 m
m

2.3 mm

Figure 3-5. Schematics showing the Gatan Model 654 straining holder, 
straining grid, and specimen used for in situ straining experiments. 



 100 

Table 3-1: Deposition conditions used to fabricate in situ nc thin film 

specimens 

  Al Cu Au Mg 
Nominal purity (%) 99.999 99.999 99.999 99.999 

Crucible material Boron Nitride Graphite Graphite Graphite 

Pump down pressure 
(Torr) 7.40E-07 1.50E-07 8.20E-07 7.60E-07 

Pressure during 
deposition (Torr) 1.20E-06 1.50E-06 1.70E-06 1.50E-06 

Target thickness 
(nm) 80 60 80 80 

Measured thickness 
(nm) 79±2 59±1 83±2 77±2 

Set deposition rate 
(�/s) 1 1.0 0.5 2 

Measured deposition 
rate (�/s) 0.9-1.0 1.0-1.2 0.5 1.7-2.5 

 

• Aluminum – A boron nitride crucible was used, because molten Al wets 

graphite very well which causes spillage from crucible during deposition. 

• Copper – Deposition conditions (aside from thickness) were identical to 

those described for ex situ specimens in Section 2.4.2.1. 

• Gold – The Au films were deposited at a slower rate than the other metals, 

because during that deposition session the electron source was arcing at 

high power.  So a lower power and, hence, deposition rate was used. 

• Magnesium – The vapor pressure for Mg is quite high at elevated 

temperatures, so sublimation occurs at significantly lower temperature than 

evaporation [28].  For that reason, deposition occurred at a higher rate and 
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was more difficult to sustain a precise deposition rate when compared to 

other metals.   

 

3.2.3. Annealing procedure 

In order to perform in situ characterization using TEM-OIM, it was necessary that 

a single grain be through the thickness of the film.  This required that the 

specimens be vacuum annealed in order to grow the grains.  The vacuum furnace 

designed and built at JHU by Stephen Ryan was used for this purpose [29].  A 

photograph of the furnace is shown in Figure 3-6 with the relevant parts labeled.  

The vacuum furnace is comprised of a furnace that can be rolled on a track to 

Figure 3-6. Vacuum furnace used to vacuum anneal in situ tensile specimens.  
Furnace described in detail in [29]. 

Tube Furnace Vacuum Tube/ 
Specimen

Mechanical 
Roughing Pump

Turbo PumpTemperature 
Controller
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insert the specimen tube.  The atmosphere in the specimen tube can be controlled 

through a two-stage pumping system comprised of a mechanical roughing pump 

and a turbo pump.  Tanks can be used to fill the chamber with gas if desired.  The 

temperature in the furnace and specimen tube is measured using two 

thermocouples.   

 

The photoresist used to pattern the tensile geometry cross-links readily if exposed 

to temperatures over 100˚C, preventing it from being dissolved in acetone.  

Because of this, the films must be annealed after they have been lifted off of the 

substrate.  The epoxy used to attach the thin film specimens showed no 

observable degradation resulting from the heat treatment.  The following process 

was used to anneal the films: 

• A Cu sheet was cleaned with acetone and heat treated in forming gas (5% 

H2 in N2) at 500˚C to prevent any degassing of organics onto the specimens 

during the anneal 

• Thin film specimens mounted onto straining grids were placed on the Cu 

sheet and placed into the vacuum tube. 

• The vacuum tube was attached to the furnace setup and pumped down 

using the mechanical roughing pump then the turbo pump to a pressure of 

3×10)t Torr. 

• Tube furnace was heated to a temperature of 300˚C and subsequently slid 

over the vacuum tube containing the specimen. 
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• The specimen temperature increased to 300˚C.  The time required for the 

specimen temperature to reach the furnace temperature (as measured by 

the thermocouple in the vacuum tube) was typically 8 minutes. 

• The temperature of the specimen was held at 300˚C for 30 minutes. 

• The furnace was rolled back from the vacuum tube holding the sample, and 

the sample was cooled while under vacuum. 

• The vacuum tube was allowed to cool to room temperature before it was 

brought back to atmospheric pressure to ensure the films did not oxidize 

quickly upon exposure to ambient oxygen.  The specimen thermocouple 

typically cooled to 150˚C within 30 minutes.  Cooling from 150˚C to room 

temperature typically required 2-3 hours. 

This process was used to obtain annealed thin film specimens with no discernible 

oxidation.   

 

3.3. In situ tensile tests utilizing bright/dark field TEM 

As discussed in Section 3.1, in situ testing utilizing conventional bright field 

(BF)/dark field (DF) TEM imaging has been used in past studies to directly observe 

stress-driven GB migration.  Previous experiments have largely focused on nc Al 

thin films.  The experiments described below add to the current in situ observations 

of stress-driven GB migration in the following ways: 

• Velocity of GBs migrating in response to applied stress at room 

temperature was quantified and compared to existing analytical models. 
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• In situ straining experiments were performed on metals not previously 

studied using in situ techniques   

  

3.3.1. Testing methodology 

Freestanding thin film specimens were fabricated using the procedure outlined in 

Section 3.2.  The straining grids with the mounted thin film tensile specimens were 

attached to the Gatan single-tilt straining holder using Hexlok™ screws.  Figure 3-

7 shows an Al specimen with the ‘short gauge with notch’ geometry mounted into 

the straining holder.  The specimen was strained together with the Cu straining 

grid, so the stress in the film could not be measured directly.  The specimen and 

Thin film 
tensile specimen Straining Grid

Actuation
direction

Notch

(a)

(b)

Figure 3-7. Photograph of of an Al thin film tensile specimen with the ‘short 
gauge with notch’ geometry mounted into the Gatan single tilt straining holder 
and ready for testing.  
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the straining grid were strained by the actuation of one of the screw drives along a 

translation track.  This translation is controlled by a Gatan Accutroller Model 902.  

For TEM studies, small translations are needed.  To achieve this, the translation 

track is comprised of a 2190:1 low-backlash, spur gear train followed by a 40:1 

reduction precision worm and wheel drive.  This allows for the specimen to be 

deformed at nanoscale increments.  All BF/DF in situ experiments were conducted 

during two visits to CEMES-CNRS in Toulouse, France.  Marc Legros and Frédéric 

Mompiou provided instruction and assistance throughout.  A Philips CM20 TEM 

with a LaB6 electron source was used for the in situ straining experiments.  The 

following procedure outlines the steps taken to perform an in situ straining test of 

the thin film specimens:  

1. The specimen is mounted onto the Gatan single-tilt straining holder and 

inserted into the TEM 

2. General TEM alignment is performed for conventional TEM: eucentric 

height, astigmatism correction, condenser lens alignment, etc. 

3. Initial BF/DF micrographs are taken across the gauge area of the specimen 

4. Straining holder is actuated using the Accutroller until the film begins to 

strain.  Pre-straining aligns the straining grid between the two screws and 

pulls the film taut if there is any slack.  The Z-height of the film may change 

as a result of this, which alters the focus of the specimen.  This step is done 

while in BF imaging mode to track movement of the area of interest and 

account for any changes in height in the film. 
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5. Once the film is taut, video recording is initiated.  BF/DF videos are recorded 

using the native TEM CCD camera.  The specimen is then strained in small, 

semi-quantitative increments while following a grain/cluster of grains of 

interest.  Throughout straining, the grains may rotate out of contrast, so 

small tilts are done to track specific grains.  A three-digit displacement value 

is displayed on the Accutroller and is recorded throughout the experiment, 

but this displacement value has no repeatable correlation with grip 

displacement. 

6. Images can be recorded and imaging conditions can be changed (e.g. BF 

or DF illumination and by tilting the specimen about the tensile axis to bring 

desired grains into contrast) throughout the experiment 

7. Specimens are typically strained until fracture.  The time and strain required 

for film fracture varies widely from test to test.  There are instances in which 

the specimen fractures in a brittle matter immediately upon loading.  For 

other specimens, a crack could be controllably propagated across the 

gauge for several hours. 

 

Figure 3-8 shows a successfully tested Al specimen (long gauge) before and after 

straining.  There were many cases in which the specimen fractured immediately 

upon loading in regions away from the gauge.  This typically occurred due to 

defects in the film created during fabrication or handling of the specimen.  The 

frequency of rapid failures away from the gauge area was decreased substantially 
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by designing specimens with notches designed in the gauge section (i.e. ‘short 

gauge with notch’ specimens). 

 

3.3.1.1. Aluminum 

The nc Al films were ideal for in situ straining combined with BF/DF TEM, because 

individual grains or clusters of grains could be easily brought into contrast and 

observed throughout straining.  This is due to the low atomic weight of Al, which 

100 μm(a)

(b)

Figure 3-8. TEM micrograph (no objective aperture) of an Al thin film specimen 
(a) before straining and (b) after failure. 
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limited contrast resulting from factors other than Bragg scattering.  Additionally, the 

stacking fault energy of Al is quite high (~200 mJ/m2) [30].  This resulted in no twins 

present in nc Al microstructure, which enables an entire grain to be brought into 

contrast.  Figure 3-9 shows a low-magnification BF TEM micrograph of an Al 

specimen.  The specimen has the short gauge with notch geometry.  The 

micrograph demonstrates smooth notches on the order of 1	µm can be fabricated 

using UV photolithography.  Additionally, the grain size of the nc film is far smaller 

than the notch size.   

 

In addition to the ease of imaging grains, the majority of nc Al films did not exhibit 

quick, brittle fracture upon straining; rather, a long crack could be slowly 

propagated as desired through the gauge section.  This allowed stress to be 

Figure 3-9.  Low-magnification bright field TEM micrograph of a nc Al in situ 
specimen (short gauge with notch).  
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imposed on local regions of the microstructure while imaging select grains.  Figure 

3-10 contains a DF and BF micrograph recorded ahead of a crack tip in an nc Al 

specimen during straining.  These images are representative of the magnification 

and field of view during an in situ straining experiment.  Specific grains can clearly 

be observed and tracked throughout straining using diffraction contrast.  Multiple 

instances of stress-driven grain growth were observed for the nc Al specimens and 

are described in detail in Sections 3.3.2-5. 

 

3.3.1.2. Copper 

The in situ Cu specimens differed from those deposited for ex situ testing in that 

they were thinner and fully nanocrystalline, rather than the bimodal grain size of 

the ex situ specimens.  Figure 3-11 shows a low-magnification BF micrograph of 

a Cu in situ specimen.  The reason for the fully nc microstructure is likely due to 

the difference in deposition thickness of the two films.  Physical vapor deposition 

techniques (such as e-beam evaporation used for these specimen) typically first 

100 nm

Dark field image Bright field image

Crack 
tip

Figure 3-10.  Dark field and bright field image recorded from the same area of a 
nc Al specimen during straining.   
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deposit a seed layer of nanocrystalline grains.  Subsequent deposition typically 

allows grains with a preferred orientation to grow more quickly than others, 

producing micron-sized grains [31].  It is likely that the in situ specimens (x =

60	nm) occurred in the nc seeding layer regime, and the deposition of the ex situ 

specimens (x = ~200	nm) allowed larger grains to emerge. 

 

Similar to the Al films, Cu films were quite ductile, allowing for a crack to be slowly 

propagated through the gauge section while the microstructure is characterized.  

The increased molecular weight and prevalence for twinning, however, 

dramatically increased the amount of contrast within the specimen.  This made it 

difficult to follow specific grains throughout straining.  A representative BF 

Figure 3-11.  Low-magnification bright field TEM micrograph of a Cu in situ 
specimen.   

500 nm
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micrograph of the region ahead of a crack tip during in situ straining of a Cu 

specimen is shown in Figure 3-12.  Comparing Figures 3-10 and 3-12 shows that 

it is far more difficult to locate specific grains in the Cu microstructure during 

straining.  In situ straining experiments were performed with both BF and DF video 

recording, but no definitive results could be obtained.  Instead, the Cu specimens 

were ideal for in situ straining combined with OIM, which is described in Chapter 

4. 

 

3.3.1.3. Other metals 

Mg and Au in situ straining specimens were also fabricated.  A representative BF 

and DF image from a Mg specimen is shown in Figure 3-13.  As a light metal, BF 

and DF imaging of the Mg films provided adequate contrast to characterize 

Figure 3-12.  Bright field TEM micrograph taken from the region ahead of a 
crack tip (located at bottom left of image) in a Cu thin film specimen.   
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individual grains, similar to the Al films. In situ experiments were conducted on the 

nc Mg specimens, but All films tested fractured in a quick, brittle manner when the 

load was applied, and no  

 
plasticity was observed.  Representative BF and DF image from a Au specimen is 

shown in Figure 3-14.  Numerous nanoscale twins were observed in the 

microstructure, as noted in the figure.  Similarly, to the Mg films, the Au specimens 

also fractured in a brittle manner, as was the case for the specimen in the top-left 

of Figure 3-14.  The specimen failed in a brittle matter in away from the thin region 

of the specimen gauge.  Additionally, the Au films also had the added difficulty of 

poor contrast due to substantial twinning and high molecular weight (as is the case 

for Cu films). Due to the difficulties of imaging and testing the Au and Mg films, in 

situ tests focused on the Al and Cu films. 

 

500 nm 200 nm

Figure 3-13.  Representative BF (Left) and DF (Right) micrographs taken from 
nc Mg thin films fabricated for in situ testing.   
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3.3.2. Observations of grain boundary migration 

During in situ straining experiments of nc Al, multiple instances of stress-driven GB 

migration were observed.  This was done by observing specific grains or clusters 

of grains as they were approached by a crack front.  These tests were conducted 

at room temperature, and no grain growth was observed when the microstructure 

was imaged before straining.  This precludes the possibility that the observed grain 

boundary migration can be attributed to room-temperature annealing or as a result 

of electron beam heating, which is predicted to be a fraction of a degree for metal 

specimens [32].  Additionally, the grain growth was isolated to regions of high 

Figure 3-14.  Low-magnification micrograph showing brittle fracture away from 
gauge section of in situ Au film (Top Left).  Representative BF/DF images of 
the nc Au microstructure.  Many nanoscale twins observable in DF images. 
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stress ahead of the crack tip.  Grain growth is best viewed through the videos 

recorded using the native CCD camera in the TEM, but migration can further be 

measured using snapshots of the video recording.   

 

Figure 3-15 shows a cluster of grains that were observed to exhibit GB migration.  

Both BF and DF images are shown; the contrast is better in the DF condition, so a 

video was recorded in DF illumination.  The grains of interest are traced and 

numbered in the magnified image on the right.  A crack is advancing on the bottom 

left of the image.  The specimen was slowly strained over the course of 8 minutes 

Figure 3-15.  Bright field and dark field images showing a cluster of grains in 
which stress-driven GB migration was observed.  The crack tip is at the bottom 
left corner of the images.  Grains are outlined and assigned a number in the 
magnified DF image on the right. 
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while keeping the cluster of grains in contrast using small specimen rotations.  Still 

images from the video are shown in Figure 3-16 showing the evolution of the 

grains. As the crack (located at the bottom left of each image) propagates further 

into the film, the boundary on the bottom of Grain 1 migrates downward as a result 

of the high stress created by the propagating crack.  After 6 minutes, the crack 

front reaches Grain 1.  The micrographs taken at 6:00 and 8:00 show the crack 

propagating along the lower-left facet of Grain 1.  An outline of the grains at each 

time step is shown in Figure 3-17.  The last image contains all outlines overlaid 

and clearly shows the downward migration of Grain 1.  The effective diameter of 

each grain at each time step was calculated (Table 3-2) and plotted in Figure 3-

18. 

 

Table 3-2: Diameter of each grain in Figure 3-15 at selected times during 

straining 

Time 
(m/ss) 

Grain 1 
(nm) 

Grain 2 
(nm) 

Grain 3 
(nm) 

0:00 88.5 52.1 59.9 
1:00 90.3 52.8 60.1 
3:00 93.2 53.4 60.5 
5:00 97.6 53.0 60.9 
6:00 101.5 54.3 57.9 
8:00 101.9 55.0 58.2 
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Figure 3-16.  Still frames captured from a DF video recording during an in situ 
straining experiment of a nc Al thin film.  Time (m:ss) elapsed for the frame is 
indicated in the top left of each image.  The lower boundary of the large grain 
migrates downward as specimen is strained. 

50 nmCrack

0:00 1:00

3:00 5:00

8:006:00
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Figure 3-17.  Grain outlines for the still images in Figure 3-16. Last image 
shows all grain outlines overlaid.  Grain 1 grows downward toward the crack tip. 

Figure 3-18.  Size of grains 1-3 during straining.  Grain 1 grows steadily until it 
reaches the crack tip (6:00).  Grains 2-3 do not significantly grow/shrink 
throughout straining. 
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There is no significant change in size of Grains 2 or 3 throughout straining.  The 

lower boundary of Grain 1, on the other hand, migrates consistently until the crack 

reaches the grain (6:00) after which the grain size remains constant.  The grains 

were observed for another 10 minutes with no change.  This reasonable, as after 

the crack front passes the grain, the stress around the grain is substantially 

reduced. 

 

Figure 3-19 shows another cluster of Al grains in which migration was observed.  

A cluster of 5 grains (labeled Grains 4-8) was brought into contrast using BF 

imaging and recorded as the film was slowly strained over a 32-minute period.  

Figure 3-20 shows BF still images that illustrate the evolution of the cluster 

throughout straining, and Figure 3-21 shows the grain outlines from the still 

images.  As the specimen is strained, the crack grows downward (first visible in 

the top-right at 19:27).  Immediately after the frame taken at 19:27, Grains 7 and  

50 nm

4
5

6

7

8

Crack
front

Figure 3-19.  Cluster of 5 grains in which stress-driven GB migration was 
observed.  Cluster of grains was viewed in BF TEM.  Crack front is located in 
the top right of the image.  Grains are labelled 4-8. 



 119 

  

50 nm

0:00 11:17

19:27 19:28

32:00
Crack
front

Figure 3-20.  Still images of the BF video recording taken of Grains 4-8 
throughout straining. 
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50 nm

4
5

6
7

8

Figure 3-21.  Grain outlines for the still images in Figure 3-19. Last image 
shows all grain outlines overlaid.  Grain 4 grows vertically, and Grains 7 & 8 
separate as a result of the straining. 
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8 separate allowing for Grain 4 to elongate.  A boundary is created between Grain 

4 and another grain that is out of contrast.  The size of each grain is shown in Table 

3-3 and plotted in Figure 3-22.  

Table 3-3: Diameter of each grain in Figure 3-19 at selected times during 

straining 

Time 
(mm/ss) 

Grain 4 
(nm) 

Grain 5 
(nm) 

Grain 6 
(nm) 

Grain 7 
(nm) 

Grain 8 
(nm) 

0:00 66.1 33.8 75.9 50.4	 81.6	
11:17 67.7 36.2 73.8 46.4	 88.0	
19:27 76.4 36.9 69.9 48.2	 94.6	
19:28 87.3 34.7 70.2 76.5	 96.7	
32:00 84.1 30.2 57.6 68.9	 80.4	

 

Before 19:27, Grain 6 steadily shrinks, and Grain 8 grows. At 19:27, within one 

frame of the video, Grains 7 and 8 separate due to a fast migration event from a 

single boundary, which is accompanied by substantial growth of Grains 4 and 7.   

Figure 3-22.  Size of grains 4-8 during straining.  Significant migration observed 
at 19:27, with Grain 4 and Grain 7 growing substantially. 
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3.3.3. Measurement of grain boundary velocity 

From Figures 16 and 20, the velocity of the migrating boundaries can be 

calculated.  This is done by recording the location of specific GBs at known times 

of the video recording and calculating an average velocity between time steps.  

The clearest examples of GB migration are the lower boundary of Grain 1 and the 

upper boundary of Grain 8.  The evolution of these grains throughout straining is 

depicted in Figure 3-23 by overlaying the boundary outlines at specific straining 

steps for each grain.  The stress-driven GB migration for Grain 1 is clear, as every 

boundary remains static aside from the migrating boundary.  In Grain 8, however, 

it appears that the grain is moving downward via rigid body motion.  Since there 

Figure 3-23.  Outlines for Grain 1 and Grain 8, in which stress-driven GB 
migration was pronounced.  Migration direction in which boundary velocity was 
calculated is indicated by red arrow. 
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are grains surrounding Grain 8 on all sides, this motion can only be accomplished 

by migration of the grain boundaries.  The velocity of the boundaries was 

calculated by measuring the migration distance and time between each of the still 

images recorded. Migration velocity for Grain 1 and Grain 8 can be found in Table 

3-4 and 3-5, respectively.  The boundary in Grain 1 moved at an average velocity 

of 0.84 nm/s, slowing appreciably after the crack reached the grain, likely relieving 

the stress at the GB, after 6 minutes.  The upper boundary of Grain 8 migrated at 

an average velocity of 0.024 nm/s, aside from the large migration event that 

occurred at 19:27.  At 19:27, the boundary moved 12.1 nm in 1 second, with most 

of that occurring between frames of the video recording.  A velocity of 12.1 nm/s 

was recorded for that step, but the actual velocity was significantly higher.   

Table 3-4: Migration velocity of Grain 1 (Figure 3-23) throughout straining 

Time 
(m/ss) 

Migration Distance 
- Step (nm) 

Migration Distance - 
Total (nm) 

Velocity 
(nm/s) 

0:00 0.0 0.0 N/A 
1:00 5.3 5.3 0.089 
3:00 7.2 12.5 0.060 
5:00 14.8 27.3 0.123 
6:00 4.9 32.2 0.082 
8:00 8.0 40.2 0.067 

 

Table 3-5: Migration velocity of Grain 8 (Figure 3-23) throughout straining 

Time 
(mm/ss) 

Migration Distance 
- Step (nm) 

Migration Distance - 
Total (nm) 

Velocity 
(nm/s) 

0:00 0.0 0.0 N/A 
11:17 10.6 10.6 0.016 
19:27 13.7 24.3 0.028 
19:28 12.1 36.4 12.10 
32:00 22.0 58.4 0.029 
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3.3.4. Comparison of measured boundary velocity with others  

Recent in situ experiments performed by Rajabzadeh et al measured the velocity 

of Al grain boundaries while strained at elevated temperature [33, 34].  In the 

studies, Al bicrystals containing a boundary of known character was strained at 

400˚C using an in situ straining/heating holder while utilizing BF TEM video 

recording.  Before the straining experiments, the GBs were characterized using 

high-resolution TEM (HRTEM).  The HRTEM analysis revealed arrays of grain 

boundary defects, or disconnections.  They analyzed the character of the 

disconnections by measuring their Burgers vector and line direction.  Depending 

on the character of both the disconnection and the GB, the disconnection can be 

mobile or sessile.  Mobile disconnections can migrate along a boundary when the 

resolved shear stress is sufficiently high, migrating the grain boundary by a 

distance equal to the component of the Burgers vector normal to the GB plane.  

Sessile disconnections must move by a climb mechanism, which is a thermally-

activated, diffusion-based process.  The velocity of a boundary migrating via 

disconnection climb is given in Equation 3-1 [34].  

Equation 3-1 

0à =
Tâä
ãà

/Ω

SA
 

Where 0à is the migration velocity, Tâä is the self-diffusion coefficient, ãà is the 

climb component of the disconnection Burgers vector, / is the applied shear stress, 
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Ω is the atomic volume, S is the Boltzmann constant, and A is the absolute 

temperature.  For Al value for the physical parameters are as follows: 

• Tâä = 3.5×10)texp
)*.gU	Hç

éè
	mgs)*.  Calculated in [35] from first principles 

• ãà ∈
*

g =*
,

K

g =*
	nm.  From the possible disconnections for the boundary 

studied in [34].  Other disconnections are likely to be present in the GBs 

studied here, but ~0.1	nm is reasonable. 

• / = 10	MPa.  Critical resolved shear stress of pure Al [36]. 

• Ω = 2.52×10)gO	mK.  From [34]. 

Note that temperature will have a large influence on the migration velocity of the 

GB, owing to the exponential dependence in the self-diffusion coefficient.  For A =

400℃, as was the case for the experiments performed in [34], Equation 3-1 gives 

a migration velocity of 1.33	µm	s)*.  This is comparable to the experimentally 

measured migration velocity of ~4	µm	s)*.  When Equation 3-1 is applied at room 

temperature (A = 25℃), however, the resulting migration velocity is essentially 

zero (0à = 4×10)O	nm	s)*).  The temperature required to obtain the observed 

migration velocity (0à = ~0.01	nm	s)*) is 170℃.  It is commonly seen that thermally 

insulating materials can be heated to high temperatures by the electron beam in 

TEM, but for pure metals (e.g. the nc Al film studied here) the beam-induced 

heating is negligible [32]. 

 

The disconnection-mediated GB migration model proposed by Rajabzadeh et al 

reasonably predicts migration velocities at elevated temperatures when diffusive 

processes are active.  Furthermore, they have characterized disconnections along 



 126 

GBs and observed their motion in response to strain, so there is a physical 

foundation to the model.  At room temperature, the observed migration velocities 

in this work are far higher than those predicted by the model.  There are two 

possible explanations to account for this discrepancy: 

1. The room temperature migration is driven almost exclusively by the 

migration of mobile disconnections, which can migrate along a GB without 

thermally-activated diffusion processes. 

2. A different mechanism is responsible for low-temperature stress-driven GB 

migration that does not rely on self-diffusion.  Possibly something more akin 

to the mechanism proposed by Cahn et al in which local conformations of 

atoms pass through a metastable state to assemble themselves in the 

lattice of the neighboring grain [37]. 

Additional studies from both simulations and experiments are required to 

determine the mechanism by which stress-driven GB migration occurs at low 

temperatures.  
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3.3.5. SEM characterization of strained Al film 

The film containing Grains 4-8 (see Figure 3-20) was unloaded and removed from 

the TEM after the BF video characterizing grain boundary migration was recorded 

for characterization using scanning electron microscopy (SEM).  SEM 

characterization provides information about surface roughness and geometry not 

obtainable through TEM.  Figure 3-24 shows TEM images relating where Grains 

4-8 are relative to the specimen together with a backscatter (BS) SEM image 

rotated to the same orientation as the low-magnification TEM image (no objective 

aperture is inserted for the low-magnification image).  The cluster comprised of 

5 μm
1 μm

50 nm
5 μm

TEM – No OA TEM – BF

TEM – BFSEM – BS

Figure 3-24.  TEM images relating where Grains 4-8 are located near the 
crack tip in the specimen.  Backscatter (BS) SEM image is rotated to the same 
orientation as the low-magnification TEM image (no objective aperture 
inserted) 
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Grains 4-8 is located immediately to the left of the crack tip.  Figure 3-25 shows 

BS SEM images recorded near the crack tip at different angles.  Images A and B 

show the crack tip and surrounding area from a top-down view, while images  

C and D display the region from an oblique angle.  In general, there is some surface 

relief of the film corresponding to the grain structure, but there is no noticeable 

difference between the areas near the crack tip and those away from the crack tip.  

Previous studies have shown that large amounts of stress-driven GB migration 

produce large steps in the film surface corresponding to the grain boundaries [38].  

2 μm

1 μm

100 nm

100 nm

A B

C D

Figure 3-25.  BS SEM images recorded from in situ TEM tested nc Al 
specimen at two angles.  Images A and B show the area around the crack tip 
from a top-down view.  Images C and D show the crack tip at an oblique 
angle. 
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Figure 3-26 shows SEM images that compare the surface relief of an Al film (\J =

100	nm, xIíìî = 300	nm) in an unstrained vs strained region.  Focused ion beam 

(FIB) sections were taken from the center of the film.  After straining, grains are 

surrounded by noticeable ledges indicating the location of grain boundaries.  This 

is attributed to the coupling factor proposed by Cahn et al that suggests that grains 

shear relative to one another as stress-driven GB migration occurs [39].   

 

Even though stress-driven GB migration was observed to occur in the in situ nc Al 

films strained in this study, pronounced ledges are not seen at the GBs.  This can 

likely be attributed to the relatively modest growth seen in these films when 

compared with those tested by Gianola that grew to multiple times their original 

size [38]. 

 

Figure 3-26.  SEM images of the surface of a nc Al thin film specimen showing 
the effect stress-driven GB migration has on the surface relief of a film.  FIB 
sections were made in each film to observe through-thickness details.  Adapted 
from [38]. 

As-deposited Strained
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3.3.6. Finite element analysis of stress field around crack tip  

From the low-magnification images of the strained gauge section recorded using 

SEM and TEM, the in situ thin film Al tensile specimen containing grains 4-8 could 

be approximately reconstructed and strained using finite element analysis (FEA).  

The simulations were performed with the assistance of Binwei Zhang.  Figure 3-

27 shows the specimen geometry used for the FEA simulation and how it was 

derived from the actual thin film tensile specimen.  The FEA tensile specimen was 

designed to have a notch similar to the experimental sample, accounting for the 

Bottom 
surface fixed

200 MPa applied 
to top surface

Closed crack 
at 0 stress

Finer mesh around 
crack region

100 μm

Simplified specimen 
geometry around 
cracked region

Figure 3-27.  Images showing how the specimen geometry for FEA simulation 
was obtained from experimental sample.  A notch and crack were placed in the 
FEA specimen (right) according to the outlined region in the TEM micrograph 
(left). 
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portion of the film that was folded over and not load-bearing.  The crack was 

measured and replicated in the FEA specimen containing a horizontal section 

followed by a deflection downward.  At zero stress, the crack is closed.  The bottom 

of the tensile specimen was fixed in the simulation and a 200 MPa load was applied 

across the top surface.  A ‘maximum principle stress’ of 5×10=	MPa was used to 

ensure that the crack did not propagate passed the region of interest.  A finer mesh 

was used in the region surrounding the crack tip to obtain better resolution near 

the area of interest.  The approximate location of Grains 4-8 in the simulation is 

shown in Figure 3-28. 

 

Figure 3-29 shows results from the FEA simulations.  Von Mises, Sxx, Syy, and 

Sxy were calculated, displaying the stress fields surrounding the crack tip as 

tensile stress is applied to the specimen.  The stress values on the left of each 

image are in MPa—these stresses are quite high due to the stress concentration 

introduced by the crack tip. 

50 nm

TEM – BF

Figure 3-28. Images showing the approximate location of Grains 4-8 in the FEA 
simulation.  The cluster is immediately to the left of the crack tip. 
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Figure 3-29.  Results from FEA simulation to calculate stress fields around the 
crack tip for the in situ tensile specimen.  Von Mises, Sxx, Syy, and Sxy 
(coordinate system in top image) were calculated.  Stress values on left are in 
MPa. 

Von mises

Sxx

Syy

Sxy

X
Y
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The cluster of grains in which GB migration was observed resides in an area of 

high stress in comparison to the regions further from the crack tip.  Interestingly, 

the region of highest shear stress (which is known to drive GB migration [40]) is 

above the crack tip.  No grains were recorded in this region, but it is likely that 

substantial GB migration occurred there. 

3.4. Chapter Summary 

Freestanding nanocrystalline thin film specimens were fabricated, and In situ 

straining experiments using bright field and dark field TEM imaging were 

conducted to directly observe stress-driven grain boundary migration.  The 

following key results were obtained from this work: 

• Aluminum, copper, magnesium, and gold nc tensile specimens were 

fabricated.  Aluminum was the best material for in situ testing using bright 

field and dark field imaging for two reasons.  (1) It has relatively low 

molecular weight, which greatly facilitates the imaging of single grains or 

clusters of grains.  (2) It exhibited substantial ductility, allowing a crack to 

be propagated at a controlled rate and tracked through the gauge section. 

• Stress-driven grain boundary migration was observed in nc Al using bright 

field and dark field TEM video recording.  The velocity of mobile grain 

boundaries was measured to be on the order of 0.01	nm	s)*.  A rapid grain 

boundary migration event was observed in which the boundary velocity 

exceeded 12	nm	s)*. 

• This velocity was compared to that predicted by the model developed by 

Rajabzadeh et al that accounts for boundary migration by the glide and 
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climb of disconnections [34].  The observed migration velocity was many 

orders of magnitude greater than the velocity predicted by the model, 

4×10)O	nm	s)*.  This difference is attributed to the low self-diffusion rate 

for Al at room temperature.  

• The measured migration velocity for nc Al suggests that, at room 

temperature, the mechanism responsible for stress-driven grain boundary 

migration does not rely on self-diffusion. 
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CHAPTER 4: AN INVESTIGATION OF DEFORMATION 

MECHANISMS IN NANOCRYSTALLINE METALS USING 

IN SITU TECHNIQUES—ORIENTATION IMAGING 

MICROSCOPY  

In situ straining experiments enable observation of microstructural evolution 

throughout deformation.  Through the combination of in situ straining with TEM-

based orientation imaging microscopy, information about the grain size, shape of 

the grains, and the character of grain boundaries (GB) can be obtained. The 

following experiments capture snapshots of the microstructure at nanoscale 

resolution with unprecedented microstructural detail.  These experiments are 

employed to better understand the deformation mechanisms active in nc metals, 

including stress-driven GB migration and deformation twinning. 

 

4.1. Introduction 

Orientation imaging microscopy (OIM) is a useful technique for characterizing 

polycrystalline materials and determining relevant microstructural parameters such 

as grain size, texture, and grain boundary character.  As Section 2.5.3.3 illustrated, 

TEM-based OIM (TEM-OIM) can be used to calculate the grain size of a 

nanocrystalline (nc) Cu film much more quickly than is possible by utilizing 

previous measurement techniques.  In Chapter 3, in situ straining experiments 

were discussed, combining straining with bright field (BF) and dark field (DF) TEM 

illumination.  These experiments are useful for directly observing the migration of 
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specific grains, however, relatively few grains could be observed within the 

microstructure for a given illumination condition and their orientations are not well-

defined.  

 

Coupling in situ straining with OIM enables an entire region of a specimen to be 

characterized throughout deformation.  Procedures for testing and OIM analysis 

were developed and employed to map the microstructural evolution of nc metals 

at various straining steps.  This technique permits the shape and orientation of 

specific grains and GBs to be tracked throughout straining, which sheds light on 

microstructural evolution that has only recently been possible.  First, an 

introduction to the three main OIM techniques is provided.   

 

1.5.2. Electron backscatter diffraction 

Electron backscatter diffraction (EBSD) is a technique that is uses a scanning 

electron microscope (SEM) [1].  In this system, a beam of electrons is focused and 

directed at a point on the specimen.  Once the beam impinges on the specimen 

surface, many electrons are inelastically scattered, creating a divergent ‘source’ of 

electrons near the specimen surface.  Crystal planes will diffract these inelastically 

scattered electrons along specific angles. These electrons are diffracted as very 

wide Kossel cones that project as bands, referred to as Kikuchi bands, when 

collected near to the specimen. Together, all the Kikuchi bands form a Kikuchi 

diffraction pattern that can be analyzed to determine crystal phase/orientation.  

Figure 4-1 schematically shows the relevant parts in a SEM for EBSD collection 
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[2].  The specimen is typically inclined 70˚ toward the phosphor screen, where the 

Kikuchi diffraction patterns are collected.  An example of a Kikuchi diffraction 

pattern containing numerous Kikuchi bands can be seen in Figure 4-2 [1].  The 

pattern can then be analyzed, and the orientation/phase can be determined by 

comparing the observed location and width of Kikuchi bands and comparing them 

Electron Source

Phosphor 
screen/camera Specimen

Figure 4-1. Schematic illustrating the data collection geometry for EBSD within 
an SEM chamber. Taken from [2]. 

Figure 4-2. Left: example of a Kikuchi diffraction pattern collected via EBSD.  
Right: Kikuchi bands are located, indexed, and simulated pattern is overlaid on 
experimental pattern.  Taken from [1]. 
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to simulated diffraction patterns.  To create an orientation map, an array of Kikuchi 

diffraction patterns is recorded by rastering the electron beam over a 

predetermined region, dwelling at each point for a pre-set exposure time. 

 

Suitable specimens for EBSD must be very well-polished, so that the 

backscattered electrons can reach the phosphor screen unimpeded.  Also, the 

specimens must typically be at least 1	µm in thickness to ensure there is enough 

volume of material to create the divergent source electrons.  For a typical EBSD 

acquisition, 300-500 patterns per second can be recorded [1].  The angular 

resolution for EBSD is routinely close to 1˚, but with careful analysis the angular 

resolution is exceptionally high (down to 0.003˚) [3].  The interaction volume of the 

electron beam with the specimen is substantially larger than the size of the beam 

impinging on the specimen surface, so spatial resolution is limited for EBSD.  

Spatial resolution is typically quoted to be between 20 nm-200 nm, but sub-100 

nm resolution is very difficult to achieve [3].  Therefore, EBSD is best suited for 

specimens with grains/features of interest on the order of 1	µm or larger.  Figure 

4-3 shows an example of an orientation map of a twinned Mg specimen recorded 

using EBSD.  The grains are typically ~100	µm, and the twins ~1	µm are well-

resolved in the grain interiors.  An example of an orientation map recorded from a 

nc Al thin film specimen is shown in Figure 4-4 [4].  The step size for the scan is 
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50 nm, and there are relatively few points within each grain with many points 

unable to be indexed. The poor indexing is attributed to superimposed Kikuchi 

diffraction patterns from two grains near grain boundaries.  While some information 

can be obtained from this map, such as overall film texture, the grain structure 

cannot be adequately characterized.  This requires the use of other techniques 

with superior spatial resolution. 

Figure 4-3. Orientation map recorded from a twinned Mg specimen using 
EBSD.  Image courtesy of Yue Liu (LANL) 

Figure 4-4. Orientation map recorded from a nanocrystalline Al thin film 
specimen.  Adapted from [4]. 
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1.5.3. Transmission Kikuchi diffraction 

Transmission Kikuchi diffraction (TKD) is an OIM technique similar in many ways 

to EBSD.  TKD utilizes SEM to obtain an array of Kikuchi diffraction patterns with 

the key difference being that the electrons collected are transmitted through the 

specimen rather than backscattered from the surface.  Figure 4-5 shows the 

experimental setup for TKD [5].  The setup is similar to EBSD with the difference 

that the specimen is oriented perpendicular (sometimes a slight ~10˚ back tilt is 

used) to the electron beam at a very short working distance.  Since the Kikuchi 

diffraction pattern is recorded in transmission, this requires that the specimen be 

very thin, typically ~100 nm, much thinner than conventional EBSD specimens 

resulting in a substantially smaller interaction volume of the electron beam.  Thus, 

Figure 4-5. Experimental setup for TKD.  Specimen is oriented perpendicular to 
electron beam. From [5]. 
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TKD has superior spatial resolution to EBSD.  Figure 4-6 illustrates this through 

use of Monte Carlo simulations [6].  The 70˚ incline of the EBSD is compared to a 

specimen that is slightly back tilted for TKD acquisition.  Using an identical electron 

beam and specimen, the interaction volume (indicated by blue shapes) decreases 

from a 60 nm x 20 nm ellipse to a circle with a 12 nm diameter.  Spatial resolution 

of 5-10 nm has been achieved using this technique to study nc Ni [6]. Additionally, 

the backscattered electrons collected come from the bottom surface of the 

specimen, so the resulting orientation map is a representation of the bottom 

surface of the specimen instead of an average through the thickness [6].  The 

angular resolution and acquisition time are comparable to those for EBSD (see 

Section 1.5.2).  This substantial improvement in spatial resolution allows for 

nanocrystalline metals to be effectively characterized using this technique.   

 

Figure 4-6. Monte Carlo simulations comparing the interaction volume of 
conventional EBSD (left) to TKD (right).  Interaction volume (represented by 
blue shapes) is much smaller for TKD. Taken from [6]. 
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Bimodal Cu specimens were produced at JHU (see Section 2.4.2.1 for fabrication 

details) and characterized using TKD at the University of Sydney by Saritha 

Samudrala and Patrick Trimby.  The specimens contained large (> 1	µm) twinned 

grains in a matrix of nc grains (~40	nm) [5], both of which are resolved in the TKD 

orientation map (Figure 4-7).  The map records a 2×3	µm area with a 4 nm step 

size and clearly demonstrates that TKD can provide the requisite spatial resolution 

to characterize nc microstructures. While TKD is able to effectively characterize nc 

metals, the spatial resolution can be increased further still through the use of TEM-

based techniques.  The experiments done in this dissertation focus instead on 

TEM-based techniques, which are described in Section 4.1.3. 
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Figure 4-7.  Orientation map recorded from bimodal Cu specimen using TKD in 
collaboration with Patrick Trimby at University of Sydney.  Demonstrates spatial 
resolution necessary to characterize nc grains as well as the ability to record 
from large regions of the specimen. Presented in [5]. 

500 nm
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1.5.4. TEM-based orientation mapping 

Characterization utilizing TEM provides spatial resolution nearly to the atomic 

level, making it an indispensable technique for studying many phenomena that 

operate at the nanoscale.  The analytical capabilities of TEM extend far beyond 

conventional imaging, including techniques like energy dispersive x-ray 

spectroscopy (EDX), electron energy loss spectrometry (EELS), orientation 

mapping, etc.  The types of specimens suitable for TEM are quite limited.  The 

specimen must be ‘electron transparent’, meaning that the electron beam must be 

able to pass through the specimen to be collected and analyzed below.  The 

maximum thickness depends on a number of factors such as atomic weight of the 

specimen and accelerating voltage of the TEM (300 kV was used for the majority 

of TEM analysis in this dissertation).  A typical TEM specimen has a thickness 

ranging between 100-200 nm with some being substantially thinner.  This 

dissertation focuses on thin film specimens that can be deposited to a desired 

thickness/thinness (typically 50 nm – 1	µm), so they are well-suited for TEM 

analysis.  Orientation mapping within the TEM relies on focusing the electron beam 

to a small point on the specimen and recording a selected area electron diffraction 

(SAED) pattern, or spot diffraction pattern, as is seen in the back focal plane in 

Figure 1-14.  The SAED patterns are collected from the phosphor screen within 

the TEM using an external camera.  Similar to Kikuchi diffraction patterns used for 

EBSD and TKD, the SAED pattern contains all of the information needed to 

determine the orientation and phase of the crystal that produced it.  Once an array 

of diffraction patterns is recorded from known regions across the specimen, each 
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SAED pattern is compared to a library comprised of 2000-5000 simulated SAED 

patterns.  Figure 4-8 shows an example of a SAED pattern (left) and the SAED 

pattern overlaid with the correct simulated SAED pattern.  This matching process 

is repeated for all patterns and a file is output containing the orientation data.  This 

technique was developed and automated by researchers at NanoMEGAS and is 

sold as the ASTAR system [7-9].  In literature, this technique has multiple names.  

The most common is precession-assisted crystal orientation mapping (PACOM), 

however many of the orientation maps recorded for this dissertation did not utilize 

precession (described below).  Other times it is described as TEM-OIM or by the 

trade name ASTAR.  TEM-OIM will be used throughout below.   

 

The spatial resolution of TEM-OIM depends greatly on the microscope hardware 

and operating conditions.  The limiting factor is the minimum probe size obtainable 

by a given TEM.  For TEM’s with a field emission gun (FEG) source, a probe size 

Figure 4-8. Example of an experimental SAED pattern collected using TEM-
OIM (left) and the same pattern (with inverted colors) with the simulated SAED 
pattern (indicated by red circles) on the right.  Diffraction pattern was obtained 
from a Cu specimen from a grain with a [100] orientation. 
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of 2 nm can be routinely obtained, but for TEM’s operating with a LaB6 source, the 

probe size is often 8 nm.  The operating voltage (higher voltage yields smaller 

probe size), specimen thickness, spot size, and condenser aperture size will all 

affect the minimum probe size.  The spot size required depends solely on what is 

needed to resolve the features of interest.  In ~1	µm grains, there would be 

negligible discernable difference between a spot size of 3 nm or 10 nm.  For nc 

metals, however, a very small probe size is required  

 

Beam precession is often used to increase the reliability of TEM-OIM [9].  Beam 

precession operates by rotating the electron beam in about a cone of a given angle 

rather than orienting the beam directly down the column and through the specimen 

as is done in conventional TEM.  This substantially reduces contrast that arises 

from sources other than Bragg diffraction (e.g. Kikuchi contrast, dynamical effects) 

in addition to increasing the intensity of spots located further from the central spot.  

Figure 4-9 illustrates beam precession as well as compares two SAED patterns 

Static 0.6° Precession

Figure 4-9. Illustration of electron beam precession that can be used to greatly 
increase SAED patterns.  SAED patterns taken with static electron beam and 
with 0.6˚ precession from mayenite are shown.  Taken from [9]. 
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collected from a Mayenite crystal: one taken with no precession, one using 0.6˚ 

precession.  There is a clear improvement of the pattern quality by precessing the 

beam.  The amount of diffraction spots visible in the pattern increases 

substantially, allowing for spots in the first-order Laue zone (FOLZ) to be 

differentiated from those in the zero-order Laue zone (ZOLZ).  Additionally, the 

Kikuchi contrast in the static pattern is removed using precession.  Beam 

precession is very important for crystals with complex structure (such as Mayenite 

in Figure 4-9), but it is often not necessary for cubic crystals.  Precession increases 

the acquisition time and decreases spatial resolution, so it is preferable to only use 

it when required.  The nc metals studied in this dissertation could be adequately 

indexed without using precession, so all scans were performed without precession 

unless otherwise indicated.  Using the ASTAR module, acquisition times are 

comparable to that of EBSD or TKD, typically ~200	s)* [9].  The angular 

resolution of the technique is routinely ~1°, but sub-angular spatial resolution has 

been achieved through careful data analysis [3, 9].  The angular resolution of TEM-

OIM is lower than the Kikuchi diffraction-based techniques, because SAED spot 

patterns are much less sensitive to minor changes in orientation than Kikuchi 

diffraction patterns.   

 

4.2. In situ tensile testing combined with orientation 

mapping 

An OIM map provides a snapshot of the microstructure at a particular point in time.  

More precisely, the scan collects thousands of diffraction patterns that are 
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analyzed to construct this microstructural snapshot.  It is assumed and imperative 

that the region of interest of the specimen remains static throughout the collection 

of all diffraction patterns.  The data collection process can require anywhere from 

5 minutes to multiple hours depending on the exposure time and number of points 

needed.  Any rigid body motion of the specimen during the scan will result in ‘drift’, 

which imposes an artificial tilt, stretch, or compression to microstructural features 

that prevent accurate analysis.  Any other changes within the microstructure (e.g. 

GB migration, crack propagation, specimen tilt) will similarly prohibit analysis. 

 

The goal of combining OIM characterization with in situ straining is to obtain these 

microstructural snapshots of the specimen at specific steps throughout straining to 

observe and characterize microstructural evolution.  Characterizing a dynamic 

specimen (e.g. a specimen being strained) greatly exacerbates the risk of 

acquiring an orientation map that has been artificially influenced by movement of, 

or changes within, the specimen.  The following sections detail the experiments 

designed to combine OIM with in situ straining while accounting for and minimizing 

experimental sources of error.  Section 4.2.5 details an SEM in situ test performed 

in collaboration with the University of Sydney utilizing TKD for characterization, but 

TEM in situ testing and characterization was chosen for the majority of experiments 

described in this chapter.  
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4.2.1. Testing methodology 

The TEM-OIM in situ straining experiments use the same specimens and straining 

holder previously described for the BF/DF experiments in Chapter 3. Freestanding 

thin film tensile specimens are fabricated, mounted into the straining holder, and 

loaded into the TEM.  There are substantial differences in the data acquisition as 

well as the microscope conditions utilized for OIM vs BF/DF characterization. 

 

4.2.1.1. Microscope conditions 

A schematic illustrating the difference in beam conditions for BF and OIM imaging 

in the TEM is shown in Figure 4-10.  This schematic greatly simplifies the 

components in the column of the TEM and focuses solely on the lenses and 

apertures that are controlled when switching between the two modes.  For BF/DF 

illumination, the microscope is set up to spread a parallel beam of electrons across 

the foil, so that a large region interacts with the electron beam.  This is done by 

operating the TEM in the following conditions (note that specific values apply to 

the Philips CM300 TEM used for these experiments, but the general approach is 

applicable to any TEM): 

• Large ‘Spot Size’ (low number on TEM—generally 2) is chosen. Typically, 

more electrons interacting with the specimen provides better contrast and 

superior imaging, so a large spot size is selected. This is done by controlling 

the spot size knob, which controls how the electrons are deflected by the 

first condenser lens (C1).  At spot size 2, the nominal minimum probe size 



 152 

is ~10	nm, but the actual area of the beam interacting with the specimen is 

much larger  

• The beam is broadened using the ‘Intensity’ knob.  This controls how 

the second condenser lens (C2) deflects the electron beam.  This expands 

the beam to encompass the entire region of interest.   

• A large Condenser Aperture is chosen.  Again, more electrons are 

preferred for BF/DF imaging, so a large (~200	µm) condenser aperture is 

chosen.  This allows for all but the most divergent electrons to proceed 

down the column to interact with the specimen. 

C1 – Spot size

C2 – Intensity

Electron Source

Condenser Aperture
Specimen

Objective Aperture
Objective Lens

Bright Field Image Diffraction Pattern

Bright Field 
Imaging

OIM
Imaging

Figure 4-10. Schematic that illustrates the difference in beam conditions when 
operating a TEM to characterize a specimen via BF imaging (left) or OIM (right).   



 153 

• The Objective Aperture is inserted.  The objective aperture resides at the 

back focal plane, where the spatial coordinates of electrons correspond to 

the angle they exited the specimen.  This is useful, as it allows regions to 

be illuminated according to their diffraction conditions.  For BF imaging, the 

objective aperture is placed over the central spot, blocking the majority of 

electrons from grains in a diffracting condition. 

• The ‘Image Plane’ is projected onto the viewing screen.  Using the 

projection lenses, the electron beam is focused so that their spatial 

coordinates on the viewing screen correspond to where they exited the 

specimen (at a higher magnification).  This allows for images of the 

specimen with diffraction contrast to be recorded. 

 

For OIM characterization, the following parameters are utilized (following basic 

TEM alignment): 

• Small ‘Spot Size’ (high number on TEM—generally 7 or 8) is chosen. 

Using OIM, it is necessary that the electron beam interacts with as small of 

an area as possible in the specimen, since the interaction area is what limits 

spatial resolution.  So, while more electrons interacting with the specimen 

is preferable (as exposure time could be decreased), a spot size of 7 

(nominal resolution of 2 nm) is typically chosen to obtain the requisite spatial 

resolution 

• The beam is focused to a point using the ‘Intensity’ knob.  To minimize 

the interaction area of the electron beam, the beam is focused to as small 
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of a point as possible.  If the TEM is well-aligned a 2-3 nm probe size is 

routinely obtainable. 

• A small Condenser Aperture is chosen. In order to effectively index a 

diffraction pattern, the spot size in the diffraction pattern must be as small 

as possible.  The size of diffraction spots is controlled by the divergence 

angle of the beam.  By condensing the beam to a point, the divergence 

angle is maximized.  A 10	µm condenser aperture is used to obtain a beam 

as close to parallel as possible, which produces a diffraction pattern with 

spots rather than discs.   

• No Objective Aperture is inserted.  The entire diffraction pattern must be 

recorded, so no objective aperture is necessary. 

• The ‘Back Focal Plane’ is projected onto the viewing screen.  To collect 

diffraction patterns at each point, the back focal plane is projected onto the 

screen and recorded. 

 

4.2.1.2. OIM data acquisition 

Once the TEM has been aligned and prepared for OIM acquisition according to the 

parameters given in Section 4.2.1.1, and the region of interest is placed in the 

electron beam, the ASTAR data acquisition program is used to collect the 

diffraction patterns that are analyzed in order to construct an orientation map.  

Figure 4-11 shows a general overview of the data collection process.  The required 

inputs to the system are the step size, points in X-direction, points in Y-direction, 
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and camera exposure time.  The beam is directed by the ‘Spinning Star’ control 

box that is interfaced with the TEM deflection coils.  The system directs the beam 

at a given point for the specified exposure time as the diffraction pattern image is 

collected by an external camera (Stingray—Allied Vision) directed at the small, 

angled phosphor screen in the TEM.  The beam is then automatically directed to 

the next point, and the process is repeated until the complete array of points is 

collected.  All diffraction patterns from a single scan are saved in a .blo file that can 

be analyzed at a later time. 

 

A step-by-step procedure for performing an in situ straining experiment using OIM 

characterization is presented in Appendix A4.  In brief, the following steps are 

repeated iteratively: 

Figure 4-11. Overview of data collection components for ASTAR TEM-OIM.  
Adapted from NanoMEGAS brochure [7]. 
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• Orientation map, typically ~300×300	pixels using a step size of 3 − 5	nm is 

recorded 

• Specimen is strained a small amount 

• Specimen is viewed until no movement or changes in microstructure are 

observed (typically 5-10 minutes) 

This produces a series of orientation maps of the same region separated by small 

straining steps. 

 

4.2.2. Analysis of orientation maps from in situ straining experiments 

A detailed procedure for analysis of orientation maps obtained using TEM-OIM is 

presented in Appendix A5.  The details necessary for interpretation of results 

presented in this chapter are included below. 

 

The diffraction patterns saved to the .blo file, obtained from TEM-OIM, must be 

compared to simulated diffraction patterns to determine their phase and 

orientation.  Simulated diffraction patterns were created using the DiffGen program 

developed by NanoMEGAS.  The material parameters (lattice parameters, angles, 

atom locations—typically uploaded into the program via a .cif file) for the phase of 

interest and microscope voltage are provided to the program.  The software then 

calculates all the unique diffraction patterns that can be obtained from the provided 

phase at a prescribed angular resolution.  For cubic systems, 3000 simulated 

patterns are required to have an angular resolution of 0.8˚ (the approximate spatial 

resolution for the technique).  For phases with more complex crystal structure, 
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more patterns are required.  The simulated diffraction patterns are saved into a 

.bnq file. 

 

With both the experimental (.blo) and simulated (.bnq) files, The orientation for 

each experimental diffraction pattern can be obtained using the Index program 

developed by NanoMEGAS.  Once the imaging parameters have been calibrated 

(see Appendix A5), each experimental diffraction pattern is compared to the 

simulated patterns to maximize the correlation index, ô [8]: 

Equation 4-1 

ô } =
ö Lõ, Mõ AQ Lõ, Mõ

p
õ)*

ög Lõ, Mõ
p
õ)* AQ

g Lõ, Mõ
p
õ)*

 

In this equation, ö L, M  represents the intensity of the experimental diffraction 

pattern at spatial coordinates L, M .  The intensity of simulated (template) 

diffraction pattern } at coordinates L, M  is represented by AQ L, M . The correlation 

index, ô, is calculated for each of the } template patterns, and the orientation with 

the highest value is chosen as the solution.  When indexing a series of diffraction 

patterns, an orientation is assigned to each regardless of the aptness of the fit.  

Thus, an additional index that quantifies how well the chosen template pattern fits 

the experimental data, when compared to other possible template patterns, is often 

helpful: 
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Equation 4-2 

ú = 100 1 −
ôg
ô*

 

Where ú is the “Reliability” of the orientation, ô* is the correlation index of the 

assigned orientation (best guess), and ôg is the correlation index of the second-

best guess.  A reliability of 0 signifies that there are multiple orientations that fit the 

experimental pattern equally well, indicating poor confidence that the correct 

orientation was chosen.  A reliability of 100 indicates a completely unique solution.  

In practice, a reliability of 15 is sufficient to ascertain the validity of the matching 

[8]; however, a reliability greater than 30 is preferable.  Poor reliability can result 

from two sources: 

• Poor diffraction pattern quality due to multiple grains being sampled (e.g. 

at a GB) or low diffraction contrast possibly due to low exposure time. 

• The pattern, though of good quality, can fit two orientations similarly well.  

This is referred to as pattern ambiguity and is common for complex crystal 

structures.  Can be mitigated somewhat by using beam precession. 

 

Once the indexing procedure is complete a .res file is output that contains all 

relevant orientation information.  Using the NanoMEGAS MapViewer program, the 

.res file can be converted into the .ang file format, which can be directly opened 

using EDAX EBSD analysis software [10].  The .ang file can also be opened using 

a text editing program to display the raw orientation data.  Figure 4-12 provides a 
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description of the data contained in an .ang file.  Since the EDAX software was 

developed for EBSD analysis, some interpretation is required when utilizing it to 

analyze orientation maps recorded using TEM-OIM.  The orientation is given in 

Euler angles (see Appendix A1).  The spatial coordinates are given in nanometers, 

but the EDAX software imports the spatial coordinates as microns, therefore all 

measurements must be converted.  Additionally, the correlation index, ô, and 

reliability, ú, are measures that are unique to TEM-OIM, but similar measures are 

used in EBSD analysis, which are image quality (IQ) and confidence index (CI), 

respectively.  The columns containing correlation index and reliability are scaled 

to match the range of values of IQ and CI for EBSD analysis.  

Figure 4-12. Description of the data contained in an .ang file.     
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4.2.3. Effect of spatial resolution of map quality 

 The spatial resolution required for OIM is dependent on the microstructural 

features to be analyzed.  Figure 4-13 shows a comparison of two orientation maps 

taken from the same specimen (different areas): one with a probe size and step 

size of 6 nm and beam voltage of 200 kV, one with a probe size of 2.5 nm and a 

step size of 3 nm and beam voltage of 300 kV.  By using a spot and step size of 6 

nm, the general shape and size of the grains can be ascertained.  If only grain size 

and film texture analysis are needed, a spot size of 6 nm may be sufficient.  It is 

difficult, though, to determine the exact location of GBs; therefore, if the character 

and curvature of grain boundaries are of interest, a smaller spot size is required.  

By using the smaller probe size many more relevant details can be resolved: 

Figure 4-13. Comparison between orientation maps recorded using different 
probe and step sizes.  Demonstrates the need for very small spot size to 
resolve nanoscale details such as boundary curvature. 

100 nm

Beam size: 2 nm
Step size: 2.5 nm
Beam voltage: 300kV

Beam size: 6 nm
Step size: 6 nm
Beam voltage: 200kV

100 nm
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location and size of smaller grains is much clearer, boundary curvature can be 

observed, and twins can be resolved within the grains.  This demonstrates the 

advantage of seemingly small changes in spatial resolution. 

 

4.2.4. Effect of annealing on the nc Cu microstructure 

When characterizing a material using TEM-OIM, the collected diffraction pattern is 

produced from the entire (approximately cylindrical) region the electron beam 

passed through.  If there are multiple grains in the interaction region (either by 

sampling two grains at a grain boundary or due to multiple grains through the 

thickness), the collected diffraction pattern will be superimposed diffraction 

patterns from the unique crystalline regions.  Superimposed patterns will almost 

always provide an incorrect orientation with poor reliability (Equation 4-2) when 

indexed to produce an orientation map.  Figure 4-14 provides a comparison 

Single grain through thickness Multiple grains through thickness

Figure 4-14. Comparison between two diffraction patterns: one recorded from a 
region with one grain through the thickness of the film (left) and one recorded 
from a region with multiple grains through the thickness (right). 
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between a diffraction pattern sampling one grain through the thickness and a 

diffraction pattern in which multiple grains were present through the thickness of 

the film.  The diffraction pattern with one grain can be reliably indexed, whereas 

the diffraction pattern with multiple cannot be accurately indexed.   

 

To obtain nc Cu thin films with a single grain through the thickness of the film in 

most regions, a vacuum anneal was conducted at 300˚C for 30 minutes (details 

provided in Section 3.2.3.) to grow the grains.  Figures 4-15 and 4-16 show 

100 nm

IPF Orientation

Reliability

Figure 4-15. Orientation map (top) and reliability map (bottom) recorded from 
as-deposited nc Cu film. 
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orientation and reliability (Equation 4-2 plotted in grayscale) maps recorded from 

as-deposited Cu and annealed Cu, respectively.  Both sets of data were recorded 

using the same TEM and step size (3 nm).  For the as-deposited film, relatively 

few grains can be reliably indexed, as is evident by the lack of well-defined grains 

in both the orientation and reliability maps. The average reliability for the as-

deposited scans taken is 15, which indicates that the orientation assigned to many 

point falls short of the minimum reliability threshold set by [8].  This prevents 

100 nm

IPF Orientation

Reliability

Figure 4-16. Orientation map (top) and reliability map (bottom) recorded from 
the annealed nc Cu film. 
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accurate analysis of all but the largest grains.  After annealing, the map reliability 

substantially improves.  The size and shape of the majority of grains can been 

calculated. Furthermore, grain and twin boundaries can clearly be observed in both 

the orientation and reliability maps.  Boundaries are often dark in reliability maps, 

as the electron beam samples two grains simultaneously, thus, reliability maps are 

often used to easily locate GBs in OIM analysis.  The average reliability of the 

annealed orientation map is 26, indicating that the orientation assigned to most 

grains is reliable.  Still, there are some regions where overlapping grains occur; 

such regions must be avoided when analyzing the microstructure.   

 

Figure 4-17 shows a cumulative distribution plot of the grain diameter of the Cu 

film before and after annealing.  For this comparison, the as-deposited Cu was first 

thinned using a precision ion polishing system (PIPS) at liquid nitrogen 

temperature to obtain one grain through the thickness of the film, allowing for 

accurate grain size measurement.  For both the as-deposited film and annealed 

Cu, orientation maps were recorded and formatted using the method described in 

Section 2.5.3.3.  The average grain size was found to increase from 28.7 ± 14.4 

nm to 57 ± 22 nm as a result of the annealing process.  Since the deposition 

thickness for the Cu films was 60 nm, this resulted in many through-thickness 

grains while maintaining a nanocrystalline (<100 nm) grain size. 
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In addition to increasing the grain size, the annealing treatment changed the grain 

boundary character of the film dramatically.  Orientation maps taken from the as-

deposited and annealed films are shown in Figure 4-18, respectively.  The grains 

containing Σ3 twin boundaries are highlighted, with parent grains colored blue and 

twinned regions colored red.  The fraction of grains containing twin boundaries 

increased from 0.18 to 0.70 upon annealing.  A summary of the grain boundary 

character of the as-deposited and annealed films is shown in Table 4-1.  There is 

a substantial increase in the Σ3 density with a commensurate decrease in the 

general high angle boundaries, and the density of Σ9 boundaries and low-angle 

Figure 4-17. Cumulative distribution plot comparing the size of the nc film 
before and after annealing.  The average grain size of the as-deposited film is 
28.7 ± 14.4 nm.  The average grain size of the as-deposited film is 57 ± 22 nm. 
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boundaries remains low for both. The amount of grain growth and twin density is 

comparable to what has been observed in previous studies [11]. 

Table 4-1: Summary of GB character in annealed Cu films 

  As-deposited Annealed 

Low angle (5˚-15˚) 0.05%	 0.09%	

High angle (15˚+) 81.24%	 69.22%	

Σ3 Grain boundaries 18.67%	 30.65%	

 Σ9 Grain boundaries 0.04%	 0.04%	

 

Together with the increase in twin boundaries in the nc Cu microstructure, twin 

junctions are also observed.  Twin junctions are intersections of Σ3 and Σ9 
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Figure 4-18. Orientation maps for as-deposited (A) and annealed (B) 
specimens.  Grains in which twin boundaries are located are highlighted with 
parent grains colored blue and twinned regions in red.  The fraction of twinned 
grains increases from 0.18 to 0.70 upon annealing.  
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boundaries at specific angles.  Thomas et al describe the effect twin junctions can 

have on the overall material properties in [12].  Six different types of twin junctions 

were identified in [12] and were labelled as α, β, γ, δ, ε, and	ζ.  They calculated the 

energy of each of these junctions and catalogued the frequency at which they 

appeared in their simulations of nc Ni.  In the as-deposited Cu films studied here, 

no such junctions were observed. Upon annealing, along with the increase in 

population of Σ3 boundaries, twin junctions were observed with regularity.  

Orientation maps showing such junctions are presented in Figure 4-19. Figure 4-

19a shows an example of a β junction: two coherent Σ3 boundaries intersecting at 

70.5˚ with a Σ9 boundary.  Figure 4-19b shows an example of a β junction: two 

coherent Σ3 boundaries intersecting at 109.5˚ with a Σ9 boundary. Of the 6 possible 

twin junctions only β and δ junctions were observed.  Aside from α, a pentatwin, 

the other junctions all have comparable energy associated with them. A pentatwin 

has 63	mJ/mg, while the others range from 1090 − 1396	mJ/mg [12].  The energy 

of the junctions, however, did not correlate with the frequency of observation in the 

50 nm

5° − 20°
20° +
Σ3
Σ9

Boundaries

20 nm

*
+

(a) (b)

Figure 4-19.  Orientation maps of specific grains containing twin junctions. Each 
pixel is colored according to out-of-plane orientation, and boundaries are 
colored according to grain misorientation (see key). The grain shown in (a) 
contains a 4 junction, and the grain shown in (b) contains a 5 junction. 
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simulation.  Of all the junctions, β and δ junctions were observed most frequently: 

50 and 49 times, respectively, while α had 25 observations and all others less than 

10.   

 

A total of 10 β junctions and 5 δ junctions were observed by studying the orientation 

maps in the annealed Cu specimens.  No pentatwins were observed, which can 

be attributed to the relatively modest grain coarsening induced by the annealing. 

The grain boundaries and twin boundaries likely did not migrate a sufficient 

distance for the interaction required to produce a pentatwin. 

 

This demonstrates that TEM-OIM can provide a benchmark to simulations 

performed on nc metals that previously had no experimental analog.  Furthermore, 

this suggests that the twin boundaries (and the twin junctions formed by them) 

created by annealing the nc Cu specimen might act to retard stress-driven GB 

migration, as twin junctions were seen to slow thermal grain growth in the 

simulations performed in [12]. 

   

4.2.5. In situ experiment utilizing TKD 

As a proof-of-concept, in situ SEM straining experiments were performed on Cu 

films utilizing TKD for OIM.  The films were fabricated at JHU, and tests were 

performed by Kelvin Xie (JHU) and Patrick Trimby (USydney) at the University of 

Sydney.  The test was conducted using an SEM micromanipulator in conjunction 

with a push-to-pull device.  Figure 4-20A shows the experimental setup used.  The 
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film was deposited using the fabrication procedure for in situ Cu specimens 

described in Section 3.2.2 and annealed (Section 3.2.3). A rectangular tensile 

specimen was cut out using focused ion beam (FIB) from a Cu film mounted to a 

TEM grid (See Figure 2-23 for an example).  The resulting had rough edges and 

was not exactly rectangular due to the FIB machining parameters (4-20B), but the 

test was still conducted to determine if the technique could be utilized to fabricate 

and test in situ specimens. The specimen was then affixed to the push-to-pull 

device using FIB Pt deposition at either end of the gauge section.  From previous 

TKD analysis performed on the nc Cu thin film, it was determined that TKD signal 

could be improved by further thinning the Cu specimen using FIB.  Low-energy FIB 

was performed across the gauge section (see Figure 4-20C) to reduce thickness.  

The final thickness was not measured, but was estimated to be 30-50 nm. 

 

Figure 4-20. Experimental setup for conducting SEM in situ straining 
experiment utilizing TKD.  Rectangular specimen was cut using FIB and affixed 
to a push-to-pull device.  Gauge area of specimen was further thinned using FIB 
to enable TKD analysis. 

(A) Push-to-pull 
device

1 μm 1 μm

Film thinned via FIB 
for TKD analysis

Specimen affixed to 
push-to-pull device via 

FIB Pt deposition
(B) (C)
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Figure 4-21 shows four consecutive scans taken from the same region of a Cu thin 

film specimen.  While these scans are not representative of TKD scans in general 

[5, 6], they illustrate some experimental hurdles that need to be addressed if it is 

to be utilized in conjunction with in situ straining.  One limitation of the technique 

observed while characterizing films at the University of Sydney was that carbon 

contamination became a substantial issue when a region was repeatedly scanned 

to obtain multiple TKD orientation maps.  Carbon contamination is a common 

occurrence in electron microscopy and results from the interaction of the electron 

beam with carbon in the microscope chamber and on the specimen surface.  This 

is exacerbated by focusing the electron beam into a small area, as is required for 

OIM. Figure 4-22 highlights a twinned grain found in the bottom region of scans A-

Figure 4-21. TKD scans recorded from a region of nc Cu. A small strain 
increment was applied between scans.  Individual grains can be identified 
across scans, but interpretation is made difficult by reduction of successful 
pattern indexing due to carbon contamination as well as specimen drift. 

A B C D
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D in Figure 4-21.  There is a substantial degradation of the map quality as the area 

is scanned multiple times.  The majority of Kikuchi patterns recorded away from 

GBs could be reliably indexed for the first orientation map recorded; however, 

subsequent maps contained increasing numbers of patterns that could not be 

indexed reliably (represented by black pixels).  The issue of carbon contamination 

can be addressed through a few methods: the specimen and chamber can be 

cleaned to reduce the amount of hydrocarbons in the chamber, and a liquid 

nitrogen trap can be used to collect remaining in the chamber after it has been 

evacuated.  In addition to carbon contamination, there is substantial drift in the 

third and fourth scans.  Drift is a common issue in any OIM technique and can 

result from thermal fluctuations within the chamber or instability in the specimen 

stage.  The issue of drift can be addressed by waiting longer times between scans 

to allow the stage to stabilize, reducing the exposure time at each point (and thus 

reducing overall scan time), or through a more stable test setup that remains rigid 

while sustaining load. 

 

100 nm

A B C D

Figure 4-22. Magnified image of a grain in maps A-D of Figure 4-21.  
Demonstrates reduction in scan quality of subsequent TKD scans from the 
same region.  
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To date, there have been no reported experiments utilizing in situ straining together 

with TKD characterization [6].  In a recently published paper from the USydney 

group, they state the following in regard to in situ experiments [6]:  

There is also the potential for nanoscale in situ deformation and heating 

experiments, with the large amount of available space in the SEM 

simplifying the design of the apparatus. For these experiments, an on-

column plasma cleaner would likely be essential to minimise the 

contamination that would be caused by multiple scans.   

Their conclusions agree with those presented here, along with suggesting a 

plasma cleaner within the chamber to mitigate the carbon contamination.  This 

experiment demonstrates the ability of TKD to resolve and identify full regions of 

nanoscale grains across multiple scans.  This technique has great potential once 

experimental difficulties are identified and addressed.  One especially exciting 

possibility the ability to record the stress-strain response of the film as it is being 

tested, which is often prohibitively difficult while using TEM in situ techniques due 

to space constraints. 

 

Instead, TEM-based techniques were chosen for the experiments to characterize 

the full 2D microstructure of nc metals throughout straining.  TEM experiments 

were chosen, because the recent development of the ASTAR automated TEM-

OIM system which automates the acquisition and indexing of patterns.  

Additionally, it provided the opportunity to collaborate with Marc Legros and others 

at CEMES-CNRS. 
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4.3. Observations of grain boundary migration 

Initial in situ straining experiments coupled with TEM-OIM characterization were 

performed at CEMES-CNRS (Toulouse, France) utilizing a Philips CM20 FEG 

TEM.  Using this microscope, the minimum spot size attainable was 6 nm.  This 

prevented accurate characterization of many small grains within the 

microstructure, but larger grains could be followed throughout straining to observe 

GB migration.  Figure 4-23 highlights the growth of a grain in an annealed Cu film.  

Figure 4-23. Reliability maps taken of a region ahead of a crack tip in an 
annealed Cu thin film specimen.  A strain increment is applied between each 
OIM scan A-D.  The highlighted grain is colored according to its orientation at 
each scan and grows as the crack tip approaches.  Magnified image from scan 
B compares measured grain area with the reliability map.  Orientation of grain 
remains in black circle of IPF shown in E, indicating no rotation. 

100 nm

A B

C D

E

Crack
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Figures 4-23A-D show reliability maps from four consecutive scans with straining 

steps between each.  The location, size, and orientation of the growing grain are 

highlighted in each map by adding color according to IPF orientation.  The 

magnified image on the right compares the measured grain area with the reliability 

grayscale at each point.  The calculated size of the grain in each grain is shown in 

Table 4-2. 

 

Table 4-2: Size of grain in Figure 4-23 at strain steps A-D 

Strain Step Grain Diameter (nm) 
A 46.4 
B 55.8 
C 57.5 
D 65.6 

 

The grain grows in each consecutive scan, eventually growing to 1.4x its original 

size. Figure 4-23E indicates the out-of-plane IPF orientation of the grain across 

scans A-D.  The orientation of the grain remains in the black circle near the 101 

pole of the IPF; this indicates that the grain growth was not accompanied by any 

grain rotation.  Figure 4-24 compares a diffraction pattern recorded at a pixel within 

the grain to one located at the grain boundary.  The correlation index 

corresponding to each simulated orientation is shown for each diffraction pattern 

using the correlation index maps plotted in the standard triangle regions in the 

figure.  Within the grain, the diffraction pattern could be reliably indexed (ú = 30), 

as signified by the peak in the correlation index map.  At the boundary, multiple 

simulated patterns fit the experimental pattern (comprised of diffraction from 

multiple grains) equally well, so a poor reliability (ú = 1) was obtained and the area 
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of maximum correlation index is much larger in the IPF.  This experiment provided 

evidence that the size and orientation of specific grains could be measured across 

multiple strain steps.  This experiment also indicates that a grain diameter must be 

roughly equivalent to the film thickness in order for it to be adequately 

characterized, as many of the smaller grains in the film could not be reliably 

indexed.   

 

Figure 4-25 shows three additional scans recorded at CEMES-CNRS of the 

annealed nc Cu.  In these maps, rather than grains being colored according to their   

R = 30 R = 1

Figure 4-24.  Comparison of diffraction patterns recorded within the measured 
grain (left) and one measured at the boundary between the measured grain and 
its neighbor. The chosen orientation for each is shown via the simulated 
diffraction pattern and the correlation index map with reliability noted. 
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Figure 4-25.  Three consecutive OIM scans taken at 15 minute intervals during 
an in situ straining experiment of annealed Cu.  Clusters of grains are colored 
for identification on the standard triangle plots on the right that show the 
evolution of the pink grain, gold cluster, and green cluster.  Boundaries are 
colored according to misorientation.  Shows grain growth and corresponding 
changes in orientation within grain clusters. 

50 nm

Σ3

0 min

15 min
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IPF orientation, they are given colors for identification on the standard triangles to 

the right of each map.  For the pink grain along with the gold and green clusters, 

the orientation of all pixels is plotted in the standard triangle to the right of each 

map.  The grain boundaries are colored according to their misorientation (see 

Appendix A1) with Σ3 boundaries being red.  Each of the clusters evolves as the 

specimen is strained. 

• The pink grain grows with each successive straining step, and the out-of-

plane orientation remains unchanged. 

• There are initially three grains within the gold cluster, each with unique 

orientations.  With successive straining steps the orientation of the pixels 

within the cluster converges to a single orientation (the top-most orientation 

in the first map), indicating that one of the grains grew and annihilated the 

others in the cluster. 

• The cluster of green grains initially have all a similar orientation.  After 

straining, a region of a different orientation appears, suggesting that an 

initially undetected smaller grain grew to the point that its orientation was 

measurable. 

 

Using conventional BF and DF imaging, it could not be determined with certainty 

whether grain boundaries were migrating in the nc Cu films.  These initial in situ 

experiments conducted at CEMES-CNRS demonstrate that, even with the limited 

spatial resolution obtainable through a LaB6 source, stress-driven GB migration 
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can be directly observed. The following are key results learned from these 

experiments: 

• Stress-driven grain growth does occur in the annealed nc Cu films. 

• The boundary migration does not require the rotation of grains, as has been 

suggested by the shear-coupling model [13]. 

• Σ3 boundaries can migrate upon straining (see the gold cluster in Figure 4-

25) 

This shows that TEM-OIM is a promising technique for studying nc deformation 

mechanisms, but better spatial resolution is needed to determine the character of 

mobile grain boundaries.  

 

4.3.1. Identification of mobile grain boundaries from orientation 

maps 

To perform in situ straining experiments combined with OIM at a resolution 

sufficient to characterize mobile grain boundaries, an ASTAR system was 

purchased at JHU and installed in a CM300 FEG TEM.  Using this microscope, 

orientation maps with a spatial resolution of 2 nm can be obtained using proper 

alignments. Figure 4-26 shows two consecutive orientation maps from a series of 

OIM scans recorded during an in situ straining experiment, labeled as Scan 1 and 

2 in the figure.  Three twinned grains (labeled G1, G2, and G3) were observed to 

grow in response to the applied strain increment.  Table 4-3 shows the size of 

these grains in Scan 1 and Scan 2.  All three grains grew, with their % growth 

noted in the table.  
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Table 4-3:  Diameter of Grains 1-3 before and after a straining step (Figure 4-

26) 

 Scan 1 (nm) Scan 2 (nm) % Growth 
G1 153 168 9% 
G2 172 208 17% 
G3 76 83 8% 

 

With the spatial resolution of this scan (step size of 3 nm), the boundaries that are 

responsible for this growth can be identified and characterized.  Figure 4-27 

highlights the migration observed in G1.  The figure shows IPF orientation maps 

before and after a strain increment was applied to the specimen.  Instead of 

coloring pixels according to out-of-plane orientation, they are colored according to 

their orientation in-plane pointing to the right, which highlights the difference in 

orientation between the two grains.  Upon straining, the small grain in the center 

of the map is annihilated by the migration of neighboring boundaries, boundaries 

(ii), a 37° 4	20	13  boundary, and (iii), a 38° 1	1	1  or Σ7 boundary, in the figure.  

Before straining, the misorientation of boundary (i) was 53° 6	5	2 , and after 

straining the misorientation was 52° 6	5	2 .  These misorientations use the axis-

angle convention; see Appendix A1 for an introduction to boundary misorientation. 

The misorientation of boundary (i) was effectively unchanged by the migration of 

surrounding boundaries. This change in misorientation is within the angular 

resolution of the technique, indicating that the two larger grains did not rotate with 

respect to one another as a result of the migration.
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To ensure that the migration event is not an artifact of the incorrectly indexed 

diffraction patterns, the raw diffraction patterns can be studied in detail.  Figure 4-

28 shows diffraction patterns from the regions of interest in the two scans.  For 

both scans, diffraction patterns are shown for the red twinned region and the 

location where the migration occurred.  For Scan 1, the small, white grain and the 

red, twinned region of the larger grain are separated by a Σ7 GB.  Diffraction 

patterns recorded from each grain are noticeably distinct and can be indexed to 

their respective orientations with a sufficiently high reliability (# ≥ 29) indicating 

that the result can be interpreted with confidence.  For Scan 2, diffraction patterns 

are presented from the same region.  There has been a rigid-body rotation of the 

specimen resulting from the straining step, so the out-of-plane orientation of the 

20 nm

Scan 1 Scan 2

i

ii

iii

i

Figure 4-27.  Orientation maps that highlight the growth of G1 in Figure 4-26 
between straining steps. Green arrow indicates direction of migration.  
Boundary iii migrates to the left, annihilating the smaller grain and leaving 
boundary i between the two larger grains. 
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20 nm

S1 S2

! = 44 ! = 38 ! = 35! = 29

Figure 4-28.  Analysis of the raw diffraction patterns recorded from G1 and the 
region it migrated into between straining steps.  For each point, the raw 
diffraction pattern, an overlay of the simulated pattern onto the experimental 
pattern, and the correlation index map with the reliability is shown. The 
reliability for each region is sufficiently high that the results can be interpreted 
with confidence. 
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red, twinned region has changed.  However, across the entire region the diffraction 

patterns are similar and can be reliably indexed to the twinned orientation.  There 

is no evidence of overlapping grains in the region previously occupied by the small, 

white grain.  This demonstrates that the Σ7 GB migrated as a result of the stress 

induced by the approaching crack.  This also agrees with multiple observations 

from BF/DF imaging in situ experiments where larger grains grow and annihilate 

smaller grains due to stress driven GB migration [14-16]. 

 

Figure 4-29 shows the boundaries that migrated downward, toward the crack tip, 

to result in the growth of G3.  The migrating boundaries (axis-angle misorientation 

noted in the figure) did not correspond with any special boundaries. Since the 

migrating boundaries were relatively flat, the boundary plane could be estimated.  

Note that when measuring the boundary plane, the through-film inclination of the 

GB is unknown, so it is assumed to be perpendicular to the film surfaces.  Neither 

of the migrating boundaries had rational crystallographic boundary planes on either 

side of the boundary.  Figure 4-30 shows the approximate GB plane as well as the 

Miller indices of the planes adjacent to the boundary on either side.  Note, again, 

that an assumption is made that the boundary is perpendicular to the film surfaces, 

so the measured planes will likely not correspond to the plane in the crystal.  This 

was common for all boundaries in which stress-coupled GB migration was 

observed: the boundary plane did not correspond to a plane with rational Miller 

indices.  The exception to this is twin boundaries observed to migrate via 

deformation twinning (discussed in Section 4.4).  These scans provide the first   
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50 nm

27° 14	17	12 53° 16	17	2*
Figure 4-29.  Orientation map showing the migration of two boundaries to 
grow G3 (see Figure 4-26) downward to the crack tip.  Green arrows indicate 
boundary migration direction, and boundary misorientations are shown in the 
figure. 

Figure 4-30.  Orientation map showing the approximate boundary plane of the 
two migrating GBs in Figure 4-26.  

20 nm
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experimental measurement of the misorientation of migrating boundaries.  It was 

shown that multiple boundaries surrounding a grain can migrate when high stress 

is applied, resulting in grain growth.   

 

Figure 4-31 shows a series of three scans, each with a strain increment between.  

The crack, initially at the top of the region, serves as a stress-concentrator and 

propagates downward as the film is strained.  As a result, the region in the scans 

is highly stressed, causing multiple deformation mechanisms to activate.  Figure 

4-32 focuses on a cluster of grains in front of the crack tip over the course of the 

three scans. Pixels are colored according to out-of-plane IPF orientation, and GBs 

are colored according to misorientation (see legend in Figure 4-26) with Σ3 

boundaries in red.  Multiple boundaries surrounding the central grain were 

observed to migrate in response to the applied strain.  These boundaries are 

labeled 1-7 in the figure.  The green arrows in Scan 1 indicate migration direction 

of the boundaries, and the following detailed observations were made: 

• Boundary 1 migrates to the left.  However, all points within the boundary 

do not migrate at the same rate.  The bottom region of the boundary remains 

relatively stationary while the top area of the boundary migrates until the 

boundary is nearly vertical in Scan 2 and slightly passed vertical in Scan 3.   

• Boundary 2 remains stationary between Scans 1 and 2, elongating as GB1 

migrates.  Between Scans 2 and 3, the right side of the boundary migrates 

upward, with the left side remaining stationary. 
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Figure 4-31.  Three consecutive orientation m
aps w

ith straining steps betw
een.  Allow

s for a large 
area of the m

icrostructure to be observed and characterized as the crack propagates through it. 
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Figure 4-32.  IPF orientation m
aps of a region as it is progressively strained.  Pixel color corresponds to out-of-plane 

IPF orientation.  G
Bs of interest in the central grain are labeled G

B 1-7.  G
reen arrow

s indicate direction of G
B 

m
igration. 
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• Boundary 3 migrates between Scans 1 and 2, annihilating the red grain. 

• Boundary 4 migrates with each strain step toward the right, elongating the 

central grain in the horizontal direction.   

• Boundary 5 remains stationary through all scans. 

• Boundary 6 remains stationary through all scans. 

Table 4-4 shows the axis-angle misorientation of GBs 1-7 throughout straining. 

With the exception of GBs 1 and 2 (discussed below), the GB misorientations 

remain relatively constant throughout straining.  The location of grain boundaries 

and size of grains were found using the raw diffraction patterns as well as reliability 

maps.  Figure 4-33 shows a reliability map from Scans 1 and 3, showing the outline 

of the central grain and the location of the GBs.  There are a few notable results 

from these observations. 

 

Table 4-4:  Boundary misorientations for GBs 1-7 in Figure 4-32 

  Scan 1 Scan 2 Scan 3 

GB 1 24° [16 -20 13] 55° [-13 -16 13] 56° [9 10 -12] 

GB 2 49° [-11 9 -9] 12° [-6 -25 6] 19° [-13 -22 7] 

GB 3 60° [-1 -1 -1] N/A N/A 

GB 4 46° [-20 -9 -19] 43° [-4 -24 -17] 43° [-6 -17 -9] 

GB 5 60° [-1 1 -1] 60° [-1 1 -1] 60° [-1 1 -1] 

GB 6 24° [19 3 -9] 37° [22 3 -8] 29° [20 1 -7] 

GB 7 40° [1 1 1] N/A N/A 
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First, a triple junctions (TJ) pinning an otherwise mobile GB can be observed. In 

Figure 4-32, GB 1 migrates; however, the migration distance is not the same 

across the boundary: the bottom side of the boundary remains immobile while the 

top half migrates to the left.  A likely explanation for this is that the triple junction 

(TJ) at the bottom boundary is immobile, acting as a pinning point, while the TJ at 

the top is mobile.  Typically, when a boundary is migrating, the entire boundary 

moves together, as is the case for the other migrating boundaries in Figure 3-32 

and the two boundaries in Figure 4-29.  It is quite possible that, in addition to 

characterizing mobile GBs, mobile TJs should also be characterized.  Furthermore, 

this suggests that boundaries that might otherwise be mobile could be pinned by 

immobile TJs.  TJs are difficult to characterize, as they relate three grains of unique 

orientation and have a specific line direction  

.   

 

Figure 4-33.  Reliability maps for Scans 1 and 3, showing the general 
locations of grains and grain boundaries. 

100 nm

Scan 1 Scan 3
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Until recently, simulations have not considered the effect of TJs on stress-driven 

GB migration in nc metals.  The mobility of a GB is typically calculated as only a 

function of its character (i.e. misorientation, GB plane), as is done in [17] where 

bicrystals are simulated.  The researchers acknowledge that the presence of 

“motion disruptors, such as dislocations, solutes or triple junctions, is an open 

question” in regard to how they affect local boundary migration. More recent 

simulations have added triple junctions (TJs) into nc molecular dynamics (MD) 

simulations and noted that GBs have a large effect on the resulting migration [18], 

owing especially to dislocation emission near TJs.  They did not, however, 

comment on how the character of a TJ might be important to understanding how 

TJs influence stress-driven GB migration. Further analysis would have to be 

conducted with the aid of simulations, but this result indicates that the local 

microstructure (e.g. TJs, precipitates) might have a large influence on the mobility 

of GBs. 

 

The second important observation from these scans corresponds to the mobility of 

Σ3 boundaries, there are two Σ3 boundaries in Scan1: GB 3 and GB 5.  Both 

respond to further straining in remarkably different ways.  GB 3 propagates fully 

through the red grain during the first straining step and no longer visible in Scan 2.  

GB 5, on the other hand, remains static throughout both strain steps.  As the central 

grain grows horizontally, the boundary that separates the two regions is 

lengthened. This dramatically different response can be explained by the fact that 

one of the Σ3 boundaries is a coherent twin and the other is an incoherent Σ3 
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boundary. The incoherent Σ3 boundary in the grain was observed to be mobile; the 

coherent Σ3 sessile.  This finding is in good agreement with both experimental 

observations of Σ3 boundaries in bicrystals [19] and MD simulations of grain 

boundary mobility [17].  A coherent Σ3 boundary has each of its 5 degrees of 

freedom specified: 60° 111  misorientation with a boundary plane of 111  [20, 21],  

whereas an incoherent Σ3 boundary only has its orientation, 60° 111 , specified.   

 

As discussed previously, only 4 of the 5 GB degrees of freedom can be obtained 

directly through TEM-OIM: misorientation and in-plane boundary inclination.  The 

through-thickness boundary inclination cannot be measured.  Instead, the 

following criteria will be used to determine if a Σ3 boundary is ‘likely’ to be coherent: 

• It has the proper misorientation 60° 111  

• The boundary plane is flat and parallel to a 111  plane trace 

Any Σ3 boundary observed in an orientation map can be easily judged according 

to these criteria.  Figure 4-34 shows orientation maps from Scans 1 and 3 in Figure 

4-32 with 111  plane traces indicated for each grain.  There is no 111  plane 

trace that corresponds to GB 3, indicating that it is an incoherent Σ3 boundary.  In 

Scan 1, GB 5 has only one facet, and it is parallel to a 111  plane trace, indicating 

that it is likely coherent.  Upon straining (in Scans 2 and 3), GB has 2 facets, both 

of which are nearly parallel to a 111  plane trace.  This suggests that GB 5 is still 

a coherent Σ3.  Its stability when strained together with the observation that GB 3, 

an incoherent Σ3, readily migrates provides clear experimental evidence that 

incoherent Σ3’s are more mobile coherent Σ3’s, which agrees with experiments 
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and simulations.  Figure 4-35 provides another example in which an incoherent Σ3 

and a coherent Σ3 are observed in the same grain, and the incoherent Σ3 is highly 

mobile and the coherent Σ3 is sessile. The third important result from this set of 

scans concerns the rotation of grains that exhibit stress assisted GB migration.  In 

Table 4-4, the misorientation of GBs 1 and 2 change substantially as the film is 

strained. A change in misorientation of a GB necessarily indicates that the two 

grains separated by the boundary are rotating with respect to one another.  From 

the orientation maps and the grain orientations for each scan, the relative grain 

rotations can be determined.  Table 4-5 shows the approximate out-of-plane 

direction for each grain at each strain step with the error (i.e. the difference 

between the actual and approximated h	k	l ), and these values are plotted in IPF’s 

in Figure 4-36. Each of the grains rotates with respect to one another,   

Figure 4-34.  Orientation maps with {111} plane traces indicated.  Traces can 
be used to determine if a Σ3 is coherent. 

50 nm

(111) 
plane traces

Scan 1 Scan 3
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Table 4-5:  Approximate out-of-plane orientation for Grains A-D in Figure 4-

36 

  Scan 1 Scan 2 Scan 3 
  [h k l] error (°) [h k l] error (°) [h k l] error (°) 

Grain A [4 6 9] 1.11 [2 1 3] 0.66 [3 1 4] 0.16 

Grain B [3 5 6] 1.12 [7 4 9] 0.96 [5 3 7] 0.91 

Grain C [0 7 8] 2.17 [0 1 1] 1.6 [0 8 9] 1.34 

Grain D [8 3 9] 0.46 [5 2 6] 0.34 [7 3 9] 1.35 

 

with Grain A rotating the largest amount (23° from Scan 1 to Scan 3) and Grains 

B, C, D rotating smaller amounts (5.6°, 0.45°, and	3.7°, respectively).  The matter of 

whether stress-coupled GB migration is always accompanied with attendant grain 

rotation is a subject in which no broad conclusions have been reached.  In the 

(A) (B)

50 nm

C!3

I!3

I!3

C!3

Figure 4-35.  Two maps highlighting a cluster of grains before (A) and after (B) 
a straining step.  Example in which an iΣ3 boundary migrates, and a cΣ3 
boundary within the same grain remains static  
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coupled migration model put forth by Cahn et al, the coupling factor suggests there 

should be rotation in concert with migration when stress-driven GB migration is 

active [13, 22, 23].  Bicrystal experiments performed by Gorkaya et al gave rotation 

values close to those predicted by the shear coupling model [24].  Recent in situ 

experiments performed by Mompiou et al found that there was no measurable 

rotation in cylindrical grains as the surrounding boundaries moved [16].   More 

recent experiments performed on nc Al performed by Mompiou and Legros 

measured grain boundary motion and grain rotation using TEM-OIM, determining 

that grain rotation does occur resulting from GB dislocations [25].  The results 

presented in this chapter reflect those currently present in the literature: there are 

times in which stress-driven grain boundary is accompanied by grain rotation (as 

seen in Figure 4-36), and there are instances in which no measurable boundary 

rotation occurs (as seen in Figures 4-23 and 4-27). The overall grain size of the 

films was analyzed before and after straining.  Figure 4-37 shows a cumulative 

distribution plot of the grain size for the annealed Cu films before and after 

straining.  The average grain size of the film remained unchanged with a grain size 

of 57 ± 22	nm before straining and a grain size of 58 ± 27	nm after straining.  This 

demonstrates that local stress-driven GB migration can still occur for films in which 

there is no measurable increase in the global grain size.  This suggests that more 

characterization than grain size measurements are needed to quantify the extent 

of grain boundary migration in a nc metal. 
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Figure 4-36.  Scans 1-3 w
ith G

rains A-D
 labeled in the orientation m

ap. Pixels are colored according to their out-
of-plane orientation (standard IPF triangle on top-right).  The average out-of-plane orientation of each grain is 
plotted in the standard triangle below

 each scan.  The rotation of G
rain A is noted in each scan.  The m

agnified 
inset on right show

s m
igration of G

rains B-D
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4.3.2. Comparison of observed mobile GBs with simulations 

In total, stress-driven GB migration was observed and characterized in 22 

boundaries.  One of the overarching aims of this research was to determine if there 

were a special subset of highly mobile GBs that account for much of the migration 

that has been observed in nc metals.  For the experimentally observed migrating 

boundaries, physical parameters such as excess volume and energy are not 

obtainable without simulations.  Only four of the five degrees of freedom are known 

with certainty: misorientation (3) and 

Figure 4-37.  Cumulative distribution plot showing the grain size of the 
annealed Cu films before and after straining.  No measurable increase in the 
grain size was found as a result of straining.  
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the in-plane inclination of the GB plane (1).  In many grains the GB plane varies 

across the boundary due to curvature.  From the TEM-OIM orientation maps, only 

the misorientation is constant across a boundary (neglecting grains in which there 

are large intragrain misorientations), which is often described as an axis-angle pair 

(Appendix A1).   

 

It is best to compare grain boundaries with similar stress states, so mobile GBs 

are compared only to other boundaries surrounding the same grain.  In order to 

determine if there were any trend in the mobility of boundaries from the in situ OIM 

experiments performed, the grains in which boundary migration was observed 

were located and the misorientation (! u	v	w ) calculated for each boundary within 

or around the grain.  The misorientation values for all boundaries were plotted for 

each boundary with the minimum angle of the axis of rotation, u	v	w , to a 1	1	1  

direction plotted as a function of the rotation angle, !.  Figure 4-38 shows a plot 

comparing the misorientations of the mobile (green) and static (red) GBs.  There 

is no noticeable separation between mobile and static GBs.  Note that Σ3 mobile 

(incoherent Σ3) and static (coherent Σ3) GBs at that misorientation, as is expected.  

There were relatively few low-angle (< 15°) GBs in the microstructure, boundaries 

are located in the bottom-right of the plot, at 60°, 0° , showing both so it was not 

possible to discern if high-angle grain boundaries were more mobile than low-angle 

boundaries.  From Figure 4-38, the following conclusions can be reached from the 

in situ observations of GB migration in nc Cu: 
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• There are both mobile and static boundaries when stress-driven GB 

migration is active. 

• There is no simple correlation between the readily measurable GB 

properties (e.g. misorientation) and its mobility. 

• Σ3 boundaries can be both mobile (incoherent) and sessile (coherent). 

 

There have been efforts via simulations to determine if there is a highly mobile 

subset of GBs that accounts for the majority of stress-driven GB migration.  
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Through MD simulations, Olmsted et al have calculated and compiled the mobility 

of various Ni boundaries to determine if a noticeable trend in GB mobility could be 

observed when plotted as a function of various physical parameters [17, 26-28].  

Their results are presented in Figure 4-39.  Notably, in Figure 4-39a-c where 

mobility is plotted as a function of Σ value, excess volume, and energy there is a 

distinct separation between static GBs and mobile GBs, indicating that there are 

subsets of GBs that are highly mobile and those that are not.  There is, however, 

no general trend in how GB mobility correlates with these physical parameters that 

would allow one to reasonably guess the boundaries mobility when provided with 

its energy, free volume or Σ value.  The one parameter that does have correlation 

Figure 4-39. Results from MD simulations performed on 388 CSL boundaries in 
Ni showing boundary mobility as a function of various physical parameters.  
Figure taken from [29]. 
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with mobility is seen particularly for Σ3 boundaries and how near they are to the 

coherent Σ3 orientation.  The ‘distance from coherent twin’ metric plotted in Figure 

4-39d utilizes a scalar metric developed by Olmsted that quantifies the ‘nearness’ 

of two particular boundaries within the 5-dimensional GB character space [29].  

From Figure 4-38d, it is apparent that as Σ3 boundaries deviate from a cΣ3 (i.e. 

60° 111  misorientation with a boundary plane of 111 ), their mobility increases 

rapidly.  This mirrors the experimental observations shown in Figures 4-32 and 4-

35, in which a single grain contains both a cΣ3 and iΣ3, and the cΣ3 remains static 

while the iΣ3 migrates rapidly.   

 

Through their simulations, Olmsted et al found that boundaries that are within 15˚ 

to each other in five-dimensional crystallographic space tend to have similar 

mobilities [17]. As characterization techniques improve and full five-parameter GB 

analysis can be readily performed through techniques such as serial sectioning 

[30].  These claims can be studied and verified through experiments. 

 

4.4. Observations of twin boundary migration 

In addition to observations of stress-driven GB migration, there were multiple 

observations of deformation twinning present in the annealed Cu specimens 

studied using in situ straining together with TEM-OIM.  There have been numerous 

investigations into deformation twinning of Cu.  Ultrafine-grained (UFG) and nc Cu 

have shown a propensity to twin, especially throughout severe plastic deformation 

such as surface mechanical attrition [31], cryogenic rolling [32], and wire drawing 
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[33].  There have been relatively few in situ investigations of deformation twinning 

in nc/UFG Cu produced via physical vapor deposition techniques.  Much of the 

literature focuses on nano-twinned (nt) Cu, in which large (~500	µm) grains are 

filled with many twin lamellae with ~10	nm separation [34].  In nt Cu, deformation 

twinning (brought about by migration of twin boundary dislocations) has been 

directly observed using HRTEM [35, 36].  Deformation twinning has also been 

observed in electrodeposited pure Cu sheets using HRTEM [37].  Various studies 

have suggested that a grain’s propensity to twin is dependent on local stress state 

[38, 39] as well as the character of the surrounding grain boundaries[36, 40].  OIM 

is particularly well-suited to catalogue the GBs around deformation twins to 

determine if they preferentially nucleate near particular types of boundaries.   

 

After annealing, 30% of the boundaries within the microstructure had a Σ3 

misorientation.  Within grains exhibiting stress-driven GB migration, cΣ3 

boundaries tended not to migrate and were less mobile than other boundaries 

(especially iΣ3 boundaries).  Across the microstructure, however, there were 

numerous observations of deformation twinning, including nucleation, propagation, 

and growth.  Figures 4-40 and 4-41 show two sets of three scans recorded of a 

region ahead of a crack with a strain increment between each.  Deformation 

twinning was observed when the specimen was strained.  The grains of interest 

are labeled A-G in the scans and will be discussed in the following sections. 
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aps recorded from
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Figure 4-41. Three consecutive orientation m
aps recorded from

 annealed C
u film

 during in situ 
straining.  A strain increm

ent is applied betw
een orientation m

aps. 
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4.3.3. Observations of twin nucleation, propagation, and growth 

Twin nucleation typically occurs on a time scale much shorter than the temporal 

resolution given by recording consecutive OIM scans.  Simulations performed on 

deformation twinning in Mg state that “formation of a stable twin nucleus occurs, 

without delay, at the instant the appropriate stress is generated in the vicinity of 

the defect” [40].  The OIM scans are recorded approximately in 20 minute intervals 

between straining steps.  Additionally, once the stress is sufficiently high to drive 

the partial dislocations across the grain, propagating the nascent twin, the process 

occurs nearly instantaneously as well [38, 40].  Furthermore, the minimum size of 

a twin nucleus consists of two partial dislocations, which is well-below the spatial 

resolution obtainable for TEM-OIM [36, 38, 41].  For these reasons, it is highly 

unlikely that the exact moment of nucleation and propagation can be recorded 

using TEM-OIM.  Rather than directly observing the phenomenon of twin 

nucleation and propagation, by studying a series of consecutive orientation maps, 

grains can be located in which twin nucleation and propagation occurred.     

 

From Figures 4-40 and 4-41, there are two grains in which this can be observed.  

Note that Figure 4-40 shows the same orientation maps in which stress-driven GB 

migration occurred (see Figure 4-31 and 32).  Grain F in Figure 4-40 initially has a 

twinned region in the upper portion of the grain, but there is no twin boundary within 

the parent grain.  In Scan 2, a twinned region appears on the left side of the grain.  

In Scan 3, the twin has propagated fully across the grain.  Figure 4-35 compares 

Grain F in Scans 2 and 3 and provides some insight for how the twin growth occurs 



 205 

in nc Cu.  Orientation maps with boundary colors associated with misorientation 

are shown in the top images.  In Scan 2, the twin is ~20	nm thick and extends 

~30	nm into the grain.  Twin growth (widening of twin boundary) is generally 

considered to occur only after the twin has fully propagated across a grain [38], 

therefore it is unlikely that the twin terminates within the grain interior, as the 

orientation map indicates.  Instead, it is probable that the twin fully propagated 

across the grain, but its thickness is less than what can be resolved with the spot 

size of the map (3	nm).  The reliability (Equation 4-2) is a useful metric to view 

details slightly below the resolution of the map.  The reliability decreases in regions 

where two orientations are probed at the same time, which provides contrast 

around grain and twin boundaries.  Figure 4-42 shows reliability maps of Grain F 

from Scans 2 and 3 in the lower images.  In Scan 2, low reliability regions decorate 

the twinned region from the orientation map; additionally, there is a line of low 

reliability emanating from the tip of the larger twinned region and extending to the 

opposite grain boundary.  Lines indicating low-reliability are shown in the magnified 

image at the bottom of the figure.  This suggests that there was a nanoscale twin 

extending through the grain before widening occurred.  The reliability map for Scan 

3 clearly shows the outline of the twinned region, which is parallel and extends fully 

across the grain.   
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A similar example demonstrating the early stages of deformation twinning within a 

grain is shown in Figure 4-43, which focuses on Grain G from Scans 4-6 (Figure 

4-41).  Initially, the orientation map shows a small, twinned region on opposing 

sides of the grain (Figure 4-43a).  Upon further straining, the twinned region widens 

and extends fully across the grain (Figure 4-43b).  An additional straining 

Figure 4-42. Orientation and reliability maps of Grain F in Figure 4-40 in 
Scans 2 and 3.  Orientation maps demonstrate the growth of the twin across 
the grain.  Reliability maps suggest that the twin had propagated across the 
grain by Scan 2 and subsequently widens upon further straining (Scan 3).  

50 nm

Scan 2 Scan 3

Grain boundary 
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IPF orientation

IPF IPF

ReliabilityReliability

20 nm

50 nm



 207 

increment further grows the twin (Figure 3-43c).  The thickness of the twin in each 

scan and the misorientations of the boundaries around the twin are given on the 

right side of the figure.  Similar to Grain F studied in Figure 4-42, there is a region 

in the center of the grain that does not have the twinned orientation.  The resolution 

of the scan most likely is the reason for this anomaly.  Figure 4-44 shows reliability 

maps of Grain G in Scans 4 and 5 together with plots showing the point-to-origin 

misorientation and the reliability of the grain along the line indicated in the reliability 

maps.  In Scan 4 there is a line of low reliability extending between the wider 

twinned regions on either side of the grain.  From the plot on the right, there is no 

change in the calculated orientation of the grain across the twinned region, but 

there is a drop in reliability across one pixel, suggesting the presence of a twin at 

that location.  In Scan 5, the twin has widened to the point that it can be detected 

in the orientation map, as evidenced by the 60° misorientation across the 

boundary.  There are minima in the reliability curve and high reliability values both 

inside the twin and in the parent grain. 

 

There are two notable observations from this series of orientation maps.  The first 

observation corresponds to the width across the twinned region at each straining 

step. In Figure 4-43A, the twin thickness can only be resolved near the grain 

boundaries, indicating it is widest in those regions.  This indicates that the growth 

of the twin boundary is very likely to be occurring through emission of twinning 

dislocations from the GBs rather than through a double-kink mechanism from the 
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twin boundary in the interior of the grain.  This observation agrees well with both 

simulations [40] and experiments [42] that have observed twin growth to occur via 

emission of twinning dislocations ad GBs.  Furthermore, it is clear from Figures 4-

43B-C that, after initial propagation, the twin grows significantly more in the lower 

half of the grain than the top half of the grain.  This suggests either that (i) the 

Figure 4-43. Orientation maps of Grain G in Figure 4-33 in Scans 4-6.  
Thickness of the twin in each scan is shown in the plot.  GB misorientations 
are indicated on the right.  
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stress state applied to the twinning dislocation system in the lower half of the grain 

is higher or (ii) the character of the boundary on the lower half of the grain is more 

conducive to twin dislocation emission.  Both local stress state [38, 39] and GB 

character [36, 40] are important when considering twin growth, and additional 

characterization or modeling is required to discern which of the two are likely to be 

responsible for the increased growth rate of the lower half of the twin. 
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The second observation from this series of orientation maps is that the twin 

intersects the grain boundary on both sides adjacent to a TJ (additionally, the right 

side of the twin shown in Figure 4-42 grows to a TJ.  TJs have long been reported 

to affect the local stress state in a polycrystalline material [43-45].  Fallahi et al 

report that the stress concentration near TJs in TiAl often exceeds the bulk values 

by 45%, in contrast to GBs that typically have associated stress concentrations up 

to 20% [43].  Beyerlein et al mention the possibility of TJs influencing the stress 

profile across a GB in Mg, but do not directly model the influence of a TJ twin 

nucleation, propagation, and growth [40].  It is, thus, reasonable to suggest that 

TJs provide more fertile ground for twin nucleation and growth than simple GBs, 

but more observations and simulations would be necessary to arrive at a definitive 

conclusion. 

 

Additional examples of twin boundary migration can be observed in Figure 4-40: 

growth of the twinned region occurs in Grains B, C, and D; the twinned region 

shrinks in Grains A and E.  Within each of the grains where twin boundaries 

migrated in response to straining, the misorientation of the ‘twin-adjacent GBs’ (the 

GBs in which twin boundary migration was observed, as noted in Figure 4-45) were 

collected.  The misorientation angles (* in axis-angle * u	v	w  misorientation) of 

the twin-adjacent GBs was then compared to the average misorientation angles 

for all GBs in the film (Figure 4-45).  A total of 44 twin-adjacent GBs were identified.  

Overall, the measurements indicate that twin boundary motion is preferable along 
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grains with a misorientation between 20° and 40°: 45% of twin adjacent GBs with 

an overall specimen average of 21%.  More observations would be preferable to 

ensure that recorded misorientation angles for twin-adjacent GBs reflects the 

overall population average. 

 

4.3.4. Discussion of twin boundary migration observations 

The results presented in this chapter demonstrate that the activity of deformation 

twinning in annealed nc Cu films, deposited using electron beam vapor deposition, 

agree with those generally found in the twinning literature.  In the instances where 

twin nucleation was observed, the nucleation occurred at a GB and propagated 

across a grain (e.g. grains F and G in Figures 4-40 and 4-41).  This agrees with 
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boundaries were identified. 
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results from in situ observations of annealing twinning [11, 36] and simulations that 

model deformation twinning in various metal systems [40, 46].  Using OIM, 

microstructural details smaller than the step size of the scan can be elucidated by 

careful analysis of the indexing parameters, as was exemplified with reliability in 

the above examples.  By studying the GBs across which twin boundaries migrated, 

it was determined that twin boundaries nucleate at GBs with misorientation angles 

between 20° and 40° with a frequency greater than the average GB character of 

the film would imply if the process were random.  While there have been 

suggestions that the propensity of a GB to nucleate a twin is a function of its 

character [36, 40], there have been no exhaustive studies to compare the 

experimental results.  Additionally, the GB plane would certainly influence the 

ability to nucleate and grow a twin.  Considering twin growth is limited by the stress 

at which dislocations can be nucleated at the boundary, this means twin growth 

depends on the local boundary structure.  It is also necessary to locally measure 

the stress state within a grain, stresses are partitioned within polycrystalline 

specimens such that local grain stresses do not reflect the global applied stress 

[47].  To address this, a novel method is utilized to locally measure nanoscale 

strains, discussed in Chapter 5.  

 

The growth of twin boundaries is brought about by the migration of partial 

dislocations along the twin boundary.  These twinning dislocations require sub-

nanometer resolution, typically via HRTEM, to be observed individually [36], which 

is below the resolution limit of TEM-OIM.  Collections of twinning dislocations along 
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a twin boundary can create a much larger step in the twin boundary, which could 

be resolved using TEM-OIM.  Figure 4-46 shows an example of a growing twin 

(Grain C in Figure 4-40) along with the 1	1	1  plane traces followed by the twin 

boundary in the parent grain and twin.  There is a ~10	nm step in the twin 

boundary, indicated by the two black dashed lines in the figure.  While this is near 

the resolution limit for the technique, this suggests the intriguing possibility that 

TEM-OIM can be used to resolve steps in twin boundaries resulting from twinning 

dislocations.  Legros et al have observed disconnections migrating along general 

GBs, resulting in GB migration of Al at high temperatures [25].  They note that the 

these disconnections can be mobile or sessile depending on their character.  The 

disconnection pileups observed in their experiments would likely be resolvable by 

50 nm

Plane traces

Twin

Parent

!	!	!

Figure 4-46. Orientation map of a growing twin with {1	1	1} plane traces 
indicated.  Possible evidence of a step in the GB resulting from twinning 
dislocations. 
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TEM-OIM.  It is possible that such pileups of partial dislocations could occur in twin 

boundaries as well. 

 

4.5. Crack path analysis of strained Cu films 

Numerous studies have been performed to understand how the mechanical 

properties of a material can be affected by its GB character distribution.  By 

tailoring GB character through thermomechanical processes, a material can obtain 

enhanced resistance to corrosion, cracking, or embrittlement [48].  This field of 

study is referred to as GB engineering (GBE) and was introduced in detail by 

Randle [21, 48].  It has been found that material properties tend to improve as the 

fraction of Σ3 boundaries increases [49].  GBE typically focuses on coarse-grained 

materials, but recent studies have focused on nc metals and suggested that Σ3 

boundaries improve mechanical properties of nc Ni as well [50].  

 

Throughout the in situ experiments performed on annealed Cu thin films utilizing 

TEM-OIM, orientation maps were recorded from a region before and after a crack 

propagated through it.  By comparing the orientation maps before and after crack 

propagation, the fracture path could be characterized according to the types of 

GBs the crack followed as well as the regions of transgranular fracture.  Figure 4-

47 shows a region before straining (Figure 4-47A) with the eventual crack path 

indicated by the dashed line [51].  Figure 4-47B shows the location of the crack tip 

after subsequent straining steps.  The grain indicated by a box in Figure 4-47A is 

shown at 3 straining steps in Figure 4-48. 



 215 

  

100 nm 100 nm

(A)

(B)

Figure 4-47. (A) Orientation map of a region of annealed nc Cu before straining 
with eventual crack path indicated by dashed line. (B) Location of the crack tip 
upon subsequent straining steps. From [51]. 
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Before straining, the grain contains a twinned region to the right of the grain.  As 

the crack approaches and enters the grain, numerous deformation twins form 

within the grain.  The crack precedes transgranularly across this large grain, not 

following any of the Σ3 twin boundaries.  By analyzing the crack path, it was 

determined that the crack primarily propagated intergranularly, along high-angle 

grain boundaries, (Figure 4-49) with the notable exception that Σ3 twin boundaries 

were never found in the crack path despite the fact that Σ3 boundaries comprised 

15.3% of all boundaries. This indicates that Σ3 boundaries in nanocrystalline 

copper are more resistant to fracture than other grain boundaries with random 

misorientations.  This results agrees with much of the GBE literature that indicates 

that Σ3 twin boundaries are more resistant to fracture than other boundaries with 

random character [21, 50]. 

  

Figure 4-48. Orientation maps taken from a grain throughout straining. (i) 
Before straining; (ii) Approached by crack tip; (iii) crack propagates fully through 
grain. From [51]. 

50 nm (i) (ii) (iii)
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4.6. Utilizing intra-grain misorientation to infer dislocation 

activity 

In the previous sections, contributions to plasticity from stress-driven GB migration 

and deformation twinning have been discussed.  It is also very likely that 

dislocations are mobile within the films, most often by nucleating at grain 

boundaries and propagating fully across a grain.  Dislocations are not directly 

observable using OIM; TEM imaging modes such as BF, DF, HRTEM are required.  
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Nonetheless, the influence of dislocations on the surrounding microstructure can 

be calculated by measuring intragrain misorientation.  The concept that dislocation 

content and crystal misorientation are linked dates back to Ashby’s initial theory of 

geometrically necessary dislocations (GNDs) [52].  His work has been built upon 

and used extensively in many applications, including analysis of OIM data sets to 

determine GND population within grains largely led by Wilkinson and others [53-

55].  This technique has recently been adapted for use in TEM-OIM by Leff et al 

[56, 57]. 

 

From the in situ experiments described in this chapter, there were certain grains 

near the crack tip that exhibited large intragrain misorientations. Figure 4-50 shows 

a grain from Figure 4-31 as it is approached by the crack tip.  The right boundary 

migrates to the right upon straining, and as it is approached by the crack tip (Scan 

3), a large misorientation (~7.5°) across the grain develops.  This indicates that 

there was presumably substantial dislocation activity in the grain when it was 

approached by the crack tip resulting in stored dislocations within the grain.  This 

correlates well with BF in situ straining experiments performed on nc Cu by 

Youngdahl et al in which dislocation activity was observed in 100 nm grains when 

approached by the crack tip [58].  It is possible that the free surface introduced by 

the crack allowed the grain to bend, but no corresponding curvature was observed 

in the neighboring grains that would indicate an overall change in film orientation. 

Through collaboration with the Taheri research group at Drexel University, some 

of the orientation maps recorded during in situ straining were analyzed to calculate  



 219 

GND density at each pixel using the Nye tensor method [56].  The analysis was 

performed by Asher Leff.  Figure 4-51 shows two scans (Scans 1 and 2 from Figure 

4-26) and their corresponding GND maps.  One region with a noticeable difference 

in GND density after straining is the twinned region of the circled grain.  The 

average GND density within the rectangular twinned region in the grain increases 

from 1.5×1078	m9: to 5.4×1078	m9:.  The area of that twinned region is 

~8000	nm:, which corresponds to the amount of GNDs within the twin increasing 

from ~100 to ~450.  This is substantially higher than the dislocation content 

observed in the Cu films using BF TEM imaging.  Additionally, it is on the same 

Figure 4-50. Three orientation of a grain from Figure 4-31 as it is approached 
by the crack tip.  Initially the right boundary migrates to the right.  When the 
crack tip reaches the grain, a large intragrain misorientation develops.  The plot 
shows the misorientation across the region indicated by an arrow in each scan. 
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order as the GND density measured within grains of cold-rolled Cu [56].  It is likely 

that the angular resolution of the TEM-OIM scans (~1°) is not sufficient to be able 

to quantify GND populations for relatively low dislocation density.  Recent 

advances in spot diffraction indexing processes, which analyze spot intensity, have 

improved the angular resolution to (~0.3°) [8].  This would greatly assist the 

resolution of this technique for direct experimental measurement 

 

4.1. Chapter Summary 

In this chapter, in situ experiments with TEM-OIM have been performed on 

annealed nc Cu specimens.  These experiments give a direct view of the 

microstructure at nanoscale resolution that provides new insights into the ways nc 

metals deform: 

 

• An example was provided in which a triple junction pinned an otherwise mobile 

GB, indicating that the character and prevalence of TJs must be accounted for 

in addition to GB character when predicting the mobility of GBs in nc metals 

where stress-driven GB migration is active. 

• The possibility of stress-driven GB migration being an active deformation 

mechanism cannot be precluded by measuring the grain size of a film before 

and after straining, as has been done in past studies.  Local stress-driven GB 

migration was observed in annealed nc Cu films for which there was no global 

grain growth upon straining. 
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• Deformation twinning was determined to be an active deformation mechanism 

in the annealed nc Cu films.  Evidence of stress-driven twin nucleation, 

propagation, and growth were observed. 

• It was observed that growing twins were wider at grain boundaries than at the 

center of the twin, indicating that twinning partial dislocations were emitted from 

GBs rather than the twin boundary in the grain interior. 

• By analyzing the misorientations of GBs and grains followed by the crack path, 

it was determined that Σ3 twin boundaries are avoided by the crack front.  This 

indicates that Σ3 twin boundaries have superior resistance to cracking, 

agreeing with grain boundary engineering literature [21, 48]. 

• Dislocation activity is likely to be active within the grains due to evidence of 

intragrain misorientations developing throughout straining.  However, current 

attempts to quantify the density requires better angular resolution to accurately 

calculate GND densities. 
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CHAPTER 5: ANALYSIS OF A NOVEL METHOD TO 

LOCALLY MEASURE STRAIN NEAR INTERFACES AT 

NANOSCALE RESOLUTION 

Many materials phenomena, including phase transformations, plastic deformation, 

fatigue, fracture, and precipitation, are affected by the local stress state within a 

grain.  Global stresses can be deduced from shape changes or by x-ray or neutron 

diffraction, but determining the local stress state in a polycrystalline material is 

much more difficult, owing to the need for better spatial resolution and precision. 

The following chapter presents results obtained from applying a newly developed 

automated nano-beam electron diffraction (NBED) technique to locally measure 

elastic strains at the nanoscale.   

 

5.1. Introduction 

From Bragg’s law (Equation 1-8), the angle at which a crystal diffracts is tied 

directly to the planar spacing of the crystal.  This simple result has profound effects 

in the field of materials characterization.  In Chapter 4, a TEM-based technique 

was presented that used selected area electron diffraction (SAED) patterns as a 

‘thumb print’ that can be used to determine the phase and orientation of the crystal 

lattice that produced it.  This can be done, because the lattice’s symmetry and 

atomic positions are reflected in the SAED patterns.  Using the same principles, 

the strain of a crystal can also be directly measured by obtaining and analyzing 
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SAED patterns.  The strain perpendicular to a particular lattice plane h	k	l  in a 

crystalline material is given by the following equation: 

 

Equation 5-1 

,-./ =
1-./ − 1-./

3

1-./
3  

Where ,-./ is the elastic strain of the crystal perpendicular to the plane h	k	l , 1-./
3  

is the equilibrium lattice spacing of plane h	k	l , and 1-./ is the measured lattice 

spacing of plane h	k	l . 

 

Each spot in a spot diffraction pattern corresponds to a family of lattice planes, with 

indices h	k	l , in the crystal, and the position of the diffraction spot is directly 

related to the planar spacing (1-./) of the planes that produce it.  If the position of 

the spots changes from position to position in the specimen then the diffraction 

spots within diffraction patterns can be analyzed to measure the strain between 

the two positions.  It must be emphasized that the strain measured from movement 

in diffraction spots is purely elastic strain.  Plastic strain may be accompanied by 

a corresponding elastic strain, as is the case with the distortion of lattice planes 

(i.e. elastic strain) around a dislocation core, but pure plastic contributions to strain 

do not change planar spacing and so cannot be directly measured using diffraction. 

 

Cohen, with collaborators, pioneered the field of locally measuring elastic stress 

and strain using both neutron [1] and x-ray sources [2, 3] in the 1980’s.  Using a 

~1	mm beam of neutrons or x-rays, the lattice spacing of regions within relatively 
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large ~1	mm thickness specimens could.  Initial studies were focused on 

measuring residual stresses (via direct measurement of lattice strains) imposed on 

materials though some deformation, such as shot-peening [3].  More recently, 

synchrotrons have enabled the full 3D modeling of coarse-grained polycrystalline 

samples using both monochromatic [4, 5] and polychromatic [6] x-ray beams. By 

carefully rotating and translating the specimen while recording diffraction patterns 

a full 3D representation of the microstructure can be obtained, including the phase, 

orientation, and stress-state of the crystal at each point.  This analysis is quite 

computationally intensive, but it has been demonstrated to work for many crystal 

systems [7, 8].  It is, however, restricted to specimens with large grains ~300	µm 

in size.   

 

A different approach was developed by Miller and collaborators that illuminates 

many grains to obtain specimen average values for the elastic strain tensor [9, 10]. 

Instead of focusing the beam to a small point, as is done with electrons, typically 

a large region of the specimen is illuminated by the x-ray beam.  For example, 

when studying Cu with a grain size of ~10	µm Miller et al utilized a 0.5×0.5	mm, 

50	keV x-ray beam [9].  This illuminates many thousands of grains, and allows for 

the full strain tensor to be calculated. The key result from these studies was 

showing that the stress state within a polycrystalline specimen is heterogeneous; 

grain boundaries (GBs) and anisotropic stiffness of the crystals result in global 

stresses and strains that are partitioned differently at each point.  The strain 

resolution for this technique is 1×10:;, or 0.01% [9, 10].  These experiments 
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demonstrate the importance of considering the local strain within a crystal.  For 

larger grains, this synchrotron x-ray technique can locate and calculate an average 

strain across a grain, but the technique does not have the spatial resolution 

required to measure the complex strain fields within the grains themselves [11].   

 

Obtaining nanoscale maps of elastic strain within particular grains is of interest, 

because the activity of many physical phenomena depends on stress state.  For 

example, Beyerlein et al have shown that deformation twinning in Mg is a  “highly 

variable event: the propensity, frequency, density and morphology of twins can 

vary among grains of the same orientation and under the same macroscopic 

loading condition” [12].  This suggests that one cannot predict whether a grain will 

twin when only provided with information about the macroscopic loading condition 

and orientation, as is the case for conventional electron backscatter diffraction 

(EBSD) characterization.  Rather, they propose that deformation twinning in Mg is 

a function of both the boundary character (can be obtained through OIM) as well 

as local stress state (not obtainable through conventional OIM) [12].  This is 

supported by simulations that provide local stresses at grain boundaries [13], but 

the ability to experimentally measure local elastic strains and stresses would 

greatly assist in the effort to better understand deformation twinning in Mg.   

 

Another material system in which local strain measurement will facilitate better 

understanding of the connections among material processing, microstructure, and 

properties is hot-pressed boron carbide (B4C) [14, 15].  Hot-pressed boron carbide 
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typically contains precipitates and boundaries that have associated residual 

stresses and affect the overall mechanical response of the material [16, 17].  

Typically, it is preferable in ceramics for grains to have a residual compressive 

stress, as compressive stresses reduce crack mobility, while tensile stresses can 

increase crack mobility [18].  The ability to locally measure strains around 

interfaces, defects, and precipitates would allow for the tailoring of fabrication 

conditions to produce microstructures with lower residual stresses.  

 

The capability to locally measure and map elastic strains in a polycrystalline 

material with nanoscale resolution would greatly benefit the understanding of 

physical phenomena in these applications and many others.  There are numerous 

TEM-based strain measurement techniques that provide the spatial resolution 

required: nano-beam electron diffraction (NBED), convergent beam electron 

diffraction (CBED), high-resolution TEM (HRTEM), high-resolution scanning TEM 

(HRSTEM), and dark field electron holography (DFEH) have all found use in 

various applications.  Béché et al provide a general review and comparison of 

these techniques in [11].  Each of the techniques lend themselves to different 

situations and specimens, but each provides nanoscale (~2	nm) spatial resolution 

and comparable strain resolution (~0.1%) [11, 19].  Additionally, these techniques 

are not automated, so manual strain measurements must be made at locations of 

interest.  They allow for the calculation of relative strains a particular locations, but 

they do not provide the capability for 2D strain mapping around regions of interest.   

 



 232 

The experiments discussed in the following chapter utilize an automated NBED 

technique developed by NanoMEGAS and Appfive [20].  This technique allows for 

rapid collection and calculation of elastic strain & stress maps.  The technique is 

introduced and results from characterization experiments of boron carbide, 

deformation twinned Mg, and cold-rolled Cu are presented 

 

5.2. Automated NBED introduction 

NBED operates by producing a small probe of nearly parallel electrons and 

collecting a SAED pattern from multiple points within a specimen of the same 

orientation.  The strain at various locations is calculated by comparing the location 

of diffraction spots among patterns and calculating a 2D elastic strain tensor, which 

can be plotted into strain maps.  In the past 15 years, NBED has been utilized to 

measure local elastic strains largely in semiconductor materials [19, 21-23].  

Spatial resolutions of 2	nm are widely reported for NBED investigations using a 

TEM with a FEG source, and there have been efforts to improve the strain 

resolution beyond the typically reported 0.1%: Béché et al report that strain 

resolution of 6×10:@ can be obtained for single crystal silicon, but the presence of 

dynamical diffraction effects and local lattice bending can decrease the resolution 

to 2×10:A [11].  Hähnel et al demonstrate imaging processing methods that can 

be used to improve NBED resolution to 3×10:@ [24]. 

 

Initially NBED was performed by manually recording diffraction patterns from 

various locations within the specimen and calculating relative strain from each.  
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Recently, NanoMEGAS has developed and introduced Topspin, a platform that 

automates the collection and analysis of diffraction patterns for strain analysis [20, 

25].   

 

It must be emphasized that this technique does not measure the true value of strain 

in the specimen; rather, the relative strain between a reference region and points 

within the region of interest (referred to as ‘experimental’ points) is calculated.  This 

requires that all patterns be recorded from a region of the same orientation; this is 

to ensure that the same planes will be diffracting in the reference and experimental 

patterns (i.e. the same diffraction spots will appear on the diffraction patterns).  In 

semiconductor devices the Si wafer serves as the reference, but suitable 

specimens must have large enough grains size so that an ostensibly ‘strain-free’ 

region can be used as a reference.  Thus, measuring strain fields within 

nanocrystalline metals would be difficult using this technique, as there no regions 

that could designated a priori as ‘strain free’.  In this study, coarse-grained 

materials were characterized with this technique.  Furthermore, only the two-

dimensional ‘in-plane’ elastic strains are measured using this technique.  Due to 

the high energy (and correspondingly small wavelength) of TEM electrons Bragg’s 

law confines diffraction to planes that are nearly parallel to the electron beam, so 

SAED patterns do not contain information about the spacing of planes inclined with 

respect to the electron beam. 
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The microscope conditions suitable for automated NBED are nearly identical to 

those used to perform TEM-OIM, as detailed in Section 4.2.1.1.  It is necessary 

that the probe size be as small as possible to provide nanoscale resolution, so the 

beam is focused to a minimum point.  Additionally, spots must be as small as 

possible in the diffraction pattern, so a near-parallel electron beam is desired.  To 

accomplish this, a 10	µm condenser aperture is used.  Beam precession is also 

required.  Using precession electron diffraction (PED), the electron beam, rather 

than proceeding straight through the specimen, is rotated in a cone using the 

deflection coils, interacting with the specimen from a range of slightly inclined 

angles.  After interacting with the specimen, the beam is ‘descanned’, forming spot 

a diffraction pattern in the back focal plane [26-28].  There are numerous benefits 

to PED that assist in automated NBED:  Kikuchi diffraction contrast is greatly 

reduced, more diffraction spots are observable, and dynamical effects are 

reduced.  Figure 5-1 shows a schematic representation of PED and examples of 

diffraction patterns recorded with and without precession at locations 20 nm apart 

within a single crystal Si specimen.  There is a clear benefit from adding beam 

precession, as the diffraction patterns without using precession have fewer spots 

and the spots with good contrast differs between the two specimen locations.  The 

only disadvantages of precession are that equipment is needed to control the 

electron lenses to activate precession, time is required to properly align the lenses 

for precession, and the spatial resolution decreases slightly [26, 29].  Additionally, 

the exposure time needed to generate sufficient contrast in the SAED pattern 

increases, which can exacerbate negative effects from drift and electron beam 
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contamination.  With proper alignment and using a FEG electron source, 3 nm 

spatial resolution is routinely obtainable using PED. 

 

To perform automated NBED the specimen must be aligned so that the region of 

interest is in a high-symmetry zone axis, as this greatly increases the number of 

spots in the diffraction pattern.  Figure 5-2 shows the general operating procedure 

utilized by Topspin for automated NBED. 

1. First, the reference pattern(s) is recorded.  Reference patterns can be 

obtained from selected points, a line, or an array of points with defined step 

size.  Suitable reference patterns have the same orientation as the region 

Figure 5-1. Schematic illustrating precession electron diffraction and diffraction 
patterns recorded with and without precession from locations (A) and (B) 
located 20 nm apart within the same grain.  Adapted from [28]. 

(B)

(A)Precession angle

!
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of interest and are away from any strain fields that are to be measured.  If 

multiple reference patterns are recorded, they are averaged to create a 

single reference pattern.  If using precession, the exposure time must be an 

integer value of the precession time (1 ms) so that the contrast will be even 

across the diffraction pattern. 

2. The region of interest in which strain will be calculated is outlined, and the 

step size between each point is specified.  The diffraction patterns from 

each point are automatically recorded and saved into an .app5 file using the 

Topspin data collection program. 

3. Experimental diffraction patterns are compared to the reference pattern, 

and a proprietary non-linear optimization algorithm determines the 2D 

elastic strain tensor at each point.  Resulting strain maps can be viewed 

and analyzed using the Topspin Data Viewer program. 

Distortion 
matrix 

Non- Linear 
Optimization

1.) Record reference pattern 
from ‘unstrained’ region

2.) Array of diffraction 
patterns recorded from 
region of interest

3.) Experimental patterns are 
compared to reference to 
calculate strain

!"#$%&'()* =
!,, !,-
!,- !--

Figure 5-2. Schematic illustrating the procedure for strain calculation using 
automated NBED.  
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5.3. Materials selection 

The Topspin automated NBED system was initially used exclusively in the 

semiconductor industry to calculate elastic strain values near epitaxial interfaces 

in, for example, nMOS and pMOS devices [25].  Figure 5-3 shows a virtual bright 

field image and strain maps recorded from the silicon substrate of a pMOS sample.  

The strain values they calculated were between 1.0% compressive strain and 1.5% 

tensile strain with a 0.5% compressive strain in the regions in which electrons flow 

in the pMOS sample.  While these elastic strain values are quite high, the strain 

resolution quoted by developers is 0.02% [30], well below the strain sensitivity 

values (~0.1%)  reported for conventional NBED [19, 21] but similar to that 

predicted by simulations that utilize precession [29].   

 

The Si devices typically studied using NBED and automated NBED using Topspin 

are particularly well-suited for the technique for a few reasons.  The material in 

Figure 5-3. Virtual bright field image and corresponding elastic strain maps 
recorded from the Si substrate of a pMOS sample.  Strain values are in 
percent.  Taken from [25]. 
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which strain is measured in single-crystal Si, so there is a very large region with 

the same orientation that can be used to obtain a strain-free reference.  Also, 

single-crystalline Si fabricated for semiconductor devices is nearly defect-free, 

which minimizes the sources of elastic strain that could affect strain 

measurements.  The focused ion beam (FIB) lift-out specimen preparation 

technique creates a large region that is electron transparent and of equal thickness 

and is aligned so that a high-symmetry zone-axis is perpendicular to the specimen 

surface.  Lastly, the elastic strain imposed by epitaxial interfaces is quite high, well 

beyond the strain resolution of the technique. 

 

A Topspin automated NBED system was acquired at JHU through a DOE-BES 

grant to determine if this promising technique can be applied to study metal and 

ceramic materials.  If this technique proves to be suitable to measure strains in 

metals and ceramics, it would provide a new characterization tool that could be 

used to better understand the wide-ranging phenomena that are affected by local 

stresses and strains.  To determine if this technique is able to measure strains in 

polycrystalline metals and ceramics, three materials were chosen:  boron carbide, 

Mg, and cold-rolled Cu. 

 

5.4. Boron carbide 

5.4.1. Introduction to material system 

Boron carbide (B4C) has become an increasingly attractive material for various 

structural and military applications due to its high hardness and low weight [14, 



 239 

15].  Boron carbide has a rhombohedral crystal structure, with 12-atom icosahedra 

decorating the lattice corners connected by a 3-atom chain [31].  Recent studies 

have been conducted at JHU to characterize and test hot-pressed boron carbide 

[16, 17].  Through TEM characterization of a boron carbide hot pressed plate 

(Cercom PAD boron carbide) obtained from CoorsTek (Vista, California) Xie et al 

located numerous precipitates throughout the boron carbide microstructure [16].  

Figure 5-4 shows images from the TEM analysis of the boron carbide 

microstructure; select grains in the microstructure contain zones with a high 

density of AlN precipitates surrounded by regions of precipitate-free boron carbide 

(5-4A & B).  These precipitates were characterized to be AlN using STEM energy-

dispersive X-ray spectroscopy (STEM-EDX) (5-4C & D).  Through HRTEM, it was 

(A) (B)

(C) (D)500 nm 500 nm

(E)

(F)

(F)

Figure 5-4. Results from TEM characterization of boron carbide.  A & B show 
BF TEM micrographs showing fields of AlN precipitates within boron carbide 
grains.  C & D show EDX spectra near a large AlN precipitate.  HRTEM 
images show that the high-aspect ratio precipitates lie along specific planes 
and that the short facets have misfit dislocations at the interface (E & F).  
Adapted from [16]. 
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determined that the precipitates tend to have high aspect ratios and lie along 

specific planes in the boron carbide grains and are semi-coherent.  Figure 5-4E 

shows an HRTEM image of an AlN precipitate aligned with its long axis along the 

100  boron carbide plane and the shorter axis along 011 .  The filtered HRTEM 

image shown in Figure 5-4F shows misfit dislocations along the short, 011 , 

interface of the precipitate.  No misfit dislocations were observed along the long, 

100 , interface.  

 

5.4.2. Strain baseline 

Before measuring the elastic strain fields near features of interest such as 

boundaries and precipitates, it is first necessary to determine the strain baseline 

for a nominally strain-free region of the specimen.  The boron carbide materials 

studied contained many grains that were free from any precipitates or visible 

defects (e.g. stacking faults).  A strain map recorded from the center of such a 

grain provided a good strain baseline, as there was no ostensible source of elastic 

strain to influence the measurement.  Figure 5-5 shows a virtual STEM image of a 

large, precipitate-free grain orientated along a 100  orientation.  Using a step size 

of 10	nm and a precession angle of 0.8°, a strain map was calculated from a 

rectangular region in the center of the grain, using a SAED pattern near the center 

of the scan as the reference.  Note that the diffraction patterns obtained from boron 

carbide do not contain diffraction spots resulting from individual atoms within the 

12-atom icosahedra on the corners of the unit cell, thus the diffraction patterns 

contained the simple rhombohedral crystal symmetry.  Figure 5-6 shows a  



 241 

  

Figure 5-5. Virtual STEM image of a large, precipitate-free grain from which a 
strain map was recorded to determine strain baseline for boron carbide.  Scan 
region is indicated by the black rectangle.  The reference was recorded from a 
location near the center of the scan.	,CC map and example spot diffraction 
pattern shown on the right. 
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Figure 5-6. Histogram displaying the strain values for all points in the strain 
map shown in Figure 5-5.  The standard deviation for all points on the map is 
1.95×10:@; dashed ±2F lines are plotted along with the data, indicating 
confidence threshold for strain values. 
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histogram for all the strain values in the strain map shown in Figure 5-5.  The 

standard deviation for all points on the map is 1.95×10:@ (~0.02%).  Assuming the 

strain values follow a normal distribution, 95% of strain values will be within ±2F 

which corresponds to a range of 0.078% centered around 0.  This corresponds 

well to the strain resolution (0.1%) reported consistently for NBED [11, 19, 21], but 

is lower than the resolution reported by the developers (0.02%) [20].  This 

discrepancy can likely be attributed a combination of experimental difficulties 

added by studying materials different from single-crystal Si and the possible 

presence of undetected defects in the boron carbide grain that could affect the 

baseline measurement.  Additionally, there could be instrument-specific resolution 

limits.  The microscope and experimental parameters with which the 0.02% strain 

resolution was obtained are not provided by NanoMEGAS.  To mitigate resolution 

reduction resulting from specimen-related effects, additional experiments can be 

performed on a pristine single-crystal Si specimen to determine the resolution 

obtainable using the CM300 TEM at JHU. 

 

5.4.3. Strain near grain boundaries 

The boron carbide material studied here was hot-pressed at 2000℃ to sinter the 

material from a powder to be nearly fully dense.  This produces a microstructure 

containing large 1 − 10	µm grains with random orientations.  Pilladi et al report that 

there is a significant difference between the thermal expansion of the a and c axis 

in rhombohedral boron carbide [32].  The difference in orientation between 

neighboring grains is expected to result in residual stress and elastic strains within 
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the grain interiors upon cooling to room temperature.  GBs in boron carbide are 

generally faceted; with anisotropic CTE [32], anisotropic elastic properties [33], and 

random GB misorientation, the accumulated residual stresses will vary from GB to 

GB.  Boron carbide readily creeps at temperatures above 1400℃ due to dislocation 

motion [34].  As a result, any residual strains accumulated from the sintering 

temperature down to 1400℃ may be quickly relaxed.  At lower temperatures, 

dislocations do not easily migrate and residual stresses will build up and remain in 

the structure.   

 

Figure 5-7 shows a virtual STEM image of a large, precipitate-free boron carbide 

surrounded by GBs.  The virtual BF image in the figure shows the region over 

which a strain map was recorded.  The strain map focuses on the elastic strains 

near the boundary composed of three facets.  An orientation map of the strained 

200 nm

VBFVSTEM

500 nm

Facet 1

Facet 2

Facet 3

Figure 5-7. Low-magnification virtual STEM image showing a large boron 
carbide grain surrounded by grain boundaries.  Strain was recorded near the 
GB on the lower-right side of the grain.  Virtual BF image shows the grain 
boundary that is comprised of three facets. 
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region is shown in Figure 5-8.  The top shows the out-of-plane orientation at each 

point.  These two grains have identical out-of-plan orientation, with 1210  pointing 

out of the image plane.  Representative diffraction patterns at each grain are 

shown in the figure.  An IPF orientation map displaying the in-plane orientation of 

these grains is shown on the bottom of Figure 5-8, demonstrating the difference in 

in-plane orientation between the 

 
two grains.  Figure 5-9 shows orientation maps for each of the three facets with 

wire-frame lattices overlaid to show the relative orientation of the a and c axis in 

each grain.  Note that the a-axis corresponds to the basal plane of the hexagonal 

Out-of-plane IPF

200 nm

In-plane IPF

Figure 5-8. Top: Out-of-plane IPF orientation map of the strain scan region with 
grain boundary indicated by dashed lines.  Both grains at the GB have the same 
out-of-plane orientation with [12K10] pointing out of the plane.  Diffraction 
patterns from both grains are shown.  Bottom: In-plane IPF map showing the 
unique orientation of the two grains. 
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structure, and the c-axis is perpendicular to the basal plane.  The specimen was 

tilted such that the basal planes (a-axis) are parallel to the electron beam, and the 

wire-frame lattices are viewed edge-on.  By viewing the orientation of the crystal 

lattice relative to the GB facets, it is clear that the out-of-plane thermal expansion 

for the two grains should be equivalent, as they share the same out-of-plane 

direction.  In the plane, however, the difference between the rate at which the a 

and c axes contract during cooling would be expected to create residual strain at 

the interface.  From their measurements of the thermal expansion of the a and c 

axes in boron carbide, Pilladi et al derived quadratic representations of the % 

expansion with respect to M = 298	K for the a and c lattice parameters, provided in 

Equation 5-2 and 5-3, respectively [32]: 

Figure 5-9. Orientation maps showing how the crystal lattices are oriented with 
each of the three facets of the GB.  The rhombohedral boron carbide is 
represented by a hexagonal lattice.  
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Equation 5-2 

%	expansion	 a	axis = ΔV M

= 1.442094×10:WMX + 9.406820×10:;M − 0.04094628 

Equation 5-3 

%	expansion	 c	axis = Δ[ M

= 2.263169×10:WMX + 1.054721×10:@M − 0.05164089 

Where M is the temperature in Kelvin.  Instead of taking the reference temperature 

to be 298	K, as is the case for Equations 5-2 and 5-3, the data can be replotted 

using M = 1673	K = 1400℃ as the reference temperature (assumed temperature 

at which creep relaxation ceases [34]), so the percent expansion can be plotted as 

the lattice cools to room temperature.  This is plotted for the a and c axes in Figure 

5-10.  The thermal expansion upon cooling is negative, as would be expected for 

conventional materials.  The total thermal contraction for the a and c axes is 0.52% 

and 0.76%, respectively.  From this, the qualitative residual stress in a simplified 
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Figure 5-10. Plot showing the thermal expansion for the a and c axes of boron 
carbide when cooling from M = 1673	K = 1400℃.  Using data from [32]. 
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structure can be estimated.  Consider a GB between Grain 1 and Grain 2 with the 

a-axis parallel to the GB in Grain 1 and the c-axis is parallel to the GB in Grain 2.  

For this case, there would be a compressive strain in Grain 1, because Grain 2 

contracts along the boundary more than Grain 1 and they are joined at the 

boundary.  A compressive strain would result in Grain 1 and a tensile strain in 

Grain 2. 

 

For the Facets 1-3 in the GB considered, the a and c axes are inclined relative to 

the GB, so an effective % thermal expansion, ∆]^^, has to be calculated and will 

have a value between ΔV and Δ[ at a given reference temperature.  Figure 5-11 

shows the model used to calculate ∆]^^ for any direction inclined an angle, _, from 

the a-axis.  Figure 5-11A shows a space in which the lattice parameters along the 

a and c directions at a temperature M3 are joined by a convex curve, the edge of 

which indicates the ‘effective lattice parameter’ along an arbitrary direction inclined 

_ from the a-axis.  Given a change in temperature from M3 to M, the % expansion 

along the a and c axes are given by Equations 5-2 and 5-3, respectively when M3 =

298	K.  An expression for ΔV M3, M  and ΔV M3, M  at an arbitrary value of M3 can be 

obtained from Equations 5-2 and 5-3, as was plotted for the case of M3 = 1673	K 

in Figure 5-10.  The effective % thermal expansion as a function of _ and M at a 
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given value of M3 can be geometrically obtained using the triangle shown in Figure 

5-11B, as shown in Equation 5-4: 

 

Equation 5-4 

∆]^^ ab M, _ = ∆[
X M sinX _  +∆VX M cosX _   

From this expression, the effective thermal expansion can be calculated along a 

direction at any angle _ between 0° and 90° from the a-axis.  This allows for the 

thermal contractions along Facets 1-3 in Figure 5-9 to be calculated for both Grain 

1 and Grain 2.  For a reference temperature, M3, of 1673	K, the effective % 

expansion for Facets 1-3 in Grain 1 and Grain 2 are given in Table 5-1 and plotted 

in Figure 5-12.  

Figure 5-11. (A) Model used to calculate the % thermal expansion along an 
arbitrary direction, ∆]^^, after a change in temperature from M3 to M.  (B) Triangle 
showing the relationship between the % expansion along the a and c axes and 
∆]^^. 
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Table 5-1: Values for % expansion of Facets 1-3 for Grains 1 & 2 

	 Grain 1 Grain 2 
% difference 
in expansion 

  θ (°) 
Total % 
expansion θ (°) 

Total % 
expansion 

Simple 0 -0.52 90 -0.76 -31.3 
Facet 1 32.7 -0.60 78.5 -0.75 -20.1 
Facet 2 5.8 -0.52 63.1 -0.71 -26.9 
Facet 3 50.7 -0.67 17.9 -0.55 23.0 

 
 

The ‘simple’ boundary consisting of Grain 1 having its a-axis parallel to the GB and 

Grain 2 with its c-axis parallel to the GB is included in the table for comparison.  

The results from Facet 1 and Facet 2 are similar in that Grain 1 contracts less than 

Grain 2, which should result in a compressive strain in Grain 1 parallel to the GB.  

For Facet 3, Grain 1 contracts more than Grain 2, resulting in tensile strain parallel 

to the boundary in Grain 1.  The percent difference of expansion of Grain 1 with 

respect to Grain 2 is also given in Table 5-1, which indicates the sign of the strain 

along the boundary in Grain 1; it also provides a semi-quantitative value expected 

strain value.   

 

Figures 5-13 – 5-15 plot the experimentally-measured elastic strain in the region 

near the GB parallel to Facet 1, Facet 2, and Facet 3 together with a diffraction 

pattern recorded near each facet.  The red arrows in the diffraction patterns and 

strain maps indicate the direction of strain measurement.  Each figure has a plot 

showing the evolution of the strain in Grain 1 as the GB is approached.  The elastic 
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Figure 5-13. Map showing the strain in Grain 1 parallel to Facet 1 from point A 
to point B.  Representative diffraction pattern near the facet is shown on the 
right.  Red arrows in the strain map and diffraction pattern indicate direction of 
strain measurement.  Plot below shows the evolution of the strain as the 
boundary is approached (location of GB indicated on the right of plot).  Dashed 
lines represent ±2# lines obtained in Section 5.4.2.      
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Figure 5-14. Map showing the strain in Grain 1 parallel to Facet 2 from point A 
to point B.  Representative diffraction pattern near the facet is shown on the 
right.  Red arrows in the strain map and diffraction pattern indicate direction of 
strain measurement.  Plot below shows the evolution of the strain as the 
boundary is approached (location of GB indicated on the right of plot).  Dashed 
lines represent ±2# lines obtained in Section 5.4.2.      
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Figure 5-15. Map showing the strain in Grain 1 parallel to Facet 3 from point A 
to point B.  Representative diffraction pattern near the facet is shown on the 
right.  Red arrows in the strain map and diffraction pattern indicate direction of 
strain measurement.  Plot below shows the evolution of the strain as the 
boundary is approached (location of GB indicated on the right of plot).  Dashed 
lines represent ±2# lines obtained in Section 5.4.2.      
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strain is averaged over the length of each facet (200	nm for Facets 1 & 2; 50	nm 

for Facet 3), as indicated by the dashed region on each strain map.  The profiles 

do not extend all the way to the GB (indicated on each plot), as points adjacent to 

the GB contained diffraction contrast from both Grains 1 & 2, resulting in artificially 

high strain values.  The ±2# strain resolution obtained from the center of a defect-

free grain is shown on each plot as dashed gray lines.  Reference pattern was 

recorded from a region close to the center of the grain, ~1	µm away from the 

scanned region.   

• For Facet 1, it was predicted that there would be a compressive elastic 

strain parallel to the GB in Grain 1.  The magnitude of the strain varies, but 

the strain was measured to be compressive across the length of Facet 1.  

The average strain was measured to be −0.22% near the boundary, with 

values of individual pixels reaching −0.36%.  The magnitude of compressive 

strain parallel to Facet 1 extends well beyond the strain resolution obtained 

in Section 5.4.2., indicating that the strains measured can be attributed to 

thermal residual strains rather than experimental error.   

• For Facet 2, it was also predicted that there would be a compressive elastic 

strain parallel to the GB in Grain 1.  The Magnitude of strain values 

calculated parallel to Facet 2 is much lower that was measured for Facet 1. 

While there is a trend toward compressive strain as the boundary is 

approached the average elastic strain values across the facet are all within 

the ±2# strain sensitivity obtained for the material.    
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• For Facet 3, a tensile strain was predicted as the GB was approached.  

Facet 3 was substantially shorter than the others, so the strain values were 

only averaged over 50	nm.  From the strain profile, it is clear that the amount 

of tensile strain gradually increases as the boundary is approached.  The 

average tensile strain reaches 0.08%, and individual pixels reach up to 

0.23%.  The consistent slope of increasing strain as the boundary is 

approached and that it exceeds the determined strain resolution suggests 

that this measured strain does result from thermal residual strain. 

 

Taken together, these results are quite encouraging, as they qualitatively agree 

well with the predicted strains near the facets of the GB obtained through a simple 

model.    This is strong evidence that residual strain is present along the boron 

carbide GBs resulting from residual thermal stresses and that the type of stress 

associated with a boundary is a function of its character.  For Facets 1 and 3, the 

magnitude of the measured residual elastic strain increased beyond the baseline 

strain ~100	nm away from the GB.  This distance can be compared to results from 

simulations.  Further consideration is needed to determine the reason for the low 

strain measurement near Facet 2.  It is likely that there are strain contributions from 

sources other than thermal residual stresses and that the boundary conditions 

imposed by the surrounding grains and GBs will affect the overall stress near each 

of the facets.  There are numerous ways that the model could be improved to 

account for the complex boundary conditions imposed by the other boundaries.  

Current efforts are underway to model this GB using finite element method (FEM) 
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to obtain a quantitative description of the local strain near these boundaries 

through a collaboration with Jaafar El-Awady and Quan Jiao at JHU.        

 

5.4.4. Measurement of local strain near defects 

There are numerous defects within the boron carbide microstructure that could 

have strains associated with them.  As discussed previously, compressive elastic 

strains are regarded as beneficial for the overall mechanical properties of 

ceramics.  If certain defects can be located that tend to have associated 

compressive strains, fabrication and processing procedures could be tailored to 

increase the prevalence of those defects.  Figure 5-16 shows a large boron carbide 

grain containing many precipitates (~50	nm) with other associated defects such as 

1 μm

Vacuum

Figure 5-16. Low-magnification BF image of a boron carbide grain contain 
numerous precipitates and associated defects.  Highlighted area is shown in 
Figure 5-17. 
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dislocations and stacking faults.  The specimen was tilted so that the grain had a 

100  out-of-plane orientation and strain maps were recorded around the larger 

precipitates within the grain.  Figure 5-17 shows a BF TEM image of the precipitate 

in the highlighted region in Figure 5-16 with diffraction patterns collected from 

areas of interest.  The precipitate was verified to be AlN through EDX.  Two defects 

emanate from the precipitate.  From the top-right, a stacking fault a 001  plane, 

parallel to the electron beam.  On the top-left of the specimen, there is a defect 

that proceeds ~1	µm into the crystal along the 110  direction.  It is unlikely that 

the defect is a stacking fault, as stacking faults in boron carbide lie along 100  

planes, which would be parallel to the electron beam in the image [35-39].  The 

defect, however, is inclined with respect to the beam.  Another possibility is that 

Figure 5-17. TEM BF image of the region around an AlN precipitate.  A stacking 
fault emanates from the top-right corner of the precipitate, and another defect 
proceeds from the top-left.  Diffraction patterns recorded from a defect-free 
region, the defect, and within the AlN precipitate are shown.  
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Defect

Stacking 
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the defect is an amorphous band.  Amorphous regions have been commonly 

observed in boron carbide, but they can typically be observed through amorphous 

rings in the diffraction pattern [40].  It is possible that the amorphous band was 

quite thin relative to the thickness of the specimen at that location, and the 

diffraction contrast from the amorphous region did not appreciably alter the 

recorded diffraction pattern.  It is also possible that the defect.  Lastly, it is possible 

that the defect was a dislocation, but no tilting of the specimen was done to 

determine if the contrast resulted from a dislocation.  Figure 5-18 shows a virtual 

BF image and strain map recorded from the region surrounding the AlN precipitate. 

The strain is plotted along the 110  direction, as indicated in the map.  

Compressive strains (up to 0.28%) decorate both sides of the defect on the top left 

of the grain.  No strains were observed to be associated with the stacking fault or 

the AlN precipitate itself.  Further characterization of the defect is required to 

VBF

200	nm -0.2%

0.1%

0%

-0.1%

'()(*

Figure 5-18. Virtual BF image and strain map recorded from the precipitate 
shown in Figure 5-17.  Strain is measured along the [1310] direction, indicated by 
the red arrow in the virtual BF image.  Compressive strains decorate the defect 
on the top-left of the defect. 
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determine its character and whether these types of defects are common 

throughout the boron carbide microstructure. 

 

5.5. Magnesium 

5.5.1. Introduction to material system 

Magnesium and its alloys have seen increased interest and study over the past 

few decades in various fields including aerospace and medical due many desirable 

properties: low weight, inexpensive, high strength, deformability, etc [41].  The 

deformation mechanisms of Mg are anisotropic and not yet fully understood, as 

multiple deformation mechanisms (e.g. motion of 5 , 6 , and 6 + 5  type 

dislocations, tensile twinning, and compression twinning) can activate depending 

on loading direction, strain rate, etc [42, 43].  Numerous experiments and 

simulations have been conducted in recent years to better understand the 

constitutive behavior of Mg and Mg alloys [12, 13, 44-50].  It is consistently reported 

that the activity of deformation mechanisms is a function of local strains within 

grains [12].  Simulations are often used to estimate stresses required to nucleate 

deformation twins [13, 46].  There have been relatively few studies that have 

successfully measured local strain in Mg.  The most recent studies typically utilize 

neutron diffraction to obtain elastic strain measurements of Mg as it is strained [51, 

52].  These techniques do not have the nanoscale resolution required for 

measurement of specific grains, but rather obtain specimen average values of 

strain and compare those values to those obtained through simulation. 
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The ability to locally measure elastic stresses and strains in Mg with nanoscale 

resolution would greatly contribute to the current understanding of Mg deformation.  

Through collaborators at Los Alamos National Laboratory, particularly Yue Liu, 

Rodney McCabe, Arul Kumar, and Irene Beyerlein (now at UC Santa Barbara) a 

Mg TEM specimen was obtained and characterized using automated NBED.  

Figure 5-19 shows an EBSD map of the Mg specimen from which the TEM sample 

was fabricated.  The Mg specimen was strained in tension to 1%, introducing many 

lenticular tension twins into the microstructure.  While perfect, coherent twin 

boundaries in HCP materials should have no associated elastic strain, twin 

boundary defects are expected to have strain field surrounding them in the matrix 

[53, 54].  Twinning defects are especially common near the tips of lenticular twins, 

as the preferred 1012  twin plane cannot be maintained, creating basal-prismatic 

(BP) and prismatic-basal (PB) bands.  The preferred misorientation for 1012  

tension twins is ~86°.  The misorientation across BP or PB bands is 90°, which 

imposes elastic strains in the surrounding lattice [53].  Figure 5-20 shows an 

HRTEM image recorded at a 1012  tension twin boundary in Co containing 

numerous BP and PB bands.  The magnified images clearly show the difference 

in misorientation across the twin boundary defects.  While this example is for an 

HCP Co twin boundary, the same defects have been observed near the tips of Mg 

twin boundaries [54]. 
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20 μm

Figure 5-19. EBSD orientation map of coarse-grained pure Mg that was 
strained in tension to 1%. Many grains contain lenticular tension twins.  Image 
courtesy of Yue Liu (LANL). 

86°

90°

Figure 5-20. HRTEM image taken from a Co (10132) tension twin in which BP 
and PB bands are present.  BP and PB bands deviate from the preferred GB 
plane and misorientation, leading to elastic strain.  Adapted from [53]. 
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5.5.2. Strain near twin boundary defects 

Figure 5-21 shows a BF TEM image of the Mg specimen received from LANL.  A 

1012  tension twin ~1.5	µm wide can be seen extending to the edge of the 

specimen.  A SAED pattern recorded using a selected area aperture over both 

parent and twin regions shows the 86° misorientation characteristic of 1012  

tension twins.  Figure 5-22 shows orientation maps recorded around the twinned 

region after both the parent and twin were rotated so that the twin plane was 

parallel to the electron beam, meaning the out- of-plane orientation for both the 

parent and twin was a 2110  type direction.  This can be seen clearly in Figure 5-

22A, in which each pixel is colored according to out-of-plane orientation.  Figure 5-

22B has pixels colored according the in-plane direction corresponding to 0002  in 

the parent grain, which corresponds to the arrow on the map.  A reliability grayscale 

was used to show the low-angle boundary on the right side of the map that will be 

discussed in the following section. 

  

Figure 5-21. TEM BF image showing the (10132) tension twin in the Mg TEM 
specimen received from LANL. 
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tension twin
Low-angle 
boundary
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Figure 5-22. (A) Out-of-plan IPF map for the twinned region, showing that the 
specimen has been rotated so that the beam direction corresponds with 
[213130]. (B) In-plane IPF with reliability grayscale.  In-plane direction was 
chosen to align with [0002] in the parent grain (direction shown by arrow). 
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A strain map was recorded in the parent grain near the twin boundary using a 

reference ~500	nm away from the twin boundary and any observable defects.  

Figure 5-23 shows the location of the recorded strain map as well as the reference.  

A diffraction pattern was rotated to the specimen orientation to account for the 

rotation difference between the image and back focal plane in the TEM.  The twin 

plane, 1012 , is indicated by the red spots, and 0002  is shown with a red arrow.  

The strain map shown in Figure 5-23B was calculated for the strain along 0002 , 

the c-axis.  There is a 10	nm step in the GB, likely associated with a twin boundary 

defect, such as a prismatic-basal or basal-  prismatic band.  Immediately adjacent 

Figure 5-23. (A) Orientation map indicating scan region adjacent to twin and 
location of reference pattern.  Diffraction pattern shows twin plane and [0002] 
(B) Strain map showing strain along [0002].  Basal plane traces shown by 
dashed lines.  Strain dipole is centered around boundary defect. (C) Strain 
profile across strain dipole. 
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to the step in the boundary there is a strain dipole creating a maximum of 0.58% 

tensile strain along 0002 , and a minimum of 0.21% compressive stress, as shown 

in the profile in Figure 5-23C.  This observation is good evidence that elastic strains 

are, indeed, correlated to twin boundary defects as is predicted by [53].  Further 

work needs to be done to characterize the twin boundary defect to determine 

whether it is a collection of twinning dislocations or a PB/BP band.  The measured 

strain field surrounding the defect could then be compared to simulations.  

Additionally, a specimen with a twin tip located in an electron transparent region 

would enable direct measurement of the elastic strain in the parent grain ahead of 

the twin tip, which would be a great comparison to the simulations already present 

in literature [13, 46, 50].  

 

5.5.3. Strain near low-angle grain boundary 

A low-angle boundary was also observed in the specimen near the twin, as 

indicated in Figure 5-22.  The lattice on either side of the boundary has the same 

out-of-plane orientation when viewed with the electron beam parallel to 2110 , but 

there is an in-plane rotation of 0.9°.  Such a low-angle boundary is likely to be 

comprised by an array of dislocations that would have an associated elastic strain 

field [55].  Figure 5-24A shows a virtual BF image of the region used to record a 

strain scan.  From the contrast in the virtual BF image, the low-angle grain 

boundary and through-thickness dislocations can be observed.  In Figure 5-24B, 
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a strain map is shown with strain calculated along 0002 .  Strain contrast 

decorates the regions containing dislocations, including peaks of strain intensity 

along the low-angle boundary.  It is not certain that the peaks of intensity correlate 

with dislocation spacing, but the dislocation spacing for a low-angle boundary is 

typically given by Equation 5-5: 

 

Figure 5-24. Top: Virtual BF image of the scan region.  Contrast shows the 
location of low-angle boundary as well as through-thickness dislocations. 
Bottom: Strain map of the region surrounding low-angle boundary.  Strain is 
measured along [0002] (indicated by red arrow.  Magnified image on right 
shows peaks in strain decorating the boundary. 

50 nm100 nm

0.2%
0.1%
0%

−0.1%
−0.2%
−0.3%

0.9° boundary(A)

(B)



 267 

Equation 5-5 

<
2=>

= sin
B
2

 

Where => is the spacing of the dislocations, < is their Burgers vector, and B is the 

angle of the boundary.  Given small B, Equation 5-5 is approximated by 

Equation 5-6 

=> =
<
B

 

Burgers vectors for dislocations typically observed in Mg are 0.107	nm for D
E
1120  

or 5  dislocations, 0.521	nm for 6  dislocations, and 0.612	nm for 6 + 5  

dislocations.  These Burgers vector lengths correspond to dislocation spacings of 

6.8	nm, 33.1	nm, and 38.9	nm for the three dislocation types, respectively.  The 

spot size of the scan is 3	nm, making it difficult to calculate the exact spacing 

between peaks in intensity likely associated with dislocation cores.  The average 

spacing was calculated to be approximately 5.2	nm, with the largest spacing 

between dislocations being 10.8	nm.  This suggests that the dislocations 

comprising the low-angle boundary are 5  dislocations.  Additional TEM analysis 

is required to determine the character of the dislocations with certainty, but it is 

reasonable to suggest that the dislocations are 5 -type for the following reasons:  

• They provide the best match to the observed spacing on the strain map  

• They are the most mobile dislocations in Mg which enables them to form 

structures such as the observed low angle boundary more readily [56, 57]. 
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• They can have many different line directions, including 1120  directions, 

and there is no inclination of the dislocations observable in the virtual BF or 

strain maps [56, 57].     

This result suggests that automated NBED is a suitable technique for measuring 

elastic strains near dislocation structures, but characterization of the dislocation 

Burgers vectors and line directions is needed to ensure that the strain measured 

correspond to predicted strain fields. 

 

5.6. Copper 

5.6.1. Introduction to material system 

Plastic deformation in metals is typically enabled by the migration and 

multiplication of dislocations.  At very high quantities of strain (e.g. 30+% reduction 

from cold rolling), dislocations can align themselves into low-energy dislocation 

structures (LEDS) [58, 59].  This has been observed through cold rolling of many 

metals including steel [60, 61], Al [62, 63], Al-Li alloys [64], and Ni [65].  Materials 

with LEDS typically have regions with exceptionally high dislocation content 

interspersed with channels of low-dislocation density.  LEDS are typically on the 

order of ~100	nm [60].  It is generally believed that when LEDS form, the 

dislocations take the configuration that is the lowest energy accessible to them 

[63]. As a result the “dislocations screen each other’s elastic stress fields” [62], 

reducing the overall elastic strain energy imposed on the surrounding lattice.  Such 

differences in elastic strain between LEDS and other regions could in principle be 

measured using automated NBED.   
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To measure the elastic strain in severely deformed metal, cold-rolled Cu 

manufactured by Glen Balbus was used.  Pure Cu (99.99%) sheets were rolled 

from an initial thickness of 3.15	mm to 50	µm (98.4% reduction).  To determine a 

strain baseline value from a Cu specimen with fewer dislocations, a specimen was 

vacuum annealed using the furnace described in Section 3.2.3. with the following 

parameters: 

• Furnace set temperature: 315℃. 

• Pump down pressure: 3.1×10IJ	Torr. 

• Time required to heat specimen to 300℃: 21 minutes. 

• Specimen held at 300℃ for 30 minutes and air cooled. 

Three millimeter discs of both rolled and annealed Cu were punched from the 

sheets, and TEM foils were then thinned using a precision ion polishing system 

(PIPS) at liquid nitrogen temperature to mill a hole in the center of the disc.  The 

polishing created a thin, electron transparent region in the specimen adjacent to 

the hole.  Figure 5-25 shows a TEM bright field images of the rolled and annealed 

Cu microstructures.  The rolled Cu (5-25A) shows significant diffraction contrast 

associated with regions of the crystal rotated into diffracting conditions by the 

defect structures.  For the annealed specimen (5-25B), the image was taken by 

tilting a large grain to a low-angle zone axis, so the entire grain is diffracting 

strongly.  As a result the entire grain appears dark in the BF image.  A magnified 

image of the edge of the specimen showing the presence of some dislocations in 

the structure that remained after annealing. 
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Figure 5-25. Bright field TEM images of the rolled and annealed Cu. (A) Rolled 
film in an arbitrary BF condition.  (B) Annealed film tilted to an [001] orientation. 

(A) – BF - Rolled

(B) – BF - Annealed
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5.6.2. Establishing strain baseline in annealed Cu 

The annealed Cu specimen was characterized using automated NBED in order to 

determine the strain resolution.  Figure 5-26A shows a virtual STEM image of the 

region used to record a strain map.  A location near the center of a large (>

100	µm) grain was chosen so that there would be no effects from GBs.  

Additionally, the location was chosen so that it would be ~2	µm away from the hole 

in the specimen to mitigate any surface effects. The reference was recorded from 

a region ~3	µm below the scan region, as noted on the figure.  The strain scan 

was 100×100	pixels, using a step size of 15	nm and 0.8° beam precession.  A 

virtual BF image of the scan area is shown in Figure 5-26B.  There is noticeable 

5 μm

Reference
500 nm

VBFVSTEM Vacuum

Reference Simulated

(A) (B)

(C)

Figure 5-26. (A) Virtual STEM image recorded from the annealed Cu specimen 
showing the region used for strain mapping. (B) Virtual BF image of the scan 
region. (C) Comparison between the reference pattern and simulated pattern 
showing a grain orientation of [001]. 
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contrast in both the virtual STEM and virtual BF images recorded, which likely 

correlates to amorphous redeposited Cu resulting from the PIPS thinning.  These 

regions had no effect on the obtained diffraction patterns.  The grain was tilted to 

a 001  zone axis, as indicated by the reference and simulated DP shown in Figure 

5-26C.   In Figure 5-27, the virtual BF and the orientation map are compared for 

the scanned region.  From the orientation map and wire frame of the lattice, it is 

clear that the entire area is near a 001  orientation.  The point-to-point 

misorientation profile shows that there is no change in lattice orientation across the 

VBF IPF Lattice
frame

500 nm

Figure 5-27. Comparison between the virtual BF image and IPF orientation map 
of the region used for strain mapping in the annealed Cu specimen.  
Misorientation plot below shows the point-to-point misorientation across the 
center of the IPF (indicated by arrow). 
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region.  Figure 5-28 shows a histogram that compiles the STT, SUU, and  STU strain 

values for each pixel in the mapped region.  Strain maps are shown in Figure 5-29 

together with a profile that plots the strain values of the pixels within the arrows on 

the strain maps, averaged across 3 pixels.  The V, X  coordinates are noted in the 

figure and correspond to the 100  and 010  directions, respectively.  From all 

pixels within the maps, a ±2# strain resolution of 0.156% was obtained.  This is 

the first reported strain resolution for a metal using automated NBED.  There are 

changes in the strain values across the map, which can be attributed to three 

sources: 

1. Defects in the film remaining after annealing that have associated strain 

fields. 

From the TEM BF image shown in Figure 5-25, it is clear that the dislocations were 

not all removed during vacuum annealing.  There are localized regions of relatively 

high strain.  These are especially noticeable in the STT map and to a lesser degree 

in the SUU map.  It is possible that these local strains are imposed by dislocations 

remaining in the grain.  Another possibility is that these areas of localized strain 

are artifacts attributable to small changes in diffraction contrast caused by 

redeposition on those areas. 
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2. Slight changes of orientation within the specimen that can reduce strain 

resolution [11]. 

There are noticeable strain gradients across the strain maps, especially from the 

bottom-left to top-right of the !"# strain map.  This could possibly be attributed to 

curling of the specimen near the hole that changes the orientation sufficiently to 

falsely alter the strain measurements.  Figure 5-30 shows an IPF with the out-of-

plane orientations for each pixel in the scanned region. All of the points within the 

scanned region are within 1° of 001 , which is approximately the angular 

resolution of the technique.  Even though there was no measurable change in 

orientation across the scan region, it is possible that small changes in orientation 

below the 1° resolution quoted for the technique could affect the strain resolution. 

3. Deviations in the strain value attributable to strain resolution of the 

technique. 

Figure 5-30. IPF discrete plot containing all out-of-plane orientations from the 
region used to obtain a strain map from the annealed Cu specimen.  All points 
are near [001]. 
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Taking together the strain values of all points in the three maps, the standard 

deviation is 3.90×10-..  With a 95% (±23) tolerance, the strain resolution 

suggested by this scan is 0.156%.  This is close to but lower than the strain 

resolution (0.1%) reported consistently for NBED [11, 19, 21], which could indicate 

that effects from specimen preparation could be elevating the measured strain 

resolution.   

 

It is likely that the strain observed in the maps arises from a combination of 

contributions from defects/redeposition areas and variations due to the resolution 

of the technique.  The resolution calculated for Cu was slightly lower than the value 

obtained for boron carbide (0.078%).  This can likely be attributed to the lack of 

observable defects in the boron carbide and that the scan recorded for boron 

carbide was far away from any holes in the specimen, negating any effect from film 

curvature.  Another possible reason for the reduced resolution for the Cu specimen 

is that a larger camera length was used, resulting in fewer diffraction spots in each 

pattern when compared to that used for boron carbide (compare Figures 5-5 and 

5-26C).  It is likely that the strain resolution obtainable for Cu could be improved 

by using a higher annealing temperature to reduce defect concentration and by 

preparing the specimen using electropolishing to avoid artifacts from redeposition. 
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5.6.3. Strain in cold rolled Cu film 

To determine if strains could be measured that correspond to the dislocation 

structures in the rolled Cu, automated NBED was performed.  Figure 5-31A shows 

a virtual STEM image of the region used for strain mapping.  There is substantial 

contrast arising from defect structures in the film as well as changes in orientation 

across the grain affecting diffraction contrast.  The grain was tilted to a 101  zone 

axis, but due to substantial intragrain misorientation, regions within the grain 

deviated from the zone axis.  The strain scan was 200×200	pixels, using a step 

size of 15	nm and 0.8° beam precession.  A virtual BF image of the scan region is 

shown in Figure Figure 5-31B.  The reference for the strain map was recorded from 

the region of the grain nearest to the 101  zone axis, as indicated in the virtual 

Figure 5-31. (A) Virtual STEM image recorded from the cold rolled Cu specimen 
showing the region used for strain mapping. (B) Virtual BF image of the 
scanned region. (C) Comparison between the reference pattern and a simulated 
pattern showing a grain orientation of [101]. 
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STEM image.  Figure 5-31C show the reference diffraction pattern and simulated 

diffraction pattern. 

 

Figure 5-32 shows the virtual BF of the scanned region with the IPF map with the 

wire-frame of the lattice overlaid.  While all of the points in the orientation map 

indicate that the orientation is near 101 , by taking a profile of the point-to-point 

misorientation across the center of the IPF map (indicated by the arrow) it is clear 

that there is substantial intragrain misorientation.  The misorientation within the 

scanned region is visualized by plotting the out-of-plane orientation of each pixel 

1 μm

VBF IPF Lattice
frame

Figure 5-32. Comparison between the virtual BF image and IPF orientation map 
of the region used for strain mapping in the cold rolled Cu specimen.  
Misorientation plot below shows the point-to-point misorientation across the 
center of the IPF (indicated by arrow). 
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in an IPF standard triangle (Figure 5-33).  When compared to the pole figure 

obtained for the annealed Cu specimen (Figure 5-30) it is clear that there is 

significantly more orientation spread in the rolled Cu specimen.  Neglecting the 

isolated pixels assigned an incorrect orientation far from 101  (< 0.5% of pixels), 

all of the points are within 6° of the 101  axis.   

 
Figure 5-34 shows the strain maps recorded from the rolled Cu specimen.  It is 

immediately apparent that the calculated strain values are significantly higher in 

the annealed Cu specimen.  The A, C  coordinates are noted in the figure and 

correspond to the 100  and 010  directions, respectively.  The maximum strain 

value measured is 1.21%, which is substantially higher than the maximum value 

for the annealed Cu (0.096%).  The plot in Figure 5-33 shows a profile that plots 

the strain values of the pixels within the arrows on the strain maps, averaged 

Figure 5-33. IPF discrete plot containing all out-of-plane orientations from the 
region used to obtain a strain map from the annealed Cu specimen.  The 
magnified image on the right shows that there is significantly more orientation 
spread in the rolled Cu.  All points are within 6° of [101]. 
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across 3 pixels together with the ±23 strain resolution lines obtained from the 

annealed Cu.  The strain maps indicate varying levels of strain throughout the 

scanned region that correlates well with the contrast in the virtual BF image.  It 

must be determined if the changes in strain are caused by the dislocation 

structures created through the cold rolling process or if the strain measurements 

are artificially high due to orientation differences.  To verify the strain 

measurements, the raw diffraction patterns were analyzed to see if the strain 

measurements could be replicated.  Figure 5-35 shows the !"" map and three 

diffraction patterns recorded from different areas: tensile strain (red), reference 

(green), compressive (blue) strain.  It is immediately apparent that these patterns 

have slightly different orientation, as all of the diffraction spots in the reference 

pattern do not appear in either of the other patterns.  Since the Topspin strain 

calculation algorithm is proprietary, it is not clear if the lack of spots in other 

patterns will affect the resulting strain measurement.  The distance between the 

333  and the 333  (see Figure 5-36) diffraction spots can be calculated, and, as 

111  corresponds to the A-axis, the strain should result in a change in the distance 

between the diffraction spots; namely, tensile strain would decrease the distance 

between 333  and 333  and vice versa.  Figure 5-37 shows the three diffraction 

patterns with plotted intensity profiles ranging from the 333   diffraction spot to the 

333   diffraction spot.  The intensities were adjusted to ensure that sufficient
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intensity was present to locate all diffraction spots.  This altered the background of 

the profile, but not the location of the spots themselves.  Note that intensity was 

saturated at 250, resulting in the tops of the brightest peaks being cut off.  There 

are exactly 131 pixels between the 333  and 333  for each of the three scans.  

This indicates that the values measured by the Topspin strain calculation algorithm 

are only accurate when the same spots are present in the reference and 

experimental patterns (i.e. they are the same orientation).  This is an important 

result for the future studies that will utilize the Topspin automated NBED platform, 

and it limits the regions and types of specimens from which accurate strain 

measurements can be obtained.  Materials with high intragrain misorientation such 

as the cold-rolled Cu studied here, are not suitable for this technique unless the 

1 μm!""

Tension

Reference Compression

Figure 5-35. "## strain map from Figure 5-33 showing three diffraction patterns: 
Tension, Reference, and Compression and their location within the strain map. 
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analysis is done manually by measuring the location of diffraction spots.  It is 

necessary that the orientation remains the same throughout the scan region and 

region in which the reference is recorded.  It is likely that a cold-rolled Cu with a 

lower percent- reduction (~30%) would be a better candidate for strain 

measurement near LEDS than the 98.4% reduction Cu studied here.

Reference

33"3"

22"2"
11"1"

1"11
2"22
3"33

Figure 5-36.  Reference diffraction pattern showing the diffraction spots along 
[1-11], the x-axis in Figure 5-35, that can be used to manually calculate strain. 
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Figure 5-37. Intensity profiles for Tension, R
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pression diffraction patterns along [1 #11 ] from

 (33 #3 #) 
to (3 #33 ).  There is no change in the location of the diffraction spots, so there is no strain along the [1 #11 ] direction. 
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5.7. Chapter Summary 

In this chapter, it was demonstrated for the first time that automated NBED can be 

utilized to measure elastic 2D elastic strain with nanoscale resolution for 

polycrystalline metal and ceramic engineering materials.  The key results obtained 

from this study are as follows: 

• A 95% confidence strain resolution of 0.078% was obtained for boron 

carbide by calculating the strain variance over a strain map recorded from 

the center of a defect-free grain.  This value compares well to the strain 

resolution of 0.1% often reported for NBED [11, 19, 21].  

• A 95% confidence strain resolution of 0.156% was obtained for an annealed 

copper specimen using automated NBED.  This value is lower than the 

resolution typically reported for NBED, which can likely be attributed to the 

presence of defects throughout the film after annealing. 

• A simple model was developed to describe the strain parallel to boron 

carbide grain boundaries resulting from residual thermal stresses 

developed when cooling from the sintering temperature.  Results from the 

model were compared to measured profiles, reaching similar conclusions.  

This provides evidence that residual thermal stresses in hot-pressed boron 

carbide are a function of the boundary character. 

• It was shown that the elastic strain fields associated with twin boundary 

defects in magnesium can be measured using automated NBED.  This can 

be used to provide an experimental verification to current simulations that 

had not been previously possible [13, 46, 50]. 
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• Strain contrast corresponding to dislocations in and around a low-angle 

boundary in magnesium was acquired using automated NBED.  This 

suggests that the technique can be used to characterize the elastic 

distortion around dislocations 

• By analyzing strain maps recorded from copper cold-rolled to 98.4% 

reduction, it was determined that artificially high elastic strain values can be 

calculated for strain scans across which there is deviation from the 

orientation of the reference.  Similar reductions in strain resolution have 

been reported for specimens in which curvature exists [11].   
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CHAPTER 6: SUMMARY 

6.1. Review of key findings 

The goal of the research presented in this dissertation was to develop and utilize 

novel testing and characterization techniques to better understand nanoscale 

phenomena that govern the overall properties of materials.  Particular emphasis 

was placed on developing techniques to fabricate and test nanocrystalline (nc) 

metals that exhibit stress-driven grain boundary migration.  Orientation imaging 

microscopy (OIM) techniques were employed to obtain full 2D microstructural 

maps with nanometer-level resolution rich with microstructural details not easily 

attainable using previous techniques.  

 

First, a novel fabrication procedure was developed and presented that allows for 

the fabrication of freestanding tensile specimens of pure nc metals.  This 

procedure greatly increases the metals that can be tested.  Bimodal Cu 

specimens were deposited and tested ex situ.  Results from the ex situ 

experiments can be summarized as follows: 

• It was determined that the presence of large (~400	µm) grains into the 

nanocrystalline microstructure substantially increases ductility with a 

minor decrease in strength when compared to similarly fabricated 

specimens containing only nanocrystalline grains [1]. 

• A procedure to calculate grain size distributions for nanocrystalline metals 

that utilizes orientation imaging microscopy (OIM) was described and 
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compared to conventional TEM methods.  The grain size calculations 

from the two techniques were nearly identical, with the OIM method 

requiring substantially less time and measuring many more grains. 

• Stress-driven GB migration was observed to occur among the nc grains in 

the bimodal Cu microstructure 

 

To obtain time-resolved detail of deforming nc metals, the novel fabrication 

technique was used to produce Cu, Al, Au, and Mg specimens for in situ testing 

utilizing bright field and dark field characterization to directly observe stress-

driven GB migration at room temperature.  Results and conclusions from the in 

situ bright field and dark field characterization experiments can be summarized 

as follows: 

• Stress-driven grain boundary migration was observed in nc Al using bright 

field and dark field TEM video recording.  The velocity of mobile grain 

boundaries was measured to be on the order of 0.01	nm	s12.  A rapid 

grain boundary migration event was observed in which the boundary 

velocity exceeded 12	nm	s12. 

• This velocity was compared to that predicted by the model developed by 

Rajabzadeh et al that accounts for boundary migration by the glide and 

climb of disconnections [2].  The observed migration velocity was many 

orders of magnitude greater than the velocity predicted by the model, 

4×1015	nm	s12.  This difference is attributed to the low self-diffusion rate 

for Al at room temperature.   
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• This result precludes mechanisms that rely on self-diffusion for GB 

migration.  Among current theories for GB migration mechanisms this 

provides two possibilities: 

o The room temperature migration is driven almost exclusively by the 

migration of mobile disconnections, which can migrate along a GB 

without thermally-activated diffusion processes. 

o A different mechanism is responsible for low-temperature stress-

driven GB migration that does not rely on self-diffusion.  Possibly 

something more akin to the mechanism proposed by Cahn et al in 

which local conformations of atoms pass through a metastable 

state to assemble themselves in the lattice of the neighboring grain 

[3]. 

 

To enable the direct characterization of mobile GBs in nc metals, in situ 

experiments were developed that utilize OIM to map the full 2D microstructural 

snapshots of nc metals at various points throughout deformation.  Using this 

technique, nc Cu was studied and the following results were obtained concerning 

the mobility of GBs with respect to stress-driven migration.  Results and 

conclusions from the in situ OIM characterization experiments can be 

summarized as follows: 

• These experiments were the first in which the misorientation of specific 

GBs in a nc metal undergoing stress-driven GB migration were 

experimentally characterized. 
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• The misorientation of mobile boundaries was compared to static 

boundaries within the same grain.  It was determined that there is no 

strong correlation between GB misorientation and mobility, which agrees 

with simulations performed by Olmsted et al [4]. 

• Incoherent Σ3 boundaries are significantly more mobile than coherent Σ3 

boundaries within the same grain, as was predicted by Olmsted et al [4]. 

• Evidence was obtained that shows that grain rotation can occur in concert 

with stress-driven GB migration (as predicted by Cahn [3]); however, this 

is not the case for all grains. 

• An example was provided in which a triple junction pinned an otherwise 

mobile GB, indicating that the character and prevalence of TJs must be 

accounted for in addition to GB character when predicting the mobility of 

GBs in nc metals where stress-driven GB migration is active. 

• The possibility of stress-driven GB migration being an active deformation 

mechanism cannot be precluded by measuring the grain size of a film 

before and after straining, as has been done in past studies.  Local stress-

driven GB migration was observed in annealed nc Cu films for which there 

was no global grain growth upon straining. 

• Deformation twinning was determined to be an active deformation 

mechanism in the annealed nc Cu films.  Evidence of stress-driven twin 

nucleation, propagation, and growth were observed. 
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• It was observed that growing twins were wider at grain boundaries than at 

the center of the twin, indicating that twinning partial dislocations were 

emitted from GBs rather than the twin boundary in the grain interior. 

• By analyzing the misorientations of GBs and grains followed by the crack 

path, it was determined that Σ3 twin boundaries are avoided by the crack 

front.  This indicates that Σ3 twin boundaries have superior resistance to 

cracking, agreeing with grain boundary engineering literature [5, 6]. 

 

Finally, a novel technique was presented that utilizes automated nanobeam 

electron diffraction (NBED) to locally measure the elastic strains across 

crystalline regions.  This technique was applied for the first time to metal and 

ceramic systems in an effort to determine how local strains affect numerous 

physical phenomena, including deformation twinning.  Results from the 

automated NBED-bases straining experiments are as follows. 

• A 95% confidence strain resolution of 0.078% was obtained for boron 

carbide by calculating the strain variance over a strain map recorded from 

the center of a defect-free grain.  This value compares well to the strain 

resolution of 0.1% often reported for NBED [7-9]. 

• A 95% confidence strain resolution of 0.156% was obtained for an 

annealed copper specimen using automated NBED.  This value is lower 

than the resolution typically reported for NBED, which can likely be 

attributed to the presence of defects throughout the film after annealing. 
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• A simple model was developed to describe the strain parallel to boron 

carbide grain boundaries resulting from residual thermal stresses 

developed upon cooling from the sintering temperature.  Results from the 

model were compared to measured profiles, reaching similar conclusions.  

This provides evidence that residual thermal stresses in hot-pressed 

boron carbide are a function of the boundary character. 

• It was shown that the elastic strain fields associated with twin boundary 

defects in magnesium can be measured using automated NBED.  This 

can be used to provide an experimental verification to current simulations 

that had not been previously possible [10-12]. 

• Strain contrast corresponding to dislocations in and around a low-angle 

boundary in magnesium was acquired using automated NBED.  The 

spacing of strain peaks along the low-angle boundary correspond well with 

the expected spacing of basal dislocations for a 0.9˚ boundary.  This 

suggests that the technique can be used to characterize the elastic 

distortion around dislocations 

• By analyzing strain maps recorded from copper cold-rolled to 98.4% 

reduction, it was determined that artificially high elastic strain values were 

obtained for strain scans across which there is deviation from the 

orientation of the reference.  This demonstrates the necessity of 

performing automated NBED in grains with no substantial intragrain 

misorientation.   
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6.2. Future directions & recommendations 

The results and conclusions obtained from the work presented in this dissertation 

provides answers to many questions that were not possible utilizing previous 

techniques, but many further possibilities remain.   

 

The lift-off fabrication procedure presented here can be adapted to study many 

other nc materials beyond those presented here.  Suman Dasgupta has already 

utilized the technique to deposit nc films of Ni and Ni alloys [13].  There are many 

nc metals that have not yet been studied, for instance many of the BCC metals.  

Additionally, this technique provides the capabilities to obtain freestanding thin 

film specimens from non-metallic materials.  For example, nc yttria-stabilized 

zirconia (YSZ) is a relevant material for fuel cell applications [14, 15], and it can 

be deposited via sputter deposition [16].  There are currently no reported 

experiments that measure the mechanical properties of freestanding nc YSZ.  

The technique presented here could be readily utilized to test a wide variety of 

nanoscale materials for which techniques such as nanoindentation are currently 

the only method of mechanical characterization. 

 

With regard to stress-driven GB migration, the work presented here presents the 

possibility of further inquiry utilizing both simulations and experiments.  It was 

demonstrated that current models for stress-driven GB migration that require 

self-diffusion mediated disconnection climb cannot accurately predict migration 

velocities at lower temperatures.  Additional study is required to determine the 
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exact mechanism by which boundaries migrate at low stresses, and whether it is 

defect-mediated. 

 

Experimentally: the work done by Rajabzadeh et al is exceptional in that they 

used HRTEM to observe and characterize the disconnections at a GB then 

strained the specimen at high temperature using BF illumination and observed 

the migration of said defects [2].  Such an experiment would be very illustrative if 

done at lower temperatures.  There are significant experimental difficulties to be 

addressed: in the high temperature case, it was highly likely that the 

characterized GB would migrate.  At low temperature, as is seen throughout this 

dissertation, it is very difficult, a priori, to predict whether a given boundary would 

migrate.  Even after characterizing the misorientation, there is no discernable 

predictive measure one can apply to obtain the mobility of a GB from its 

character.  This is further complicated by the stress state within nc 

microstructures.  It would be a minor miracle if one could choose a GB, 

characterize it via HRTEM, and observe that boundary to move as a result of 

stress.   

 

The one exception, as presented in this work, is that incoherent Σ3 boundaries 

are highly mobile.  The following experiment would be very intriguing:  

i. Locate an incoherent Σ3 via TEM-OIM 

ii. Utilize HRTEM to characterize the disconnections on the boundary 
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iii. Strain the specimen such that the incoherent Σ3 boundary migrates 

slightly 

iv. Characterize the disconnections on the boundary via HRTEM again 

The resulting observations of how the defects are generated, glide, and multiply 

would provide fantastic insight into how GB defects contribute to the stress-

driven migration of boundaries at low temperatures.  Marc Legros has often 

stated that the defects on GBs are extremely important with regard to their 

mobility, and this experiment would greatly help to test that hypothesis. 

 

Through simulations, the microstructure can be observed at an atomic level far 

easier than through experiment.  Thus, MD simulations provide an intriguing 

avenue for suggesting the mechanisms that are responsible for low-temperature 

stress-driven GB migration.  Much of the current simulations do not take into 

account the mechanisms by which boundaries migrate.  See, for example, the 

simulations performed by Olmsted et al at Sandia National Laboratory [4, 17].  A 

recent publication compares the motion to that predicted by Cahn through the 

shear-coupling mechanism [3], but no general conclusions were obtained [18].  

These simulations are further restricted by the use of a ‘synthetic driving force’ 

instead of an applied shear stress and the fact that they are restricted to flat, 

defect-free, CSL boundaries.  Still, it would be very intriguing to observe the 

migration mechanism in MD simulations and use those results to direct what 

should be focused on through experiments. 
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Another observation presented in this work was the importance of triple junctions 

(TJs) in the nanocrystalline microstructure.  Some recent simulations have 

studied the effects TJs have in regard to stress-driven GB migration in nc 

materials, and it was suggested that they typically impede the motion of GBs [19, 

20].  From this work, it was shown that there can be both sessile and mobile TJs.  

This difference can likely be attributed to the character of the TJ.  It is difficult to 

experimentally characterize TJs, because the orientation of the three neighboring 

grains must be determined, as well as the line direction of the TJ.  But 

simulations might be able to discern the correlation between TJ character and 

mobility. 

 

Automated NBED was used for the first time to measure local strains in 

engineering metals and ceramics.  This technique is extremely promising and 

can be applied to a wide range of materials to enhance our understanding of 

physical phenomena.  For the material systems studied here, the following future 

work would be interesting: 

• Boron carbide: fully characterize various precipitates and their associated 

defects using HRTEM and map the strains around them afterward to 

determine if the strains correspond with predicted values.  Additional work 

is underway to improve the thermal elastic strain model presented in this 

work using FEM. 

• Magnesium: prepare a specimen with the twin tip in the electron-

transparent region.  Strain was measurable at a twin boundary defect, but 
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that strain should be increased at the twin tip, and this measured strain 

could benchmark the value currently being used by simulations [10-12, 

21]. 

• Copper: utilize a rolled specimen of less % reduction to study the strain 

fields near low-energy dislocation structures.  That would greatly reduce 

the error introduced by having significant misorientation within mapping 

regions. 

 

There are countless other material systems that could benefit from the ability to 

locally measure elastic stresses and strains from a prepared TEM specimen.  An 

additional desired capability would be to write a code, in MATLAB for example, 

that imports the elastic strain values and the elastic constants of the material and 

provides an elastic stress map.  This would greatly assist in visualizing stress 

fields in highly anisotropic materials. 
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APPENDICES 

A1. Grain boundary misorientation nomenclature 

A grain boundary (GB) is a plane that joins two crystals of the same phase and 

dissimilar orientation.  The boundary joining dissimilar phases is typically referred 

to as a phase boundary.  GBs often have properties that correlate to their 

character, which requires five parameters to fully define.  Conventions have been 

developed that are often used to describe GB character.  For an excellent, 

comprehensive resource that describes in detail the concepts discussed briefly in 

this appendix, the reader is referred to [1].  The author owes much of his 

knowledge pertaining to orientation and GB character to this book.  Figure A1-1 

shows a schematic of an arbitrary GB.  Grain 1 has its orientation fully defined by 
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Grain 1 Grain 2

Figure A1-1. Schematic of an arbitrary GB joining two crystals with orientation 
defined by the misorientation between Grain 1 and Grain 2 together with the 
angles 82 and 89 that define the boundary plane.  
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principle directions :2, ;2, and <2.  Similarly, the orientation of Grain 2 is fully 

defined by the inclination of three principle axes.  At most three rotations are 

required to obtain one rotation from another.  Thus the ‘misorientation’ of the 

boundary can be represented by three ‘Euler angles’ representing three lattice 

rotation operations.  There are multiple conventions for these rotations, but the 

angles developed by Bunge in 1965 remains the most prevalent [2, 3].  By the 

Bunge convention defines three angles =2, Φ, and =9.  For a description of these 

angles with graphical representations, see [1].  The misorientation provides three 

of the five requisite parameters needed to fully define a GB. 

 

Another common representation of misorientation is the ‘axis-angle’ convention, 

represented schematically in Figure A1-2.  A common direction, uvw , shared by 

the two grains is located, which determines two of the three misorientation 

Rotation 
Angle, !

"#

Common axis
uvw = 001

30°
",

-# .#
-,.,

Grain 1 Grain 2

Figure A1-2. Schematic the axis-angle convention for representing 
misorientation.  A shared direction [uvw] is located in the two grains, and the 
rotation, 8, about the [uvw]-axis to superimpose the lattices is determined.  
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parameters.  The minimum angle, 8, required to rotate the grains relative to one 

another to superimpose the lattices defines the third.  The axis-angle 

misorientation is typically shown as 8 uvw , and the simple case for a 30° 001  

misorientation is shown in the figure.  Axis-angle misorientation is a commonly 

used convention, because it represents a physical direction and rotation in the 

crystal.  This makes it much easier to interpret than more abstract 

representations of misorientation, such as Euler angles. 

 

The final two parameters needed to fully define a GB are 82 and 89, the angles 

which define the plane between the two crystals.  It is sometimes the case that 

the GB plane corresponds exactly to a crystal plane on either side of the 

boundary, in which case the final two parameters can be provided by the lattice 

plane, hkl , in either grain along the boundary.  Often, the boundary does not 

follow a plane in which hkl are rational.  In those cases, hkl  can be 

approximated by decimal values or 82 and 89 can be provided. 

  



 309 

A2. In situ specimen fabrication procedure technical 

details 

The following is step by step guide for the fabrication of the thin film lift-off 

specimens for the in situ TEM straining experiments. Adapted from [4]. 

1. Start with a 100mm diameter single side polished Si wafer substrate. The 

orientation, thickness, and doping of the wafer are irrelevant. 

2. Clean the wafer with acetone, then isopropyl, and finally DI water. Dry the 

wafer and place on a 150°C hotplate for a dehydration bake. 

3. After 10 minutes remove the wafer from the hotplate and allow it to cool to 

room temperature. 

4. Spin on Futurex NR9-3,000PY negative resist at 3,000rpm for 30 seconds. 

This will yield a 3μm thick resist layer. 

5. Soft-bake the wafer at 150°C for 1 minute and then let the wafer cool to 

room temperature. 

6. Use the EVG 620 mask aligner to pattern the in situ TEM tensile geometry 

into the resist with the following settings: top-side alignment process, hard 

contact, and exposure at a constant energy of 200mJ. 

7. Perform a post exposure bake on a 100°C hot plate for 1 minute and then 

cool the wafer to room temperature. 
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8. Develop the exposed resist in Futurex RD6 developer for ~20 seconds (or 

until the pattern is defined) with mild agitation. 

9. Remove the wafer from the developer, thoroughly rinse with DI water, and 

then dry. It is critical to make sure all of the developer has been removed 

as residue can adversely affect the finish of the deposited film. 

10. Load wafer into the e-beam evaporation system for Cu film deposition.  

11. After deposition, remove the substrate and use a diamond scribe to dice the 

wafer into small sections containing four or five films each. 

12. Using an ultrafine, single hair brush, apply a drop of acetone-resistant epoxy 

on both ends of the specimen. 

13. Using a stereomicroscope, place the Cu straining grid onto the specimen, 

ensuring that the gauge is viewable through the central window and parallel 

to the side strips. 

14. Allow epoxy to cure for at least 2 hours. 

15. Place a piece of the sectioned wafer with attached Cu grids, specimen-side-

up, into a dish of acetone for lift off. Be sure to line the bottom of the dish 

with filter paper. 

16. After 15-20 minutes, gently touch the edge of the attached straining grid 

with tweezers; if the film is released it should move easily. 
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17. With two pairs of tweezers, one in each hand, carefully flip the straining grid 

over, so the thin film specimen is facing up. 

18. Lift the specimen out of the acetone at an oblique angle using tweezers. 

19. Place the specimen on filter paper to dry.  

20. The specimens can now be carefully handled with tweezers and loaded into 

the TEM for analysis.  
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A3. Drawings for ex situ  and in situ specimens & masks 

Figures A3-1 through A3-7 show drawings for the masks and specimens used for 

in situ and ex situ testing.  All dimensions are in mm. 

 
 

Figure A3-1. Drawing for ex situ specimen photolithography mask. Dimensions 
in mm. 
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Figure A3-2. Drawing for ex situ tensile specimen.  Dimensions in mm. 
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Figure A3-3. Drawing for ex situ tensile polypropylene loading frame.  
Dimensions in mm. 
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Long Gauge Short Gauge

Short Gauge 
With Notch

Figure A3-4. Drawing for in situ specimen photolithography mask.  Dimensions 
in mm.  Locations of specimen geometries are indicated. 
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Figure A3-5. Drawing for in situ specimen with the ‘Long Gauge’ geometry.  
Dimensions in mm. 
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Figure A3-6. Drawing for in situ specimen with the ‘Short Gauge’ geometry.  
Dimensions in mm. 
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Figure A3-7. Drawing for in situ specimen with the ‘Short Gauge With Notch’ 
geometry.  Dimensions in mm. 
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A4. Data collection for TEM-based orientation mapping 

1. General alignment is performed on the TEM (eucentric height, 

astigmatism correction, etc.) 

2. Using imaging mode in the TEM (typically with no objective aperture 

inserted), the Gatan Accutroller Model 902 is used to actuate the 

straining holder until the specimen is taut, which is indicated by a lack 

of translation of the film as small strain increments are applied. 

3. Area of interest is located.  Typically, the thinnest region of the gauge 

or the notch (if present in the sample)  

4. TEM is aligned for OIM (Section 4.2.1.1.) and placed in diffraction 

mode.  Sufficiently small camera length for the entire diffraction pattern 

to fit on the small phosphor screen is necessary.  

5. OIM scan is recorded from the region of interest using the 

NanoMEGAS acquisition program with the following inputs, as needed 

a. Step size – Typically 3-10 nm 

b. Number of points in X and Y directions to create the desired size of 

scan area – Typically 100-500 points in each direction 

c. Exposure time – Depends significantly on specimen.  Chosen 

exposure time must provide adequate contrast for diffraction points 

to enable indexing of patterns.  Too long of an exposure time can 

result in exacerbation of specimen drift and e-beam contamination 
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6. File is saved to a user-specified location as a .blo file to be analyzed 

(A5). 

A5. Data analysis for TEM-based orientation mapping 

The first step is to create the bank (.bnq) file of simulated diffraction patterns 

using the DiffGen NanoMEGAS program: 

Upload the lattice parameters and atom locations using a .cif file or through 

manual entry: 

Create the .bnq file and save it to a user-specifed location.  The step count 

controls the number of simulated patterns in the .bnq file.  This will alter the 

angular resolution and analysis time for indexing.  For cubic systems, 1000-

1500 provides suitable angular resolution 

The next step is to upload both the .blo file to be indexed and the created .bnq 

file to the NanoMEGAS Index program: 



 321 

The pattern fit will likely return a poor reliability and correlation index initially 

(below is off-center with a camera length of 10.00mm): 

The “Centering” and “Cam. Length” must first be matched to the dataset, 

which should greatly increase the “Index” and “Reliability” Values (Below is 

properly centered with a camera length of 12.75mm) 
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Parameters on the “Picture” tab are modified so that the chosen simulated 

pattern best fits the experimental pattern (i.e. maximize Index and Reliability).  

Steps 4 and 5 should be done iteratively until a suitable orientation is chosen 

for pixels selected across the mapped region 

 

Index the .blo file and save the result (.res) file to a specified location 

Use the NanoMEGAS MapViewer program to export the .res file into an .ang 

file 

The .ang file can be opened using the EDAX EBSD analysis software and 

analyzed using any of the tools and features included. 
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