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Abstract

The increasing demand for better structural materials creates many extreme

and complex conditions under which the relevant dislocation physics have

not been well understood. This thesis computationally investigates the fun-

damental dislocation physics under several extreme and complex conditions

such as small lengthscale, short timescale, high stresses, deleterious impurity

environment and convoluted alloying effects. These extreme and complex

conditions are widely encountered in materials for nano-technology, space

exploration, and advanced structural applications. Using atomistic simula-

tions and experimentally-relevant modeling, this thesis work offers several

important insights into the mechanical behaviors of nanoscale metals, body-

centered-cubic metals and complex concentrated alloys. First, in the sub-50

nm regime, surface stresses impose significant influences on the thermally acti-

vated nucleation of dislocations, leading to material strengths following either

the “smaller is stronger” or “smaller is weaker” trend. Second, strongly over-

driven high-speed dislocations, created under ultra-high stresses, often show

counter-intuitive kinetic-energy-dominated behaviors, defeating the textbook-

described potential-energy controlled dislocation reactions and leading to

strongly correlated plasticity. Third, the core machinery of screw disloca-

tions plays a crucial role in creating, transporting and accumulating vacancies

underlying the damage initiation of embrittlement for body-centered-cubic

niobium containing low levels of oxygen. Last but not least, dislocations
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in complex concentrated alloys show a wide range of distinct features from

that in elemental metals and conventional alloys, demonstrating pronounced

strengthening potential by means of tunable local chemical order, a tell-tale

feature of complex concentrated alloys. These uncovered dislocation physics

under typical extreme and complex conditions are expected to expand our

understanding on various mechanical properties such as yielding, strain hard-

ening, plasticity and damage.

(Advisor: Prof. Evan Ma)

(Second reader: Prof. Mingwei Chen)
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Chapter 1

Introduction

1.1 Motivation

Crystals are more interesting when they contain defects. By breaking local

symmetries, defects bring fundamental influences to the electronic structures,

thermodynamics and kinetics, and mechanical behavior of materials. Defect

engineering such as the control of defect types, distributions and mutual

interactions leads to far-reaching consequences for the behavior of materials.

One of the most impactful examples is dislocation-mediated crystal plas-

ticity that plays an essential role in metallurgy. The discovery of various

dislocation-based mechanisms and the establishment of dislocation theories

have led to a wide range of materials manufactured with desired properties,

constituting an essential step towards the ultimate goal of designing materials.

Nevertheless, rapid technology innovations have been constantly expanding

materials research into unprecedented territories under extreme and complex

conditions (ECCs), leading to an increasing number of unconventional or

even counter-intuitive scenarios. For example, nanotechnology has created
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a wide range of dislocation-free metals in which plasticity generally kicks in

at ultra-high stresses and proceeds in a dramatic and uncontrollable fashion

characterized by large strain bursts on extremely short time-scale [1–12]; some

ductile metals (e.g., niobium) may become extremely brittle when alloyed

with a tiny amount of certain elements (e.g., oxygen) [13–18]; and advanced

alloys by mixing multi-principal-elements (often called high-entropy alloys,

HEAs [19–29]) can reach unfamiliar mechanical properties well beyond the

conventional concept of solvent-solute alloys. This list could become much

longer due to the increasing demand for better performances of various struc-

tural materials, highlighting the significance and pressing need to understand

the critical dislocation physics under relevant ECCs.

These ECCs impose considerable challenges on resolving the critical dis-

location structures and dynamics on various time- and length-scales. On

the one hand, typical experimental techniques such as transmission electron

microscopy are still unable to clearly resolve atomistic-level dislocation dy-

namics on extremely short timescale, such that the key dislocation processes

under most of the ECCs still remain elusive. Some of these unresolved but

crucial dislocation processes include high-speed dislocation motion, atomistic

level interactions between screw dislocations (SDs) and deleterious impurities,

and dislocation motion in complex concentrated alloys with variable local

chemical order. On the other hand, new computational techniques and appro-

priate theoretical modeling are highly desired to achieve atomistics-informed

understanding on experimental phenomena. Regarding lengthscale, critical
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links or insights are often required to extrapolate from small lengthscale atom-

istic simulations to large lengthscale experimental phenomena. A special case

is nanoscale materials, which could take advantage of having comparable

lengthscale (100 –102 nm) in both simulations and experiments, provided that

new algorithms can be developed to alleviate the intensive computations in

certain cases. Similar challenges are also present for the timescale. For exam-

ple, properly sampling rare events and the configuration space of complex

materials are crucial to understanding the rate-limiting steps in thermally acti-

vated dislocation processes. A special case is high-speed dislocations which

may travel at speeds close to sound speeds such that atomistic simulations

are actually able to capture the extremely fast motion process. In addition to

these timescale-lengthscale challenges, the aforementioned ECCs also require

realistic interatomic potentials capable of properly describing materials under

high stresses, various interactions between dislocations and point defects, as

well as correct local chemical ordering in alloys with multi-principal-elements.

This thesis focuses on the fundamental dislocation behaviors under the

aforementioned ECCs, in an effort to address the above scientific challenges

and to achieve better understandings on some unconventional mechanical be-

haviors and long-standing elusive phenomena. Among others, the following

crucial topics constitute the main content of this thesis: a) surface disloca-

tion nucleation in nanoscale crystals; b) correlated breeding of high-speed

dislocations; c) deformation twinning (DT) via surface rebound of relativistic

dislocations; d) SDs under the random-force-field imposed by impurities in
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body-centered-cubic (BCC) metals; and e) dislocations in complex concen-

trated alloys (HEAs or MEAs, medium entropy alloys) with variable local

chemical ordering. These topics cover a wide range of ECCs such as small

length scale, high stresses, random force field, and convoluted alloying effects.

The outcome of these critical topics would impact a wide range of mechanical

properties such as strain hardening, yielding, plasticity and damage, offering

new insights into designing better structural materials.

1.2 Problem statement and thesis organization

This thesis is a computational investigation on the fundamental dislocation

physics under several representative ECCs. Modeling and simulations with

the state-of-the-art techniques/methods have been employed to reveal dislo-

cation mechanisms underlying experimental phenomena. Chapter 2 will first

introduce the fundamental concepts and methods employed in this thesis. All

the other Chapters are outlined as follows.

1.2.1 Surface dislocation nucleation in nanoscale crystals

Being the building block of nanotechnology, nanoscale crystals such as nanowires

and nanoparticles are becoming increasingly important. With characteristic

lengthscale on the order of 100 –102 nm, nanoscale crystals have very high

surface-to-volume ratio and can be considered as an extreme crystal state. On

the one hand, nanoscale crystals are generally dislocation free (i.e., dislocation-

starved state) [5–7, 9–12, 30–33], due to the strong image-force attraction which
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renders the internal dislocation sources unstable and dislocation storage dif-

ficult [3, 4, 34, 35]. Both top-down (e.g., focused-ion-beam) and bottom-up

(e.g., crystal growth under equilibrium conditions) methods can produce such

dislocation-free small-volume samples. Due to such pristine nature, dislo-

cations are often nucleated form free surfaces [12, 32, 36–39]. Consequently,

nanoscale crystals generally show ultra-high strength, achieving a significant

fraction of the ideal strength [40, 41]. On the other hand, unlike bulk materials,

nanoscale crystals bring forth abundant under-coordinated surface atoms,

leading to significant surface stresses [42–45] that influence a wide range of

physical properties. Thus surface stresses become an important factor as one

discusses the mechanical properties of nanoscale metals. Specifically, the re-

sultant Laplace pressure (e.g., compressive stresses on interior atoms), which

inversely scales with the sample size, could lead to size dependent materials

properties. Under these extreme crystal conditions, i.e., dislocation-starved

state and large surface stresses, thermally activated dislocation nucleation

from surfaces is of particular interest.

In Chapter 3, thermally activated surface dislocation nucleation is sys-

tematically investigated for sub-50 nm face-centered-cubic (FCC) Cu crystals.

The activation free energies of these sub-50 nm samples are obtained by

combining multiple transition state calculation methods such as modified

activation-relaxation technique (ART), nudged elastic band (NEB) method,

constrained molecular dynamics and thermodynamic integration. These cal-

culations reveal a strong sample size dependence of the activation free energy

as a function of the applied axial stress, which is further explained by a robust
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parameter, i.e., the local maximum resolved shear stress (LMRSS) taking into

account both the applied axial stress and surface stresses. These calculated

activation free energies, when fed into the transition state theory, leads to

strong sample size dependent strength at finite temperature and laboratory

experimental strain rates. Tensile loading and compressive loading result

in reverse sample size dependence of the activation free energy and hence

material strength, highlighting a “smaller is weaker” regime for the sub-50

nm samples, in addition to the well-established “smaller is stronger” trend. A

linear relation between the activation entropy and activation enthalpy (Meyer-

Neldel compensation rule) is found to work well across a range of stresses

and sample sizes.

1.2.2 Strongly correlated breeding of high-speed dislocations

Plastic deformation in pristine (at least dislocation-free) nanoscale crystals

generally initiates at ultra-high stresses. For example, very often nanoscale

crystals show rapid catastrophic structural collapse once the external loading

reaches certain ultra-high stresses [1, 3–8]. In terms of stress-strain curves,

such rapid structural collapses often correspond to large strain bursts or sig-

nificant stress drops. The detailed processes and underlying mechanisms

of such violent plasticity often escape the detection of the state-of-the-art in

situ transmission electron microscope (TEM), due to limited time resolution.

However, post-mortem examination of the deformed samples indicates dislo-

cation and/or deformation twinning dominant plasticity. Such uncontrollable
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and dramatic plasticity initiated at ultra-high stresses implies strong spatial-

temporal correlations in the underlying dislocation dynamics, highlighting

another extreme scenario for dislocation physics. A better understanding of

this phenomenon is not only of significant scientific interest but also helps

develop strategies for more controllable plasticity in nanoscale crystals.

The observed rapid structural collapse in nanoscale crystals presumably

involves high-speed dislocations and their efficient breeding. This is because

a) dislocations nucleated under ultra-high stress levels could be accelerated,

without any significant dissipating obstacles in the pristine crystal, to reach a

speed close to that of sound; and b) the rapid and large plastic deformation is

not likely to be accomplished by slowly moving dislocations and inefficient

dislocation sources. Therefore, efficient breeding of high-speed dislocations is

crucial for the strongly correlated plasticity observed.

Chapter 4 deals with this interesting topic. The speed dependent behaviors

of various types of dislocations in FCC metals are investigated using large

scale molecular dynamics (MD) simulations. The simulation results demon-

strate a sharp transition from the conventional potential energy dominant

reactions to the counter-intuitive kinetic energy dominant reactions, once the

dislocation speed reaches a critical fraction of the sound speed. For example, a

high-speed dislocation can “rebound” when hitting a free surface rather than

simply annihilate. When two high-speed dislocations collide, they can “pene-

trate” through each other. An individual dislocation can even spontaneously

generate multiple dislocations via self-dissociation. These anomalous mecha-

nisms lead to rapid proliferation of dislocations that are strongly correlated
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both spatially and temporally. A new criterion for these strongly overdriven

reactions is proposed based on the relativistic dislocation mechanics and ver-

ified through atomistic simulations. These new multiplication mechanisms

for high-speed dislocations are expected to play a role in high-strain-rate

and high-stress plastic deformations such as the aforementioned structural

collapse of nanoscale crystals.

1.2.3 Deformation twinning initiation via surface rebound of
relativistic dislocations

Deformation twinning is another important route for crystal plasticity [46].

Compared to the incoherent ordinary dislocation plasticity, the slip activi-

ties underlying DT are strongly correlated, leading to perfect slip coherence.

Such perfect slip coherence imposes even more stringent requirements if the

DT process occurs on extremely short timescale. For example, in nanoscale

crystals, it has been shown that DT often initiates at ultra-high stresses and

meanwhile on a very short timescale [9–12], indicating extremely stringent

spatial and temporal coordination of twinning dislocations, i.e., the right type

of partial dislocations has to be generated on consecutive atomic planes one

after another within an extremely short time interval. This casts doubt on

conventional DT mechanisms such as various pole mechanisms [47, 48] and

the widely believed thermally activated nucleation (TAN)[32, 37, 38, 49], due

to the pristine nature of the deformation volume and possible long waiting

time for thermally activated events.

In Chapter 5, such strongly correlated DT initiation process is investigated
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in nanoscale crystals of Cu, using atomistic simulations/calculations com-

bined with harmonic transition state theory. The simulation results illustrate

that while the first dislocation to initiate DT must come from a TAN event,

subsequent twinning dislocations can be generated successively on each and

every consecutive atomic plane by a surface-rebound process of relativistic

dislocation. Furthermore, the transition state theory, based on the calculated

nucleation barriers of twinning dislocations, suggests that the surface-rebound

process generally takes significantly less time compared to TAN process, in-

dicating strong temporal correlation. This highly efficient surface-rebound

sustained (SRS) mechanism is shown to dominate over the TAN mechanism

in a wide range of experimental conditions. The activation energy calculations

also confirm that surface rebound is a consequence of the strongly overdriven

dislocation core carrying sufficiently high kinetic energy to overcome the

static nucleation energy barrier of new dislocations. This SRS mechanism is

expected to operate in high-stress or high-strain-rate deformation in general,

where high-speed dislocations interact with interfaces.

1.2.4 Screw dislocation under the impurity-imposed random
force field in BCC metals

Embrittlement has been a notorious issue for BCC metals that contain just

a small amount of certain light elements [13–18], imposing significant chal-

lenges to the processing and applications of these metals. As a key step in

the development of embrittlement, damage initiation has been a mysterious

process for many years. Screw dislocations are expected to play a crucial role

in accumulating damage, due to their significantly low mobility and complex
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glide behaviors generating point-defects [50–55]. In the presence of strongly

interacting light elements [56], the energy landscape for screw dislocation

motion would be further complicated. For example, impurities in the core

region may significantly alter the local core structure of screw dislocations [57];

the randomly distributed impurities may generate a short to medium ranged

force field introducing significant randomness in kink activities; and there

would also be complex interactions between screw dislocations and various

point-defects binding with impurities. Under such complex conditions, how

screw dislocations glide and interact with various point defects are thus of

particular importance to understand the damage initiation.

Chapter 6 is devoted to the gliding behaviors of SDs by taking into account

of the complex influences of oxygen impurities in niobium. Using atom-

istic simulations with a newly developed empirical potential for the Nb-O

system, a concrete mechanism underlying the damage initiation of oxygen

embrittlement in niobium was proposed. Specifically, three highly efficient

processes underlying the nano-cavity formation have been revealed. First,

excessive point defects are readily generated by SDs moving through the

random force field imposed by low-level oxygen impurities. Second, oxygens

strongly bind with vacancies, leading to a biased stabilization of vacancies

while self-interstitials move away efficiently upon passing SDs. Third, moving

SDs efficiently accumulate vacancies by either dragging out vacancy tubes or

mechanically relocating individual vacancies along the dislocation line direc-

tion. These highly efficient processes together lead to rapid damage initiation

in oxygen-containing niobium and have general implications for BCC metals
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suffering from light-element induced embrittlement.

1.2.5 Dislocations in complex concentrated alloys with vari-
able local chemical order

Multi-principal-element single-phase solid solutions are emerging as a new

class of alloys exhibiting excellent combinations of mechanical properties [28,

29, 58–60]. A key assumption in the original design concept [19] of such alloys

is that the high configurational entropy, as expected for an ideal solution

with near equimolar compositions, may act as the key factor in stabilizing

single-phase solid solutions, hence the name "high entropy alloys". However,

inevitable enthalpic interactions render such chemically disordered solid

solution rare and metastable, except at very high temperatures. In real world,

HEAs are not necessarily, and in fact usually not, random solid solutions;

instead HEAs are a class of alloys characterized by their metastable nature

through various partial local chemical orders (LCOs) [61–69]. In the presence

of variable complex LCOs, the dislocation structure and dynamics associated

with real-world HEAs still remain poorly understood.

Chapter 7 highlights a new perspective to set HEAs apart from traditional

solvent-solute SSs. Specifically, atomistic simulations based on a realistic

empirical potential for the Ni-Co-Cr model demonstrate that at a given overall

composition the LCO changes conspicuously with alloy processing, giving

rise to a wide spectrum of generalized planar fault energy, in terms of both

its sample-average and spatial variation (local fault energy on nanometer

scale). The variable LCO significantly changes the energy landscape and

activation barriers encountered by dislocations, influencing their selection of
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pathways in slip, faulting, twinning and martensitic transformation. As such,

the partial chemical order in a single-phase HEA opens a vast playground

not accessible to either random solutions or ordered intermetallics and hence

rich property possibilities that are yet to be exploited, including LCO-induced

strengthening.
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Chapter 2

Concepts and methods

2.1 Atomistic simulations

2.1.1 Modeling atoms

Before we start any atomistic simulations, the first question we ask would

always be how to model the atoms. An atomistic system consists of nuclei and

electrons, with nuclei possessing most of the mass and electrons setting the

spatial scales. For the general purpose of atomistic simulations, the motion

of nuclei and electrons can be separated, based on the Born-Oppenheimer

approximation which assumes that electrons move much faster than nuclei

and are always in the lowest accessible energy state for any instantaneous

nuclei positions. The total energy of the system can then be decomposed into

the energies due to nuclei and electrons, respectively.

Etot = En + Ee (2.1)
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where the energy due to nuclei can be simply expressed as

En (p1, · · · pN; r1, · · · rN) =
N

∑
i=1

p2
i

2mi
+

N

∑
i=1

N

∑
j=i+1

ZiZje2

4πϵ0rij
(2.2)

where pi is the momentum of nucleus i and rij is the distance between nucleus

i and nucleus j. By quantum mechanics with the ground state assumption, the

energy due to electrons is also a function of nuclear positions,

Ee = Ee (r1, · · · rN) (2.3)

Therefore, equivalently we can write the total energy of the system as a

function of both nuclear momenta and nuclear positions.

Etot = KE (p1, · · · pN) + U (r1, · · · rN) (2.4)

Note that U in Eqn. 2.4 accounts for the potential energy from both nuclei

and electrons. An essential task in atomistic simulations is to determine this

nuclear positions dependent potential energy.

In this thesis, we are concerned with metals which can be pictured as ions

submerged in a sea of delocalized electrons. The embedded atom method

(EAM)[1] was developed in this context, in an effort to provide a good descrip-

tion of the many-body potential for metals. The formula of EAM potential

contains two parts; the embedding energy and the pair-wise interaction. Then

the total energy of an elemental system is represented as

Etot =
1
2 ∑

ij
V
(
rij
)
+ ∑

i
F (ρi) (2.5)

where V(rij) is a pair potential function depending on the interatomic distance
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rij, F is the embedding energy as a function of the electron density ρi at site i

by all other atoms in the system.

ρi = ∑
j ̸=i

ρ
(
rij
)

(2.6)

where ρ(r) is the electron density function. The specific functional forms of

V(r), ρ(r) and F(ρ) vary in practical parameterizations. If the system has

multiple species (as in Chapter 6 and Chapter 7 of this thesis), the potential

energy of an embedded atom i should take into account of element types.

Ei = Fα

(
∑
j ̸=i

ρβ

(
rij
))

+
1
2 ∑

j ̸=i
ϕαβ

(
rij
)

(2.7)

where α and β are the element types of atom i and j, respectively. ρβ is the

charge density function of β, Fα is the embedding function of α, ϕαβ is the pair

potential function between α and β. There have been many excellent EAM

potentials for studying the mechanical properties of metals and alloys. In this

thesis, we employ a well-developed and widely used EAM potential for Cu

[2] in Chapter 3 – Chapter 5. However, there are no published EAM potentials

for the systems considered in Chapter 6 and Chapter 7, so two new EAM po-

tentials were developed1 for the purpose of this thesis work. Comprehensive

validations of the new EAM potentials can be found in Appendices A and B.

2.1.2 Molecular dynamics

Once we have a reliable interatomic potential, the motion of atoms in a system

could be directly simulated, hence the name molecular dynamics (MD). The

1By our collaborator Prof. Howard Sheng at George Mason University
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motion of all atoms can be described by Newton’s 2nd law.

dpi

dt
= fi (r1, · · · , r3N) = −∂U (r1, · · · , r3N)

∂ri
,

dri

dt
=

pi

mi
(2.8)

Eqn. 2.8 can be integrated using, for example, the velocity verlet integrator.

The position ri, velocity vi and the acceleration ai of atom i are updated

according to

ri (t + ∆t) = ri (t) + vi (t)∆t +
1
2

ai (t)∆t2

ai (t + ∆t) =
1
m

fi (t + ∆t)

vi (t + ∆t) = vi (t) +
1
2
[ai (t) + ai (t + ∆t)]∆t

(2.9)

An appropriated time step ∆t should be chosen for the integration in Eqn. 2.9.

A good rule of thumb is that the time steps must be 1%–5% of the nature time

scale (e.g., the Einstein frequency of the solid). In this thesis, we choose ∆t to

be around ∼ 1 fs.

Periodic boundary conditions (PBCs) are often used in MD simulations

to eliminate surface effects on measured physical properties. In our case, the

EAM potentials often have a short-ranged cutoff radius, due to the considera-

tion of computational efficiency. If the simulation box is too small, artificial

self-interactions of atoms would show up. To avoid such self-interactions,

the simulation box length L should be greater than or equal to two times

the potential cutoff radius rc, i.e., L ≥ 2rc. This is in consistency with the

minimum image convention: for the interactions between a center atom i and
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a neighbor atom j, only the closest copy of j is considered.

rij = min
ri − rj + nµLµ

 (2.10)

where Lµ is the box vector along µ direction, nµ = 0,±1 and the Einstein

summation convention is applied. In case of long-range interactions such

as electrostatic forces, PBCs should be used in conjunction with Ewald sum-

mation. Other artifacts introduced by PBCs includes the inhibition of long

wavelength, truncation of long-range stress field and so on.

Isothermal MD simulations are of significant importance. There are many

methods to control temperatures in a MD simulation. For example, the Ander-

sen thermostat maintains a constant temperature through the elastic collisions

with particles from the fictitious heat bath. The Langevin thermostat, on the

other hand, follows the fluctuation dissipation theorem which states that the

energy dissipation rate is related to the fluctuations felt by a particle. So in

Langevin systems, the dynamics are additionally altered by random kicks and

a dissipative force:
dvi

dt
=

fi

mi
− Γvi +

Wi (t)
mi

(2.11)

where Γ controls the dissipation rate to the heat bath and the random kicking

forces Wi must be uncorrelated in space and time. The most widely used

method for isothermal MD is the Nosé-Hoover thermostat [3, 4]. In this

method, a fictitious dynamical variable η is introduced to slow down or

24



accelerate particles until the temperature is equal to the desired value.

mi
d2ri

dt2 = fi − ηmivi

dη (t)
dt

=
1
Q

[
1
N

N

∑
i=1

mi
v2

i
2

− 3
2

kBT

] (2.12)

where Q is a measure of the coupling between the system and the bath. A

more interesting perspective on the Nosé-Hoover method shows up if we

consider a system with the following Hamiltonian:

HNose =
N

∑
i=1

p2
i

2mis2 + U(r1, · · · , rn) +
p2

s
2Q

+ gkBT ln s (2.13)

The newly introduced coordinate s has a potential gkBT ln s, and its conjugate

momentum ps has a corresponding mass, Q. As seen, when s increases the

effective mass of all particles increases. Although the energy of the simulated

physical system fluctuates, the energy of the physical system plus the heat

bath (i.e, the Hamiltonian in Eqn. 2.13) is conserved. It can be shown 2 that

this constructed Hamiltonian system when simulated in the microcanonical

ensemble visits the phase space with the same relative probabilities as are

present in the canonical ensemble. This means that at large times, this system

can average over fluctuations in s and ps, giving average values equivalent to

the equilibrium isothermal system. In addition to the constant temperature

MD simulations, constant pressure/stress MD simulations are also commonly

used. A widely used method to control the pressure/stress in MD simulations

is the Parrinello-Rahman barostat [5]. To equilibrate the internal stress with

externally applied stress, the Parrinello-Rahman barostat dynamically changes

2From course notes by Prof. Michael Falk.
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the supercell size and shape during a MD simulation.

2.1.3 Molecular statics

Molecular statics are often used in finding local minima on the potential energy

landscape. It involves energy minimization based on various optimization

algorithms. The conjugate gradient (CG) method, Quick-min (QM) algorithm

[6] and fast inertial relaxation engine (FIRE) [7] are used in this thesis. Here

we briefly introduce the main ideas behind these techniques.

1. CG method. Let us denote the system energy as E(X) and assume

an initial state X0. The search is initialized along the force direction

d0 = −∇E(X0), so X1 = X0 − λ0d0. The step size λ0 can be obtained

from a line minimizer. Then the next search direction is calculated as

d1 = −∇E (X1) +
(∇E (X1) · d0)

∥d0∥2 d0 (2.14)

As seen, the new search direction is based on the new force direction but

removes the projection along the last search direction, so it is orthogonal

to the previous search direction (hence the name conjugate gradient).

Correspondingly, a second move can be made: X2 = X1 − λ1d1. A third

search direction is generated following the same logic but it is also or-

thogonalized to all previous search directions d0 and d1. This procedure

is then repeated for subsequent iterations. However, once the number

of search directions reaches 3N ( the dimensions of an atomistic system

with N atoms), we need to restart the process of defining search direc-

tions. Different versions of CG methods may have different methods in
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specifying the conjugate search direction, but the main concept remains

the same.

2. QM method. QM optimizer is based on damped dynamics and the

damping parameter is specified by a projection of the velocity along the

force. Let us consider an iteration j. First, we project the velocity in the

force direction: Vj = (Vj · Fj)Fj/
Fj
2. Second, set the velocity to zero

if it is antiparallel to the force, if Vj · Fj/
Fj
 < 0, then Vj = 0. Third,

take an Euler step, Rj+1 = Rj + ∆tVj, Vj+1 = Vj + ∆tFj.

3. FIRE method. FIRE is also a damped dynamics method. Velocity is also

reset if the force and velocity are in opposite directions. Unlike QM, FIRE

employs a variable time step: if the move is in the right direction, then

increase ∆t; otherwise decrease ∆t. Furthermore, FIRE only projects a

component of the velocity in the force direction and the momenta along

other directions are maintained, (1 − α) · v + α · F/∥F∥∥v∥.

2.1.4 Monte Carlo simulations

Metropolis Monte Carlo (MC) method is also employed in this thesis for

studying the equilibrium configurations at specific conditions. Metropolis

MC simulations are generally used to sample phase space under given con-

ditions/constraints. Typically, a MC simulation generates a Markov chain of

states which has a limiting distribution corresponding to different statistical

ensembles. For MC simulations under canonical ensemble, a new move is ac-

cepted if it has a lower energy, i.e., ∆E < 0; if the energy change ∆E > 0, then

the move is accepted with a probability of exp(−∆E/(kBT)). Practically, a
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random number rn is generated uniformly on (0,1). If rn < exp(−∆E/(kBT)),

the move is accepted. This procedure is schematically illustrated in Fig. 2.1.

Always 

accept

Accept

Reject

R1

R2

1

0

Figure 2.1: Schematic illustration of Metropolis Monte Carlo algorithm. If the
move is downhill in energy, then the move is always accepted. If the move is uphill
in energy, then the move is accepted with a probability exp(−∆E/(kBT)).

Metropolis MC algorithm can also be applied in the isothermal-isobaric

simulation. However the Markov chain of states now has a limiting distribu-

tion proportional to exp(−(PV + E)/(kBT) + N ln V). After each move, we

calculate ∆H = ∆E+ P(Vn −Vc)− NkBT ln(Vn/Vc), where ∆E is the potential

energy change, Vc and Vn are the current volume and newly generated vol-

ume, respectively. Then the move is accepted if ∆H < 0. If ∆H > 0, the move

is accepted with a probability of exp(−∆H/(kBT)). For isothermal-isobaric

MC simulations, a new state may be generated by the following operations: a)

assign each atom a small random displacement; b) randomly swap the posi-

tions of two atoms with different species; and c) randomly and anisotropically
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change the system’s volume.

In grand canonical ensemble MC (GCMC), the chemical potential is fixed

while the number of atoms fluctuates. In GCMC, the Markov chain is con-

structed to have a limiting distribution proportional to exp(−(E− Nµ)/(kBT)−

ln N! − 3N ln Λ + N ln V), where Λ = (h2/(2πmkBT))1/2 is the thermal de

Broglie wavelength. Typical moves in GCMC includes: a) an atom is displaced;

b) an atom is destroyed; and c) an atom is created at a random site.

In this thesis, we employed a hybrid MD+MC simulations under the

variance-constrained semi-grand-canonical (VC-SGC) ensemble [8], which

allows for transmutation MC simulations of multicomponent systems in mul-

tiphase regions of the phase diagram. The hybrid MD+MC scheme allows

transmutation moves, structural relaxations and thermal vibrations in realistic

alloys. Thus this method is suited for simulating precipitation in multicompo-

nent system.

2.2 Transition state calculations

2.2.1 Transition state theory

Most interesting transitions in atomistic systems are rare events, leading to se-

rious timescale issues for atomistic simulations. However, for many problems,

harmonic transition state theory (TST) is a reasonable approximation to the

transition rate. A critical concept in TST is the transition state, a hyperplane

that separates the reactant from the products. Very often, this transition state

is approximated as the saddle point on the potential energy landscape and

is considered as the “bottle neck” or rate-limiting state for the underlying
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transition. A saddle point is generally the highest energy state along the

minimum energy path (MEP), the most probable transition path between

local minima on a potential energy landscape. Then the reaction rate can

be calculated as R = PTS · fTS→P, where PTS is the probability for the system

being in transition state relative to the entire reactant state, and fTS→P is the

flux out of transition state (to the entire product region), which can be treated

using statistical mechanics approach. With the (harmonic) approximation that

the potential energy surfaces for both the initial state and saddle point are

locally harmonic, the transition rate is often written as

RhTST =
∏3N

i=1 νinitial
i

∏3N−1
i=1 νsaddle

i

exp

[
−
(
Esaddle − Einitial)

kBT

]
(2.15)

where νinitial
i and νsaddle

i are the stable normal mode frequencies at the initial

state and saddle point, respectively. Note that the saddle point only has 3N − 1

stable normal mode frequencies because the normal mode along the MEP has

an imaginary frequency. Einitial and Esaddle are the potential energies at the

initial state and the saddle point, respectively. kBT is the amount of thermal

fluctuation.

Eqn. 2.15 can also be written as

R = ν exp
(
− Q

kBT

)
(2.16)

where Q is the activation free energy, ν is the attempt frequency. Specifically,

Q is expressed as [9]

Q = Esaddle − Einitial − kBT ln

(
∏3N−1

i=1 νinitial
i

∏3N−1
i=1 νsaddle

i

)
(2.17)
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The third term in Eqn. 2.17 accounts for the entropy effect. Note that the

normal mode along the MEP are excluded from the quotient. This implies

that the normal mode frequency of the initial state along the MEP, νinitial
MEP , can

be taken as the attempt frequency. In atomistic calculations, this attempt

frequency can be determined from the calculated MEP [10]. For example, for a

monatomic system, ν = 1/(2π)
√

C/m, where m is the mass of one atom, and

C = d2V(s)/ds2 is the initial energy curvature along the MEP, where V(s) is

the MEP and s is the reaction coordinate (often taken as the hyperspace arc

length).

The above equations only consider a single transition event, in a large

system there can be many equivalent sites for the same transition event,

giving rise to an overall rate equation

R = Nν exp
(
− Q

kBT

)
(2.18)

where N is the total number of equivalent sites for the transition.

In this thesis, we employed several different techniques to evaluate the

transition states or saddle points for different thermal activation processes.

Typical methods include free-end nudged elastic band (FENEB) method [10,

11], free-end string (FESTR) method [12], activation-relaxation technique nou-

veau (ARTn) [13–15], and the simplified and improved string method (SISTR)

[16]. In addition, the activation free energy at finite-temperature was evalu-

ated based on the thermodynamic integration (TI) method. In the following,

we briefly introduce these methods.
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2.2.2 The modified activation-relaxation technique nouveau
(ARTn)

A typical ARTn calculation may consist of two stages. See Fig. 2.2 for a

schematic illustration. The first stage is to climb out of the current potential

well and the second stage is converging to a saddle point. To climb out of

the current potential well, very often a random direction is chosen as the

initial search direction. Then the system is pushed step by step along this

initial direction and energy minimization is performed in the perpendicular

hyperplane at each step. When the smallest eigenvalue of the Hessian matrix

falls below a negative threshold, the system is considered to be out of the

current potential well. In the second stage, the search direction is switched

to the eigenvector direction associated with the smallest eigenvalue of the

Hessian matrix. The system is then slightly activated along the eigenvector

direction and energy minimization is also performed in the perpendicular

hyperplane after each activation. The eigenvector associated with the smallest

eigenvalue of the Hessian matrix is updated before each activation, using the

Lanczos algorithm. The system is considered to reach a first-order saddle

point when the smallest eigenvalue of the Hessian matrix is negative and the

magnitude of the hyper-space force vector is below some threshold. Then

the activation barrier is taken as the potential energy difference between this

saddle configuration and the initial local minimum configuration.

In our application of ARTn, instead of randomly choosing the initial search

direction, we specify the initial search direction based on known information

on the MEP of interest. Specifically, The initial search direction can be specified
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Figure 2.2: Schematic illustration of activation-relaxation technique nouveau
(ARTn). White circles are the attempted moves and yellow circles are energy
minimized states within the perpendicular hyperplane. The first three steps with the
same search direction represent the first stage to climb out (around the green segment
on the minimum energy path) of the current potential well. The rest steps are the
second stage to converge to a saddle point (red circle). Search directions in the second
stage are along the eigenvector direction associated with the smallest eigenvalue of
the Hessian matrix.

in two ways. One way is to take the advantage of athermal quasi-static loading,

i.e., with increasing strain, the sample will finally reach a saddle point of the

underlying activation event. Though saddle points differ from each other

under different strains, they generally locate in a similar direction on the

potential energy landscape with respect to the initial configurations. Thus,

we can choose the initial searching direction as the displacement vector (plus

a random noise vector) between the configuration at current strain and the

configuration at the elastic limit during athermal quasi-static loading. For

events that cannot be observed during athermal quasi-static loading but with

known information on their MEP, a second way is to “manually” manipulate
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atoms of interest to construct a tentative configuration near the saddle points

of the potential MEP. Then the displacement vector (plus a random noise

vector) between this tentative configuration and the initial configuration can

be used as the search direction in ARTn. The rest activation steps are the same

as described above. In this way, most random searches can be avoided and a

specific saddle point of interest can be found in a single search process.

Compared to the FENEB method [11] (as will be discussed shortly), such

modified ARTn can significantly reduce the computational cost in finding sad-

dle points. The factors contributing to this include a) only one configuration

is used in ARTn while many replicas have to be used in NEB [17] method

to construct the “elastic band” and b) NEB method updates individual repli-

cas by also considering the inter-replica interactions whereas ARTn updates

the single configuration solely based on interatomic interactions within the

configuration, significantly increasing the efficiency of finding saddle points

for large samples. Note however that this modified ARTn requires known

information on the transition pathway to accelerate the saddle-finding process;

in cases where the actual transition paths are entirely unknown, the modified

ARTn should be applied with caution to avoid missing important events.

2.2.3 Free-end nudged elastic band (FENEB) method

The FENEB method is a useful technique to calculate the MEP for stress-driven

events such as dislocation nucleation. Similar to the standard NEB method,

first a trial reaction pathway can be generated by linear interpolation between

the initial configuration and the final configuration (an improved initial guess
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can be constructed using the image dependent pair potential method, IDPP[18]

). Usually, a finite number of intermediate images/replicas are chosen from

the trial reaction pathway, forming the so-called “band”. These intermediate

images/replicas generally are not exactly on the MEP. Therefore, a constrained

energy minimization procedure is performed to converge the band to the MEP

while maintaining equal spacing between neighboring replicas.

The constraint is applied by first adding a spring force along the band such

that each intermediate replica experiences a pulling/pushing force along the

band, depending on the relative distances between the neighboring replicas

(hence the term, “elastic band”). The initial state usually is not subjected to

the spring force. In addition to this spring force component, atoms in each

replica are also subjected to the potential force perpendicular to the band,

F⊥ ≡ −(∇V − (∇V · t)t), where V is the potential energy and t is the unit

tangent vector along the band. This forms the so-called “nudged elastic band”.

The overall effect is that the potential force perpendicular to the band relaxes

the replicas to the MEP while the spring force along the band maintains an

equal spacing between neighboring replicas.

For FENEB method, a special treatment is applied to the final state, i.e.,

only spring force perpendicular to the potential force is considered.

Fn = kn −
(kn · ∇V (Xn))∇V (X)n

∥∇V (Xn)∥2 (2.19)

where V (Xn) is the potential energy of the final replica, kn is the spring force

on the final replica n exerted by replica n − 1. Thus, the potential energy of the
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final state remains constant and it is free to move on an isosurface of the poten-

tial energy. This is quite useful if the final state is not in a stable/metastable

state. The reason is that it allows us to choose only a segment around the

saddle point instead of using the whole band to perform the calculation. For

dislocation nucleation problems, usually the hyperspace arc length beyond

the saddle point is much longer than that before the saddle point. So FENEB

method can reduce the overall number of replicas while maintaining a rela-

tively higher density of replicas near the saddle point, significantly increasing

the efficiency and accuracy. The calculation is considered as converged when

F⊥ is below a pre-defined threshold. Ideally, F⊥ should be zero everywhere

along the MEP. To obtain an accurate saddle configuration, the climbing image

method [19] can be used. In addition, an improved tangent method [20] is

also used for robust tangent direction calculation.

2.2.4 Free-end string method (FESTR)

The FESTR method [12] is similar to the FENEB method except that the dis-

tance between replicas is maintained by a reparameterization step. Specifically,

in FESTR, the string length is kept constant while the last replica is allowed

to freely move. Due to the constraint of constant total string length, the last

replica can be an unstable state. For the evolution step, the first replica X0 is

usually fixed and the atomic positions in the rest replicas are updated accord-

ing to the potential force perpendicular to the string tangent, F⊥. During the

reparameterization step, all replicas are redistributed to maintain an equal

spacing under the constraint of constant string length. The reparameterization
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can be carried out according to

Xi := Xi −
(

li−1,i − l0
i−1,i

)
d i = 1, 2, · · · , n (2.20)

where li−1,i is the string segment length between replica (i − 1) and i, and

l0
i−1,i is the corresponding reference length. Typically, l0

i−1,i = L0/n where n is

the number of string segments and L0 is the initial string length. The direction

vector d is defined as

d ≡ Xi − Xi−1

∥Xi − Xi−1∥
(2.21)

The performance of FESTR method could be more robust than that of

FENEB method, under some complex conditions such as concentrated alloys

which show complex and rugged energy landscape.

2.2.5 Simplified and improved string method

In the simplified and improved string method [16], the string is discretized

into a number of images {Xi(t), i = 0, 1, · · · , N}. Then each image is evolved

by iterating a two-step procedure as shown below. In the first step, the discrete

images are evolved by the over-damped dynamics,

Ẋi = −∇V (Xi) (2.22)

Note that all images are updated according to the full potential force. We

denote the updated images as X∗
i . In the second step, an equal-arc length

reparameterization is carried out using a simple interpolation procedure. First,
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we obtain the scaled arc length of the updated images,

α∗i =
si

sN
(2.23)

with si defined as

s0 = 0, si = si−1 +
X∗

i − X∗
i−1
, i = 1, 2, · · · , N. (2.24)

Under the constraint of equal-arc length, all images should be uniformly

distributed at scaled positions αi = i/N. If a simple linear interpolation is

used (as did in this thesis), the new images can be obtained as

Xi = X∗
p +

αi − α∗p
α∗n − α∗p

(
X∗

n − X∗
p

)
(2.25)

where X∗
p and X∗

n are the end configurations used for interpolation, α∗p and α∗n

are the scaled arc lengths for end configurations. Cubic spline interpolation

can also be used in the reparameterization step. This two-step procedure is

iterated until the string converges. A practical way to check the convergence is

to monitor the displacements of all images between two successive iterations.

When the largest displacement is less than a pre-defined threshold value, the

string can be considered as converged.

2.2.6 Thermodynamic integration method

In this thesis, we used TI method to evaluate the activation free energy at

finite temperature. The procedures are briefly introduced as follows.

First, an MEP was found using free-end [10, 11] and climbing image [19]

NEB method. Then based on the local tangent direction ti for each replica, we
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performed molecular dynamics for all replicas with a constraint of

v · t = 0 (2.26)

where v is the hyperspace velocity vector for each replica. This constraint

means that the hyper-space velocity vector along the local tangent direction of

the “elastic band” is kept zero. Thus, all replicas are constrained to relax in the

perpendicular hyperplanes. In this way, the relaxation along the local tangent

direction is excluded and the unstable intermediate replicas can thus maintain

their relative spacing along the “elastic band”. For practical implementation,

the local tangent direction is kept the same as the initial one. Such dynamics

can be viewed as the fluctuations of the whole MEP under thermal energy.

Therefore, all replicas may not be exactly constrained into the initial path

and their time-averaged positions may be slightly shifted from the initial

MEP. All replicas are considered to be well relaxed when the time-averaged

perpendicular force component
⟨
F⊥⟩

i is less than 5 × 10−5 eV/Å. Finally,

we carried out thermodynamic integration for the well relaxed path to get

activation Gibbs free energy

∆G =
∫ ⏐⏐⏐⟨−F⊥

⟩⏐⏐⏐ds (2.27)

where s is the hyper space arc length. It should be noted that sufficient number

of replicas on the integration path should be used to fully represent the actual

MEP.
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Chapter 3

Surface dislocation nucleation in
nanoscale pristine crystals

3.1 Introduction

Nanomanufacturing can create small-volume (with length scale of 101 to 102

nanometers) metals that contain few or no defects [1–7]. These nanoscale

pristine metals represent an extreme state of crystals: they are free of pre-

existing dislocations but have very high surface-to-volume ratio. (Indeed,

one reason for the lack of dislocation storage is that image attractions to

free surfaces tend to destabilize dislocation networks.) At low homologous

temperatures, when nanoscale pristine metals are subjected to relatively high

external stress, it is widely believed that plastic deformation initiates via

thermally activated nucleation of dislocations on the surfaces [7–15]. This

surface dislocation nucleation (SDN) process has been shown to be highly

sensitive to surface conditions [16]. For example, the local configurations of

surfaces such as surface steps [17–19], local morphology [13], and oxidation
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layers [20] can significantly influence the activation parameters of SDN. Mass-

action processes such as surface diffusion of atoms may also couple strongly

with SDN [7]. In addition to these extrinsic surface conditions and processes,

large surface stresses are ubiquitous in nanoscale pristine metals as a result

of the under-coordinated surface atoms [21–25]. These surface stresses are

believed to impose intrinsic limits on the mechanical strength of nanoscale

pristine metals [9, 13, 26–28], but their effects have not been investigated in

detail.

SDN has been studied before from different perspectives. For example,

within the framework of continuum mechanics, the activation energy of SDN

has been usually modeled by analyzing individual contributions such as the

elastic energy, stacking fault energy, surface ledge energy, etc [10, 26, 29, 30].

These models generally suffer from the uncertainties on the dislocation core

cutoff parameters employed. Alternatively, SDN has been treated based on

the Peierls-Nabarro dislocation model [31], which incorporates atomistic infor-

mation into the continuum approach. Computationally, activation parameters

of SDN have been calculated using either reaction pathway sampling methods

[8, 26] or hyperdynamics simulations [32]. Generally, activation parameters

obtained either analytically or computationally are stress dependent, which

are then fed into finite-temperature transition-state theories whereby the nu-

cleation stress can be obtained numerically for different strain rates. Such a

modeling framework combining atomistic simulations/continuum mechan-

ics and reaction rate theories has been shown to be useful in predicting the

mechanical strength over a range of temperatures and strain rates that can be
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directly compared with laboratory experiments.

While the mechanical strength of nanoscale pristine metals has been suc-

cessfully modeled with respect to external variables such as temperature and

strain rate, the intrinsic sample size effects have only been treated briefly

[8–10]. For example, surface effects were modeled by adding image forces

to the nucleated dislocation loop, leading to an extra contribution to the acti-

vation free energy [10, 30]. Also, surface stresses were taken into account by

removing the surface-induced axial stress from the total axial stress during

calculations [9]. In addition, it was shown that the number of SDN sites de-

creasing with sample size brings in a strengthening effect [8]. However, these

studies focus mostly on the overall trend of material strength with respect

to sample size. The exact role played by surface stresses in SDN remains

unresolved.

Currently, there are several difficulties in understanding the intrinsic sur-

face stress effects on SDN for both continuum modeling and atomistic cal-

culations. First, the continuum mechanics framework requires numerical

parameters from atomistic simulations. Second, how surface stresses con-

tribute to the axial stress dependence and sample size dependence of the

activation parameters is unclear. Third, the surface stresses effects may de-

pend on many factors such as the geometry of the nanoscale sample, surface

energy, crystallography and externally applied stress level, etc.; the most

important factors need to be identified. Last but not least, current reaction

pathway sampling methods such as free-end nudged elastic band (NEB) [8,

33] or string method [9, 34] are computationally too expensive to calculate
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the activation parameters for experimentally relevant samples (e.g., tens of

nanometers in diameter, for a nanowire). Consequently, most previous studies

only focused on very small sample sizes [8, 9] (a few nanometers for the

diameter of a nanowire) and the activation parameters obtained cannot be

directly applied to larger samples.

In this Chapter, a modified activation-relaxation technique nouveau (ARTn)

[35–37] is employed to obtain the zero-T activation Gibbs free energy (∆G0(σ))

or activation enthalpy (∆H(σ) ≡ ∆G0(σ)) for nanowires with diameters up to

50 nm, an experimentally relevant length scale that has been computationally

prohibitive for typical transition path sampling techniques such as free-end

nudged elastic band method [8, 33] or free-end string method [34]. Based

on the calculation results, the intrinsic surface stress effects on activation

enthalpy have been evaluated. Furthermore, by using constrained molecular

dynamics and thermodynamic integration method, one could compute the

finite-temperature activation Gibbs free energies ∆G(σ, T) that include thermal

uncertainties (entropy) in the transition paths. By comparing the numerical

∆H(σ) and ∆G(σ, T), the Meyer-Neldel (M-N) compensation rule [38] is

shown to largely work in the parameter range relevant to laboratory timescale

(strain-rate) experiments. A single parameter TMN, on the order of 900 K, can

thus describe finite-temperature ∆G(σ, T), if the zero-temperature ∆H(σ) is

known. Based on the calculated ∆H(σ) for SDN, we found obvious sample

size dependence of strength for the sub-50 nm nanoscale pristine metals;

the generally believed “smaller is stronger” trend is only valid when the

external load counteracts the Laplace pressure [21] due to surface stresses,
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and it becomes “smaller is weaker” when the external load constructively

superimposes on the Laplace pressure.

3.2 Simulation methods

Cu nanowire with characteristic size from 2 nm to 50 nm has been chosen as

the model samples. Specifically, two widely studied types [8, 9] of nanowires

are considered in this Chapter, i.e., [100] oriented square nanowire under com-

pressive loading and [110] oriented rhombic nanowire under tensile loading.

Empirical potential for Cu [39] is used to describe the interatomic interactions.

All nanowires have periodic boundary conditions in the axial direction and

free surfaces in other directions. The aspect ratio for all nanowires is 2.5. First,

different sized nanowires are elastically strained to the athermal stress limit

using the athermal quasi-static loading method. During athermal quasi-static

loading, energy minimization after each strain increment is performed via

the conjugate gradient method. The strain increment is 0.05% while the force

tolerance for energy minimization is 0.001 eV/Å. Then, the configurations of

nanowires at different stress levels are extracted to first calculate the zero-T

activation barrier.

In order to efficiently calculate the zero-T activation Gibbs free energies

∆G0(σ) ≡ ∆H(σ) for samples with sizes up to 50 nm, the modified ARTn

(see Chapter 2) is employed. A tentative configuration specifying the initial

search direction is obtained by “manually” manipulating atoms of interest

to construct a small dislocation arc near the saddle points of the potential

MEP. Then the displacement vector (plus a random noise vector) between
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this tentative configuration and the initial configuration is used as the search

direction in ARTn. The system is considered to reach a first-order saddle

point when the smallest eigenvalue of the Hessian matrix is negative and the

magnitude of the hyper-space force vector is below 0.001 eV/Å. In this way,

the modified ARTn algorithm can efficiently converge to the saddle point of

SDN at different stresses.

Activation free energies at finite temperature are evaluated using thermo-

dynamic integration method, as introduced in Chapter 2. In this Chapter, all

replicas are relaxed at 300 K and 48 and 96 images are used for 5 nm and

10 nm nanowire, respectively. All replicas are considered to be well relaxed

when the time-averaged perpendicular force component
⟨

F⊥⟩
i is less than

5 × 10−5 eV/Å. Simulations are performed mainly based on the LAMMPS

package [40] and visualized using the AtomEye package [41].

3.3 Results and discussions

3.3.1 Surface-stress-induced internal stresses

In nanoscale single crystals, a significant fraction of the constituent atoms

reside on free surfaces. These under-coordinated surface atoms have different

chemical bonding environments from the interior atoms, thus resulting in

different equilibrium interatomic spacing compared to the interior atoms. As a

result, the interior atoms equivalently exert a stress onto the surface atoms (the

so-called surface stress) or vice versa (Laplace pressure) [21]. Thus, even for

well relaxed free-standing nanoscale single crystals, non-zero internal stresses

exist. For example, a fully relaxed free-standing nanowire is usually subjected
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to an average internal axial stress

σ0 = g
f
D

(3.1)

where f is surface stress defined as fij = γδij + ∂γ/∂ϵij (γ is surface energy,

δij is the Kronecker delta function and ϵij is the applied strain), D is the

characteristic length of the nanowire (e.g., the diameter) and g is a geometrical

factor. Note that fij is a second rank tensor which can be reduced to the

diagonal components when principal axes are used (off-diagonal components

are zero). These diagonal components can be further reduced to a single

variable f if the surface has three-fold or higher symmetry. In the current

work, {100} and {111} surfaces of face-center-cubic structure are used, so we

will denote the surface stresses simply as f .

Fig. 3.1 shows the average internal axial stress σ0 of different sized

nanowires and the corresponding atomic stress tensor component Si
αα (α

means the axial direction and i is the atom index) for each atom (the in-

sets). In the current simulation, the average internal axial stress is obtained

by σ0 = 1/Nint ∑Nint
i=1 Si

αα, where Nint is the number of internal atoms. As

can be seen, for all types of nanowires, the average internal axial stress is

proportional to D−1 and becomes small for diameters greater than 50 nm.

Additionally, nanowires with higher surfaces stresses (e.g., the [100] oriented

square nanowire and circular nanowire) tend to develop larger internal stress.

Even with the same axial orientation, less energetically favored surfaces, e.g.,

the irregular surfaces of circular nanowires, can lead to relatively higher

internal axial stress as compared to nanowires with relatively energetically
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Figure 3.1: The average internal axial stress and atomic axial stress distributions
for free-standing nanowires of different geometry. Points are calculated data and
curves are the best fit according to Eqn. 3.1. The insets show atomic axial stress
distributions of three typical nanowires with the characteristic size of 10 nm. Surface
atoms are subject to tensile (positive) axial stress while the interior atoms are subject
to compressive (negative) axial stress. Color bar indicates the range of atomic stress
tensor component Si

αα, in units of GPa.

favored surfaces (i.e., the square nanowire). All these trends are consistent

with Eqn. 3.1. The distribution of the atomic stress tensor component Si
αα

(the insets in Fig. 3.1) shows that while the overall axial stress is zero, surface

and interior atoms are subjected to very high opposite stresses (tensile and

compressive stress for surface and interior atoms, respectively, in the current

case). Additionally, the morphology of nanowire can lead to dramatic stress

concentrations such as those around the corners of the square nanowire. The

<110> oriented rhombic nanowire displays lower Si
αα for both surface and

interior atoms, which might be due to the closely packed more stable {111}

side surfaces as compared to the {100} surfaces of the <100> oriented square
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nanowire or the irregular surfaces of the circular nanowire. These features

suggest that it is insufficient to characterize local SDN by the sample-wide

average axial stress; surface stress should be an important consideration when

dealing with SDN.

3.3.2 Sample-size-dependent activation enthalpy of SDN
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Figure 3.2: Activation enthalpy for the acute corner and the obtuse corner in [110]
oriented 10 nm nanowire.

In the current work, all samples are subjected to constant strains, which

naturally leads to the activation Helmholtz free energy ∆F(γ, T), however, the

activation Gibbs free energy can be obtained by setting ∆G(σ, T) to ∆F(γ, T),

as long as σ corresponds to γ on the stress-strain curve for the perfect sample

[42]. Also, the zero-T ∆G0(σ) corresponds to the zero-T activation enthalpy

∆H(σ). For the [110] oriented rhombic nanowires, we found that the acute

corners generally have lower ∆H than the obtuse corners for the same σapp,
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Figure 3.3: Sample-size-dependent activation enthalpy ∆H(σapp) of SDN. (a)
∆H(σapp) for [100] oriented square nanowires under compressive loading. (b) ∆H(σapp)
for [110] oriented rhombic nanowires under tensile loading. (c) ∆H(σapp) for [100]
oriented square nanowires under tensile loading. (d) ∆H(σapp) for [110] oriented
rhombic nanowires under compressive loading. Curves are fitting results to the cal-
culated data (points), according to ∆H(σapp) = A{1 − exp [α(1 − σapp/σath)]}, where
A, α and σath are fitting parameters. The insets show the nanowire shapes and typical
saddle configurations of SDN. For convenience, both compressive and tensile stresses
are plotted as positive values.

see Fig. 3.2. Thus for all [110] oriented rhombic nanowires, we only calculate

∆H for the acute corners.

Direct calculations based on the modified ARTn method demonstrate that

sample size indeed has significant effect on the activation barriers of SDN

for sub-50 nm nanowires. Fig. 3.3 shows the activation enthalpy ∆H(σapp)
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of SDN, where σapp is the applied axial stress. σapp is calculated according

to σapp = 1/N ∑N
i=1 Si

αα, where N is the total atom number, Si
αα is the axial

component of the atomic stress tensor which is normalized by the average

atomic volume of interior atoms (by averaging the atomic volumes obtained

from Voronoi tessellation over the interior atoms). Typical saddle configu-

rations for both the [100] nanowires and [110] nanowires are also shown as

the insets of Fig. 3.3. As can be seen, ∆H(σapp) for both types of nanowires

strongly depends on the nanowire sizes. For [100] oriented square nanowires

under compression (Fig. 3.3a), ∆H becomes smaller with decreasing sample

size D at a given σapp. However, for [110] oriented rhombic nanowires under

tension (Fig. 3.3b), an opposite trend is observed, i.e., ∆H becomes higher

with decreasing sample sizes at a given σapp. This opposite effect can be at-

tributed to the surface-stress-induced internal compressive axial stress, which

strengthens the nanowire under tensile load but weakens it under compres-

sive load. To further demonstrate such loading mode effects, Fig. 3.3c and

Fig. 3.3d show two more examples of <100> square nanowires under tension

and <110> rhombic nanowires under compression. As can be seen, for <100>

square nanowires under tension (Fig. 3.3c), ∆H now increases with decreasing

sample size D. For <110> rhombic nanowires under compression (Fig. 3.3d),

∆H now decreases with decreasing sample size D. Both trends are reversed

as the loading signs are flipped. This indicates that the opposite trend of ∆H

vs. D is due to loading mode, rather than the nanowire geometry. Despite this

reverse trend of ∆H(σapp) with respect to sample size D under different load-

ing modes, both types of nanowires show diminishing size effect on ∆H(σapp)

as σapp approaches the athermal stress limit σath. Similarly, relatively weak

52



Figure 3.4: Sample-size-dependent activation volume defined as Ω0 ≡
−∂∆H/∂σapp of SDN. (a) Ω0 for [100] oriented square nanowires under compres-
sive loading. (b) Ω0 for [110] oriented rhombic nanowires under tensile loading.

size effects were observed when the applied axial stress is relatively high,

e.g., [100] nanowires under tension (Fig. 3.3c) and [110] nanowires under

compression (Fig. 3.3d) show much higher σapp (the leading partial has a

smaller Schmid factor compared to that in Fig. 3.3a and Fig. 3.3b, thus leading

to higher σapp) than their counterparts in Fig. 3.3a and Fig. 3.3b but relatively

weak size effects on ∆H. The effects of σapp on ∆H will be discussed shortly.

Additionally, if we compare Fig. 3.3a and Fig. 3.3b where similar Schmid

factor holds and relatively strong size effects show up, the [110] oriented

rhombic nanowires overall display weaker sample size effects on ∆H(σapp)

than that for the [100] oriented square nanowires, indicating the effect of the

magnitude of surface stresses. In the following, the <100> square nanowires

under compression and the <110> rhombic nanowires under tension will be

used to demonstrate corresponding sample size effects.

Similar sample size effects on the activation volume (as defined by Ω0 ≡

−∂∆H/∂σapp) are shown in Fig. 3.4. As can be seen, the overall magnitude of
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Ω0 for SDN is 101b3 – 102b3 (b is the magnitude of Burgers vector), consistent

with previous studies. However, at a given axial stress, Ω0 of different sized

nanowires can differ by a significant factor, indicating strong sample size

effects on the SDN process. Furthermore, the trend of Ω0 vs. sample size at a

given axial stress strongly depends on the sign of the axial stress. For example,

for [100] square nanowires under compression, Ω0 increases with increasing

sample size; however, for [110] rhombic nanowires under tensile load, Ω0

decreases with increasing sample size. The 2 nm [110] rhombic nanowire

shows smaller activation volume in the lower stress range compared to other

sized nanowires, which might be due to the limited deformation volume of

the sample. The above results clearly demonstrate that both surface stresses

and the applied stress level have strong effects on the activation enthalpy ∆H

and activation volume Ω0 of SDN.

3.3.3 Effects of surface stresses on the activation enthalpy of
SDN

The observed sample size effects on ∆H(σapp) can be rationalized in terms

of surface stresses as follows. When a nanowire is subjected to an external

axial loading, the internal resolved shear stress distributes as τ(r) = sσapp +

b · S0(r) · n/∥b∥, where r is the atomic position vector, s is the Schmid factor,

b is the Burgers vector, n is the unit normal vector of the slip plane and S0(r)

is the pre-existing atomic stress tensor induced by surface stress. For SDN,

the local (a fixed position away from the corner) resolved shear stress can be
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Figure 3.5: Activation enthalpy of SDN is uniquely correlated with the local max-
imum resolved shear stress. (a) Atomic resolved shear stress distribution (the left
panel) and typical saddle configuration of SDN in a [100] square nanowire (the right
panel). Nanowires are cut along (111) plane. Color bar indicates the range of atomic
resolved shear stress τi in units of GPa. Defects are identified by common neighbor
analysis. Yellow atoms represent surface atoms or dislocation core atoms; light red
atoms represent stacking fault and red atoms are perfect face centered cubic atoms.
(b) ∆H plotted against the local maximum resolved shear stress. Data points are
calculated values and curves are fitted according the equation used in Fig. 3.3

further specified by a Taylor expansion in 1/D.

τlocal = sσapp + τ0 + τ1
1
D

+ O
(

1
D2

)
(3.2)

where τ0 and τ1 are local constants depending on local geometry and surface

stress. As can be seen, for a given σapp, τlocal will additionally depend on the

sample size (D) and surface conditions (τ1). This leads to the sample dependence

of SDN in terms of the activation enthalpy ∆H, assuming that ∆H is uniquely

correlated with τlocal.

Our atomistic calculations show that the activation enthalpy ∆H is indeed

uniquely correlated with the local resolved shear stress. Here the local resolved

shear stress is identified as the local maximum resolved shear stress (LMRSS)

τlmrss. This is because atoms with τlmrss are most likely to be involved in an
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emerging SDN event. The LMRSS is found by first calculating the atomic

resolved shear stress τi = b · Si · n/∥b∥, where Si is the full atomic stress

tensor for an interior atom i, n is the unit vector of slip plane normal direction

and b is the Burgers vector, and b, n, Si are all taken from the stressed but

dislocation-free crystal. Si is normalized by the atomic volume Ωi from

Voronoi tessellation. See the left panel in Fig. 3.5a for an example of the atomic

resolved shear stress distribution in a dislocation-free [100] square nanowire.

Then the LMRSS is identified by ranking τi for each interior atom that will

be encompassed in the saddle dislocation loop of a SDN event (see the right

panel in Fig. 3.5a for a typical saddle dislocation loop in a [100] oriented

square nanowire), excluding surface atoms. Here the saddle dislocation loop

configuration is identified by the common neighbor analysis [43, 44]. In Fig.

3.5b, ∆H are plotted against τlmrss for all nanowires. As can be seen, all the

data points that previously lie on different curves in Fig. 3.3 now collapse onto

a single curve, for the [100] oriented square nanowire and the [110] oriented

rhombic nanowire, respectively. This confirms that ∆H is indeed uniquely

determined by τlmrss.

Fig. 3.6 shows the relation between τlmrss and σapp for [100] oriented square

nanowires ( Fig. 3.6a) and [110] oriented rhombic nanowires ( Fig. 3.6b). As

can be seen, the LMRSS linearly depends on the applied axial stresses for a

nanowire of a given size. The overall slopes of the linear relations from the

best fitting in Fig. 3.6a and Fig. 3.6b are 0.46 and 0.44, which are slightly

smaller than the non-deformed Schmid factors (0.47) for the leading partial
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Figure 3.6: Linear relationship between the LMRSS and applied axial stress. (a)
[100] oriented square nanowires under compressive loading. (b) [110] oriented
rhombic nanowires under tensile loading. Data points are fitted according to
τlmrss = α/D + βσapp + τ0, where α, β, and τ0 are fitting parameters. For (a),
α = 1.63 J/m2, β = 0.46, τ0 = 0.70 GPa. For (b), α = −1.03 J/m2, β = 0.44,
τ0 = 0.45 GPa. For convenience, tensile stresses in (b) and corresponding LMRSS are
plotted as positive values.

dislocations, due to rotated b, n and deformed local atomic volume. Fur-

thermore, different sized nanowires display different intercepts on the τlmrss

axis, which indicates the effects of intrinsic surface stresses when σapp = 0

GPa. For the [100] oriented square nanowires under compressive loading,

the absolute values of intercepts decrease with increasing sample sizes; how-

ever, the absolute values of intercepts increase with increasing sample sizes

for the [110] oriented rhombic nanowires under tensile loading. This again

confirms the weakening/strengthening effects for the compressive loading

mode/tensile loading mode. Overall, the differences in intercepts for both

kinds of nanowires become negligible when the sample size increases to ap-

proach 50 nm. The linear relations and sample size dependent intercepts

shown in Fig. 3.6 have thus verified Eqn. 3.2 proposed above.

In Fig. 3.7, the activation enthalpy ∆H(τlmrss) of SDN is decomposed into
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Figure 3.7: Decomposition of activation enthalpy. (a) Decomposed activation en-
thalpy for [100] oriented square nanowires under compressive loading. (b) Potential
energy difference between saddle configuration and initial configuration for each
surface atom in a typical [100] square nanowire. (c) Decomposed activation enthalpy
for [110] oriented rhombic nanowires under tensile loading. (d) Potential energy
difference between saddle configuration and initial configuration for each surface
atom in a typical [110] rhombic nanowire. Different marker shapes are used to repre-
sent different nanowire sizes. Data points are calculated values while curves are fits
according to the equation used in Fig. 3.3. Color bars in (b) and (d) indicate the range
of atomic potential energy difference, in units of eV.
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several individual terms (such as ∆Hcore due to dislocation core atoms, ∆HSF

due to stacking fault atoms, ∆Hsurf due to surface ledge atoms and ∆Helastic

due to elastic strains) to evaluate their relative contributions (∆H(τlmrss) =

∆Hcore + ∆HSF + ∆Hsurf + ∆Helastic). The individual contributing terms are

calculated by comparing the energies of corresponding atoms in both the

initial configurations and the saddle configurations. Atoms on stacking fault,

dislocation core and surfaces are identified based on the common neighbor

analysis [43, 44]. In particular, atoms on saddle configuration surfaces with

potential energy differing from the initial configuration by |∆PE| > 0.01 eV are

identified as surface ledge atoms. Fig. 3.7a shows the decomposed ∆H(τlmrss)

for [100] square nanowire. As can be seen, all individual contributions show

excellent unique correlation with the LMRSS. Note that surface ledges created

by SDN reduce the total potential energy in the case shown in Fig. 3.7a. This

might be due to the corners of a [100] oriented square nanowire being not

in truly Wulff shape equilibrium and the Burgers vector associated with the

saddle dislocation loop (which displaces non-equilibrium surface atoms to

relatively stable locations). Fig. 3.7b shows the potential energy differences be-

tween saddle configuration and the initial configuration for each surface atom.

Surface ledges can be clearly seen due to sharp potential energy changes; the

|∆PE| threshold chosen here largely captures the actual ledge length identi-

fied by the dislocation ends on surfaces. Similar ∆H(τlmrss) decomposition

and surface ledges identification by |∆PE| for [110] rhombic nanowire are

shown in Fig. 3.7c and Fig. 3.7d. As can be seen, all individual contributions

are again uniquely correlated with the LMRSS. However, the surface ledge

contribution ∆Hsurf is positive and the elastic strain contribution ∆Helastic is
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negative in this case. Generally, the sign of ∆Hsurf should be closely related

to surface condition and the Burgers vector of the nucleated dislocation. For

[110] rhombic nanowire, the {111} side surfaces can be considered as stable

surfaces such that most local perturbations, e.g., displacement field associated

with the saddle dislocation loop, increase the potential energy. The elastic

strain contribution ∆Helastic may simultaneously depend on the elastic field of

nucleated dislocation, stacking fault, surface ledges and the work done by the

applied stress. Together, they determine the sign of the overall elastic strain

contribution ∆Helastic. Despite these differences in ∆H(τlmrss) decomposition

for [100] square nanowires and [110] rhombic nanowires, the dislocation core

contribution ∆Hcore and surface ledge contribution ∆Hsurf are significant in

both cases, while stacking fault contribution ∆HSF may be significant at rela-

tively low LMRSS. Note that the enthalpy contribution ∆HSF discussed here

is not equivalent to the usually used stacking fault energy, as only energy

changes of the stacking fault atoms (surrounding atoms of stacking fault are not

taken into account) are considered. However, one can easily link ∆HSF to the

usually used stacking fault energy by a partition coefficient that distinguishes

the contribution by stacking fault atoms and surrounding atoms, which can

be accomplished using simple MD simulations. Similar analyses can also be

applied to surface ledge atoms. These features further confirm the local nature

of SDN and rationalize the unique correlation between ∆H and LMRSS.

The externally applied axial stress also plays an important role in the

sample size dependence of ∆H for SDN. As discussed above, ∆H is uniquely

correlated with τlmrss which however has a sample size dependent intercept
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in the linear relationship with σapp, resulting in an apparent sample size

dependence in terms of ∆H(σapp, D). However, when σapp is sufficiently high

such that the sample size dependent intercept (surface stresses effect) becomes

inconsequential, ∆H will be dominated by σapp, leading to a weak or even

negligible sample size dependence of ∆H. This explains why the ∆H curves

of different sized nanowires in Fig. 3.3 tend to merge together when σapp

approaches the athermal limit and those “hard orientations” deformed in Fig.

3.3c and Fig. 3.3d show relatively weak size effects. The size effects discussed

here are the convoluted results of the loading conditions, surface conditions

and the nature of bonding. For example, the yielding stress or σapp at the

elastic limit may depend on strain rates while the surface-induced axial stress

g f /D generally is insensitive to strain rates. As a result, σapp may significantly

increase and become dominant over g f /D under high strain rates, leading to

weak size effects in high-strain-rate deformations. In addition, the magnitude

of σapp at the elastic limit also strongly depends on the nature of bonding in

materials. For example, if a material is intrinsically “soft” (relatively weak

bonding strength), the yielding stress or σapp even under high-strain-rate

deformation (such as MD simulations) may not dominate over g f /D (surfaces

can be quite energetically unfavored for irregular surfaces such as those of a

circular nanowire), thus relatively strong size effects may still be observed. In

contrast, a “hard” material (strong bond) may show very high yielding stress

regardless of strain rates imposed such that σapp completely overwhelms

g f /D even under low strain rates, resulting in weak or negligible size effects

even with laboratory experiment strain rates.
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3.3.4 Activation free energies at finite temperature

While low-temperature activation is dominated by the activation enthalpy, as

temperature rises the activation entropy term ∆S(σapp, D) has to be taken into

account as they have been shown to significantly affect dislocation nucleation

rate [32, 45]. Our calculations show that ∆H(σapp) is insensitive to temperature

for T ≤ 300 K, which is consistent with previous studies. Thus, the activation

free energies at finite temperatures can be approximated as:

∆G
(
σapp, T, D

)
≈ ∆H

(
σapp, D

)
− T∆S

(
σapp, D

)
+ O

(
T2
)

(3.3)

In harmonic transition state theory, ∆S(σapp, D) corresponds to the vibrational

entropy difference between the PEL dividing surface astride the saddle point,

and the ground state, sans the MEP direction [14]. ∆S(σapp, D) tends to be

positive because the “mountain pass” region tends to be vibrationally softer

than the ground state. In Eqn. 3.3, we explicitly incorporate the sample size D

dependence which has rarely been considered in previous studies probably

due to expensive computational cost in evaluating the activation parameters

for larger samples. Here we overcome this difficulty by a) directly obtaining

∆H(σapp, D) for sub-50 nm samples based on the efficient specialized ARTn

method; and b) validating the M-N compensation rule [38] (∆S ≈ ∆H/TMN,

where TMN is a characteristic temperature) in the activation Gibbs free energy

range of interest.

We have already shown the sample size dependent ∆H(σapp, D), now let

us validate the M-N rule. First we use thermodynamic integration method

based on constrained molecular dynamics to calculate the activation Gibbs
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Figure 3.8: The correspondence between zero-T activation enthalpy and activation
Gibbs free energy at 300 K in the range relevant to laboratory experimental condi-
tions. (a) 5 nm [100] square nanowire. (b) 10 nm [100] square nanowire. (c) 5 nm
[110] rhombic nanowire. (d) 10 nm [110] rhombic nanowire. Shaded stress range
corresponds to the activation Gibbs free energy range of [0.7 eV, 0.9 eV].

free energies ∆G(σapp, T) at 300 K for 5 nm and 10 nm samples, respectively.

The thermodynamic integration method is validated by comparing the SDN

rate from direct MD simulations and the SDN rate predicted based on the ∆G

obtained from thermodynamic integration method. For example, using the

5-nm square nanowire, we carried out 50 iso-configuration (with the same

initial configuration but different atomic velocities) MD simulations under

constant strain (the applied axial stress is ∼ 2.05 GPa) at 300 K and obtained

an average SDN rate of 3.5 × 108 s−1. Meanwhile, the ∆G calculated from our
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thermodynamic integration method is 0.361 eV for the same sample. By using

an attempt frequency in the range of [1011 s−1, 1013 s−1] and a total number of

nucleation site 288 for this 5-nm square nanowire, we can predict the SDN rate

to be in the range of [2.5 × 107 s−1, 2.5 × 109 s−1], which is consistent with the

SDN rate from direct MD simulation, thus validating our thermodynamic inte-

gration method. After obtaining the activation Gibbs free energy at 300 K, the

activation entropy is obtained by ∆S(σapp) = (∆H(σapp)− ∆G(σapp, T))/T.

Fig. 3.8 shows the 300 K activation Gibbs free energy and the zero-T activation

enthalpy as functions of σapp for both types of nanowires. As can be seen,

∆G(σapp) at 300 K generally is much lower than the zero-T ∆H(σapp) at a

given stress, manifesting significant entropic effects. Here, ∆G(σapp) in the

range of [0.7 eV, 0.9 eV], as indicated by the shaded σapp ranges in Fig. 3.8,

is of particular interest as it generally corresponds to typical laboratory test

conditions such as 300 K and strain rate of 10−2 s−1. Correspondingly, for this

range of ∆G(σapp), the zero-T ∆H(σapp) is largely in the range of [1.0 eV, 1.4

eV].

Fig. 3.9 shows the calculated activation entropy based on the results in

Fig. 3.8. First of all, the magnitude of the calculated activation entropy is on

the order of 101kB which suggests significant entropic effect on the nucleation

rate (i.e., dislocation nucleation rate can be increased by a factor from e10 to

e20). Second, the calculated activation entropy is also subjected to significant

sample size effects. For example, the activation entropy of 10-nm square

nanowire under compression (Fig. 3.9a) is at least two times that for the

5-nm square nanowire. Similar size effects can also be seen for the rhombic
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Figure 3.9: Activation entropy for surface dislocation nucleation. (a) [100] oriented
square nanowires under compressive loading. (b) [110] oriented rhombic nanowires
under tensile loading.

nanowires in Fig. 3.9b. Finally, the size effects on activation entropy also

depend the loading sign. Similar to the zero-T activation enthalpy shown

in Fig. 3.3, activation entropy in Fig. 3.9a and Fig. 3.9b show opposite size

effects with respect to the sign of loading, i.e., while the activation entropy

increases with increasing sample size under compression, it decreases with

increasing sample size under tension. These again demonstrate significant

influence of surface stress and sample size. Note that surface stress can be

positive or negative, so the loading sign effect may be entirely reversed if

negative surface stress is present (i.e., Laplace pressure becomes negative).

Now we are in the position to validate the M-N rule. In Fig. 3.10, we

plot the calculated activation entropy vs. zero-T activation enthalpy in the

range of [1.0 eV, 1.4 eV] (the corresponding ∆G(σapp) is in the range of [0.7 eV,

0.9 eV]). As can be seen, for both types of nanowires, the activation entropy

∆S(σapp) largely correlates with ∆H(σapp) in a linear fashion, well consistent

with the empirical M-N compensation rule. Such a simple linear relation
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Figure 3.10: Validation of the Meyer-Neldel compensation rule in the activation
free energy range [0.7 eV, 0.9 eV]. (a) [100] oriented square nanowires under com-
pressive loading. (b) [110] oriented rhombic nanowires under tensile loading. Solid
lines are calculated values from the equation for ∆G(σapp) and ∆H(σapp) in Fig. 3.8,
while dashed lines are linear fitting. The slopes of these linear fitting curves are
denoted as 1/TMN.

between the activation entropy and activation enthalpy was also validated

experimentally for various activation processes. However, its physical origin

is still not well explained. One possible microscopic interpretation has been

proposed by Yelon et al. [46, 47], i.e., the M-N rule may result from the

requirement for combining multiple phonons inside the activation volume Ω

(SDN can be recognized as a typical phonon-assisted process involving the

stress-dependent activation volume Ω on the order of b3 – 101b3). Specifically,

as a process involves larger activation volume and enthalpy, more phonons are

needed to overcome the barrier, causing larger entropy to be involved also in

the activation process due to the increasing combinations (phases, amplitudes,

modes) of phonons, e.g. acceptable fluctuations to the MEP that can still cause

a transition.

Our numerical results demonstrated here show that the M-N rule largely
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holds for SDN in the activation Gibbs free energy range relevant to laboratory

experiments where the activation barriers are relatively large. Due to expen-

sive computational cost, we only focused on sub-10 nm samples; however, as

can be seen in Fig. 3.10, even for 5 nm and 10 nm samples where significant

surface stress effects are expected, the difference in TMN is within ∼ 100 K.

This suggests a weak sample size dependence of TMN in the activation Gibbs

free energy range [0.7 eV, 0.9 eV]. So in the following, we will use the average

TMN calculated from 5 nm and 10 nm samples to estimate the activation free

energies for other samples:

∆G
(
σapp, T, D

)
= ∆H

(
σapp, D

) (
1 − T

TMN

)
(3.4)

Note that the average TMN obtained here is only valid for the activation Gibbs

free energy range [0.7 eV, 0.9 eV] at 300 K, which generally corresponds to

typical laboratory test conditions such as 300 K and strain rate of 10−2 s−1.

This enables an estimate of the nucleation stresses at experimentally relevant

strain rates (seconds to hours).

3.3.5 Nucleation stress under typical laboratory conditions

Based on the above calculated activation enthalpy and activation entropy, we

now estimate the most likely nucleation stresses for different sized nanowires,

following the method used by Zhu et al. [8]. The most likely nucleation

stresses are obtained by numerically solving the following equation:

∆G
(
σapp, T, D

)
kBT

= ln
kBTNν0

Eϵ̇Ω
(
σapp, T, D

) (3.5)
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where E is the Young’s modulus, ϵ̇ is strain rate, ν0 is the attempt frequency

and N is the number of equivalent nucleation sites. Here, we explicitly include

the sample size dependence in both the activation Gibbs free energy and

activation volume.

The following parameter values are used in evaluating the nucleation

stress via Eqn. 3.5. E = 61 GPa for for [100] square nanowires subjected to

compressive loading, and E = 63 GPa for [110] rhombic nanowire subjected to

tensile loading. These E values are calculated from the athermal quasi-static

loading data. We note that E may slightly change with sample size and strain

level, however it does not bring in significant effects on the nucleation stress

as E is in the natural logarithm on the right-hand side of Eqn. 3.5. N is the

number of nucleation sites. For [100] square nanowires, N = 112, 176, 288,

576, 1104, 1664 and 2880 for 2 nm, 3 nm, 5 nm, 10 nm, 22 nm, 32 nm and 52

nm samples, respectively. For [110] rhombic nanowires, N = 80, 128, 208, 400,

816, 1216 and 1952 for 2 nm, 3 nm, 5 nm, 10 nm, 20 nm, 30 nm and 50 nm

samples, respectively. The attempt frequency ν0 = 3.14 × 1011 s−1. The strain

rate ϵ̇ = 10−2 s−1. Temperature T = 300 K.

Fig. 3.11 shows the nucleation stresses for both the [100] and [110] nanowires

under laboratory experimental conditions (T = 300 K and ϵ̇ = 10−2 s−1). As

can be seen, the nucleation stress for [110] rhombic nanowires follows the

widely believed “smaller is stronger” trend. In contrast, the nucleation stress

of [100] square NWs rapidly decreases with decreasing sample sizes, resulting

in a “smaller is weaker” trend. Such trends in axial strength with respect to

nanowire size stem from the combined effects of surface stress (the induced
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Figure 3.11: Surface dislocation nucleation stress for [100] square nanowire (com-
pressive loading) and [110] rhombic nanowire (tensile loading) under laboratory
experiment conditions T = 300 K and ϵ̇ = 10−2 s−1.

axial stress is denoted as σ0) and applied stress ( σapp). Since the SDN barriers

are uniquely determined by the LMRSS which includes both contributions

from σ0 and σapp, i.e., LMRSS = s(σ0 + σapp), the minimum contribution from

σapp (i.e., the NW strength) to reach the LMRSS will directly depend on the

magnitude and the sign of σ0. If σ0 is opposite to σapp, then it needs more

σapp for smaller samples to reach the LMRSS and hence “smaller is stronger”.

However, if σ0 has the same sign as σapp, then it needs less σapp for smaller

samples to reach the LMRSS, thus “smaller is weaker”. It should be noted that

this predicted strength-size trend may need to be modified in the very small

size range where surface diffusion mediated process [48–50] could become

significant [16, 48] when the homologous temperature is sufficiently high.
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3.4 Summary

In summary, based on a specialized activation-relaxation technique to directly

calculate the activation barriers for expected events, we demonstrate that the

zero-T activation enthalpy ∆H(σapp) of surface dislocation nucleation strongly

depends on sample sizes in the sub-50 nm regime. Despite the strong sample

size dependence of ∆H(σapp), we further find that ∆H is a unique function

of the local maximum resolved shear stress τlmrss for a given nanowire shape,

suggesting that τlmrss is a more intrinsic parameter that controls surface dislo-

cation nucleation. Additionally, τlmrss shows linear relations with the applied

stress with similar slope but different intercepts for different sized samples.

These simple relations offer a shortcut to directly estimate ∆H(σapp) for larger

samples with more complex geometry based solely on the activation enthalpy

calculated for a small sample, since τlmrss is a very local quantity. Individual

energy terms, such as the core energy and surface ledge energy, are also found

to collapse onto the single parameter family vs. τlmrss. Furthermore, thermo-

dynamic integration method combined with constrained molecular dynamics

was used to evaluate the activation free energies at finite temperatures. It

turns out that the activation entropy has a significant effect on the dislocation

nucleation rate and largely follows the Meyer-Neldel compensation rule in the

activation Gibbs free energy range relevant to laboratory experiments. Finally,

based on the activation enthalpy and activation entropy estimated from M-N

rule, we found that, under typical laboratory experiment conditions, the most

probable surface dislocation nucleation stress for different sized nanowires

can either be “smaller is stronger” or “smaller is weaker”, depending on
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the combined effects of surface stress and applied stress. Our results may

also have general relevance to many other nanostructured materials such as

nanoparticles and nanocrystalline materials where surface or interface stress

effects are significant.
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Chapter 4

Strongly correlated breeding of
high-speed dislocations

4.1 Introduction

This Chapter focuses on some unusual dislocation behaviors emerging under

the extreme condition of significantly large driving force. This focus is in line

with the well-established “smaller is stronger” tenet [1] or the ultra-strength

regime [2]. As demonstrated in Chapter 3, a nanometer scale metallic single

crystal can sustain a sample-wide stress that reaches a significant fraction

of the ideal strength (> 10−2 G, where G is the shear modulus). In these

cases, pristine samples of Au [3–5], Al [6], Fe [7], Mo and its alloy [8–10] often

exhibit “instantaneous” shape change (e.g., a sudden large strain burst that

collapses the sample) once the applied stress reaches the yield point. This kind

of cataclysmic plasticity, which is perhaps similar to the electron avalanche

in strongly biased insulators during electrical breakdown, is indicative of

very strong temporal correlations of a large number of mobile dislocations,

but its origin remains poorly understood at present. This example highlights
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the need to better understand how dislocations behave and multiply, when

the driving stresses are very high and the acceleration path is initially clear

(obstacle free) for nucleated dislocations. The purpose of this Chapter is to

address this issue, and the mechanisms uncovered revealing highly efficient

breeding of dislocations may be potentially relevant to the case mentioned

above.

Specifically, this Chapter describes strongly correlated plasticity via prolific

dislocation multiplication mechanisms arising from dislocations running into

free surfaces and into each other at very high speeds. Under an ultra-high

shear stress τ, once a dislocation is nucleated, or breaks free from tangling,

it may be accelerated rapidly to approach or even exceed the transverse

sound speed (ct), to become so-called “relativistic” dislocation [11] as shown

by molecular dynamics (MD) simulations [12–14]. The magnitude of the

relativistic acceleration length scale (lra) can be crudely estimated by equating

the work done to accelerate the dislocation, τb (1 − η) lra, assuming a certain

dissipative loss coefficient η, to the stationary energy E0 of the dislocation as

the excess energy of a relativistic dislocation could be similar to E0 [11], which

is often taken to be E0 = Gb2/2, where b is the magnitude of Burgers vector.

Since in the ultra-strength regime [2] τ is a significant fraction of the ideal

strength ( > G/100), lra will be of the order of 102b, or 101 nm. A distance

of this magnitude for dislocations to accelerate, free of obstacles, is easily

available for the first batch of dislocations, after they nucleate from the surface

of a pristine nanoscale crystal that often yield at ultrahigh stresses.

Once a high speed of the order of ct is reached, the stress field, energy,
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etc. of a dislocation become significantly modified due to the “relativistic”

or inertia effects [11, 15–19]. Thereupon, anomalous dislocation behaviors

and reactions may emerge. In the following, we use MD simulations to

systematically illustrate the spectrum of unconventional reactions of high-

speed dislocations. We will also briefly comment on their implications on

extremely transient but large-amplitude plasticity, for example that seen in

nanometer scale pristine single crystals.

4.2 Simulation methods

A model material based on an empirical potential for Cu [20] was chosen

for the current study as an example. This empirical potential of Cu has

been successfully applied to a wide range of simulations, including those

involving dislocations under high stresses [21–23]. Parallel simulations were

performed on Al [24–27], Ni [24] and Au [28] as well, to ensure that the

observed phenomena are general and not restricted to a specific metal or

a particular interatomic potential. Specifically, we focused on the reactions

when a high-speed dislocation hits free surface or other dislocations.

In all simulations on interactions between high-speed dislocations and free

surface or other high-speed dislocations, the samples were first equilibrated

under constant stress using Parrinello-Rahman method [29] with an initial

temperature that was not controlled by any thermostats thereafter due to the

non-equilibrium nature of high-speed dislocation dynamics (a global Nosé-

Hoover thermostat [30, 31] was also tested and showed negligible difference

compared to the results reported here). Initial temperatures ranging from 1
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to 400 K were tested to ensure finite temperature has minor effects on the

observed high-speed dislocation behaviors (the results with initial temper-

ature of 1 K are shown in the current work). Following the equilibration, a

dislocation was introduced from the crystal surface and accelerated by the

applied constant stress. Periodic boundary conditions were employed along

the dislocation line direction. While some MD simulations on dislocation dy-

namics also used periodic boundary conditions in the direction of dislocation

motion to extend the gliding distance, here we purposely set up free surface

in this direction, as free surfaces are generally the terminus of dislocations in

nanoscale single crystal metals. The atomistic configurations of dislocations

were identified by the common neighbor analysis [32, 33] and the dislocation

extraction algorithm [34] and visualized using AtomEye [35]. Dislocation

speeds were computed by identifying the dislocation positions at different

time. All dislocation speeds used are the instantaneous speeds right before

dislocation reactions. A time step of 1 fs was used throughout all simulations

which were carried out with the LAMMPS package [36].

4.3 Results and discussions

4.3.1 Speed-dependent dislocation-surface reactions

Interfaces such as grain boundaries, phase boundaries has been extensively

studied as they often play an important role in materials’ mechanical prop-

erties via dislocation-interface interactions. However, when materials scale

down to nanometer dimensions and become single crystals that are free of pre-

existing dislocations, dislocation-free surface interactions have been largely

80



Annihilation Single Rebound Multiple Rebound

30.0 ps

34.0 ps

38.0 ps

46.0 ps

a b c

28.0 ps

25.0 ps

31.0 ps

40.0 ps

20.0 ps

22.6 ps

24.4 ps

27.0 ps

X

Y

Z

Figure 4.1: With increasing dislocation speed, full screw dislocation experiences
annihilation, single rebound and multiple rebound at free surface. (a) Simple an-
nihilation at an instantaneous incident speed v ∼ 0.57ct under shear stress of 0.4 GPa.
(b) Rebounding into a single partial dislocation at a higher instantaneous incident
speed v ∼ 0.66ct under shear stress of 1.0 GPa. (c) Rebounding into a full screw
dislocation and two partial dislocations at an even higher instantaneous incident
speed v ∼ 0.78ct under shear stress of 1.8 GPa. ct is the transverse sound speed (2920
m/s for Cu in this work). X, Y and Z are along [112̄], [111] and [11̄0],respectively.
Atoms on free surfaces, dislocation cores and stacking faults are rendered in yellow,
magenta and green color, respectively. The short blue arrows indicate the direction of
dislocation motion.

overlooked as one often expects that dislocation should simply annihilate

at free surfaces, as shown in Fig. 4.1a: here a relatively slowly moving (

instantaneous speed before annihilation is v ∼ 0.57ct, where ct = 2920 m/s is

the shear wave speed) screw dislocation (screw dislocations are thought to be

easily nucleated than edge or mixed dislocation in nanoscale single crystals

[22, 37]) simply annihilates at the free surface of a slab configuration which
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is subject to a shear stress of 0.4 GPa and an initial temperature of 1 K. This

annihilation process reduces the number of active dislocations (nd) from 1

to 0, as often discussed in the dislocation starvation model [38]. However,

when the dislocation speed becomes sufficiently high, the incident dislocation

often does not simply disappear. Instead, it can “bounce back” from the free

surface. As shown in Fig. 4.1b, when the instantaneous speed before hitting a

surface is increased to v ∼ 0.66ct (by applying a higher shear stress 1.0 GPa),

a new partial dislocation is immediately generated (31.0 ps) and accelerated

to glide back (40.0 ps) upon its annihilation at free surface (25.0 ps to 28.0

ps). This annihilation-regeneration process, which occurs within only a few

picoseconds, appears as if the incident dislocation partially rebounded from

the free surface. As a result, nd is kept constant after the reaction (1 → 1).

Additionally, a small atomic step was created on the surface as the rebounded

partial dislocation is of mixed character. Also due to the stacking fault ribbon

of the incident dislocation, the rebounded partial dislocation (with opposite

Burgers vector as to the leading partial of the incident dislocation) generally

does not appear on exactly the same slip plane (otherwise atoms on the two

oppositely shifted atomic planes will sit on top of each other) as that of the

incident dislocation but appear one slip plane above. If the speed further

approaches ct, an incident dislocation could even rebound into multiple new

dislocations. As shown in Fig.4.1c, for instantaneous speed v ∼ 0.78ct (the

applied shear stress now is 1.8 GPa) before hitting a surface, the dislocation

core becomes wider (the dislocation now enters the so-called “breathing mode”

[5, 39, 40] in which the separation between leading and trailing partials varies

quasi-periodically in time) before hitting free surface such that the leading

82



partial and trailing partial are obviously separated and rebound one after

the other. The leading partial first rebounds into a new partial dislocation,

before the trailing partial hits the free surface (22.6 ps). Then the trailing

partial hits the free surface and annihilates (24.4 ps), upon which three new

partials are immediately generated (27.0 ps). One of them is a trailing partial

that complements the first rebounded partial to form a full dislocation, and

the other two are leading partials running on other neighboring slip planes.

Consequently, nd is tripled after the reaction (1 → 3).

For convenience, we use the following convention to name the rebound

events: breb/binc < 1 → partial-rebound, breb/binc = 1 → full-rebound,

nreb
d /ninc

d = 1 → single rebound, nreb
d /ninc

d = 2 → double rebound and

nreb
d /ninc

d ≥ 3 → multiple rebound, where breb and binc are the magnitude of

Burgers vectors of rebounding and incident dislocations, and nreb
d and ninc

d are

the number of rebounded dislocations and the number of incident dislocations,

respectively. Such a scheme is also used to describe other reactions that will

be discussed later. Note that in all these simulations anomalous dislocation

rebounds take place in a shear stress range of 0.6 – 1.8 GPa, or 10−2G, which

is a stress level typically observed in experiments on nanoscale samples [6, 9,

10, 41–44].

In nanoscale single crystals, often the surface nucleated dislocation is a

leading partial dislocation [41–43, 45, 46], which runs across the crystal and

hits the opposite sample surface before a trailing partial appears. We therefore

examine the reaction of a single incident partial dislocation at the free surface.

As shown in Fig. 4.2a, a screw partial dislocation annihilates at the free surface
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Figure 4.2: A screw partial dislocation experiencing annihilation and double re-
bound at free surface with increasing speed. (a) A screw partial dislocation simply
annihilates at the free surface with an instantaneous incident speed v ∼ 0.88ct under
applied shear stress 1.2 GPa. (b) Under applied shear stress 1.6 GPa, a screw partial
dislocation rebounds into two partial dislocations on neighboring slip planes at a
higher instantaneous incident speed v ∼ 0.97ct. ct = 2920 m/s is the transverse
sound speed. X, Y, and Z are along [11̄0],[111] and [1̄1̄2], respectively. Atoms on free
surfaces, dislocation cores and stacking faults are rendered in yellow, magenta and
green color, respectively. The short blue arrows indicate the direction of dislocation
motion.

even though its instantaneous incident speed is already as high as v ∼ 0.88ct

(the applied shear stress is 1.2 GPa). This partial dislocation annihilation

occurs over a wide speed range, which will be rationalized later. When the

instantaneous speed before hitting a surface is very close to ct, as shown in

Fig. 4.2b (v ∼ 0.97ct and the applied shear stress is 1.6 GPa), the incident

partial dislocation does rebound into two partials on neighboring slip planes,

forming a nucleus for a subsequent deformation twin.

The behavior of edge dislocations are examined next. They are found

to show even more possibilities, because an edge dislocation can have a

speed v not only in the subsonic regime (v < ct), but also in the transonic
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Figure 4.3: Full edge dislocation-free surface interactions at different dislocation
speeds under compressive axial stress. (a – c) Interaction between free surface and
a subsonic edge dislocation. (d – f) Interaction between free surface and a transonic
edge dislocation.
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(ct < v < cl, where cl is the longitudinal wave speed) regime [12]. As

shown in Fig. 4.3, a slab setup (x, y and z are along [201], [15̄2̄] and [112̄],

respectively; periodic boundary conditions in x and z directions) is used: an

edge dislocation would glide toward the free surfaces under a uniaxial tensile

or compressive stress (applied along x direction). Fig. 4.3 shows the reactions

under different compressive stresses. In the subsonic speed regime, an edge

dislocation also experiences transitions from simple annihilation to single

partial-rebound to multiple partial-rebound, similar to those discussed above

for screw dislocations. For example, in Fig. 4.3a, an edge dislocation with

instantaneous incident speed v ∼ 0.58ct (applied axial stress is 2.0 GPa) simply

annihilates at free surface. However, as shown in Fig. 4.3b, an edge dislocation

running at a higher instantaneous incident speed v ∼ 0.91ct rebounds into a

single partial dislocation (the applied axial stress is 3.2 GPa). At still higher

instantaneous incident speed as shown in Fig. 4.3c (v ∼ 1.0ct at axial stress

of 5.2 GPa), the incident dislocation rebounds into two leading partials on

different slip planes. Then the stacking faults created in the wake of these

two leading partials become unstable and dissociate into trailing partials

which eliminate the stacking faults and form full dislocations with the leading

partials (27.5 ps). This behavior extends into the transonic speed regime. For

example, at an instantaneous incident speed such as v ∼ 1.1ct (equal to 0.62cl,

where cl is the longitudinal sound velocity) (Fig. 4.3d, the applied axial stress

is 5.6 GPa), the incident full edge dislocation (composed of leading partial

and trailing partial) annihilates via reactions involving rebound partials: the

leading partial rebounds into a trailing partial, which then simply annihilates

with the incident trailing partial (of opposite sign). Different from the subsonic
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speed regime, the incident edge dislocation in transonic speed regime can

also directly rebound into one (Fig. 4.3e) or two (Fig. 4.3f) full dislocations

provided that the instantaneous incident speed is high enough, e.g., v ∼ 1.35ct

(the applied axial stress is 7.2 GPa) and v ∼ 1.36ct (the applied axial stress is

8.0 GPa) in Fig. 4.3e and Fig. 4.3f, respectively.

When the loading stress was changed to tensile for the above setup of edge

dislocation, rebound only occurs in the transonic speed regime, via separate

and sequential rebounding of the leading partial and the trailing partial (see

Fig. 4.4b). However, with high enough instantaneous incident speeds such

as v ∼ 1.21ct (the corresponding instantaneous speed of trailing partial is

vt ∼ 0.97ct), the trailing partial usually dissociates into three (b → 2b − b ,

preserving a constant net Burgers vector) partials before they hit free surface

and rebound (see Fig. 4.4c), significantly increasing nd. Such a self-dissociation

phenomenon is consistent with previous hypothesis [47] and MD simulation

[48].

The above sharp transition from simple annihilation to rebound at free

surface when the applied stress and dislocation speed exceed a critical value

turns out to be a general phenomenon. First of all, the annihilation → rebound

transition has been observed for different type of dislocations as demonstrated

above. Second, this transition has been widely observed in many other metals

modeled by different empirical potentials. For example, Fig. 4.5 shows

the surface rebound of a screw dislocation in Al [27], Au [28] and Ni [24],

respectively. As seen, all these metals show similar surface rebound behavior

of screw dislocations.
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Figure 4.4: Full edge dislocation-free surface reactions under tensile axial stress.
(a) With an instantaneous incident speed v ∼ 0.91ct (the applied axial stress is 2.0
GPa), a full edge dislocation just simply annihilates at the bottom free surface. (b) At
a higher instantaneous incident speed v ∼ 1.15ct (the applied axial stress is 3.2 GPa),
the incident leading and trailing partials rebound into a new pair of leading and
trailing partials, separately and sequentially. (c) With an even higher instantaneous
incident speed such as v ∼ 1.21ct (the applied axial stress is 3.6 GPa), the trailing
partial spontaneously dissociates into three partial dislocations. Two of them have
the same Burgers vector while the other one has opposite Burgers vector. X, Y and Z
are along [201], [15̄2̄] and [112̄], respectively.
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Figure 4.5: Free surface rebound behavior of screw dislocations observed in other
metals. (a) Al [27]. (b) Au [28]. (c) Ni [24]. All simulations were carried out with
an initial temperature of 2 K. The applied shear stress are 1.0 GPa, 0.4 GPa and 3.1
GPa, Al, Au and Ni, respectively. Al is described by the empirical potential with
a higher stacking fault energy thus a full screw dislocation rebounds into a full
screw dislocation. The critical speeds (instantaneous speed before rebound) for the
transition from simple annihilation to rebound are 0.80ct, 0.65ct and 0.65ct for Al, Au
and Ni, respectively. Crystal orientations are the same as that in Fig. 4.1.

Last but not least, the annihilation → rebound transition occurs over a wide

range of temperatures from 1 K to > 400 K. Fig. 4.6 shows an example of surface

rebound at the initial temperature of 300 K, suggesting that finite temperature

dependent energy dissipation has minor effects on surface rebound process

(the temperature rise due to energy dissipation is usually around several

kelvin). Similar results were also observed at other temperatures and for other

metals.
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Figure 4.6: Free surface rebound of a full screw dislocation at an initial temper-
ature of 300 K. The small clusters of atoms are deviated from their equilibrium
positions because of thermal fluctuation. X, Y and Z are along [112̄], [111] and [11̄0],
respectively. The short blue arrows indicate the direction of dislocation motion.

4.3.2 Energy – Burgers vector criterion

The observed sharp annihilation → rebound transition can be rationalized as

follows. According to Frank’s rule, two dislocations with Burgers vectors b1

and b2 can react to form a new dislocation with Burgers vector b3 = b1 +b2 as

long as ∥b3∥2 < ∥b1∥2 + ∥b2∥2. This is based on the notion that the potential

energy per unit length of a dislocation can be approximated as αGb2, where

α is a constant, b is the magnitude of Burgers vector. Potential energy excess

from a dislocation reaction is converted into heat, Eincoh, i.e. incoherent kinetic

energies of the atoms. However, for high-speed dislocations, the coherent

kinetic energy K can be as important as the stationary potential energy E0.

An atomistic system near equilibrium would have its total excitation en-

ergy E nearly uniformly distributed among its 3N degrees of freedom, where
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N is the number of atoms. But, for a system far from equilibrium, i.e., with

high-speed dislocations in this case, certain “modes” could gain dispropor-

tionally large potential and kinetic energies amongst the 3N modes. We can

therefore decompose E into the coherent energy of these few soliton-like

modes Ecoh, plus the rest, which is randomized incoherent energy or heat

Eincoh. The energy from external work is injected into the soliton-like coherent

modes first, which then dissipate to the rest of the modes:

dEcoh

dt
=

M

∑
i=1

bσi
dxi

dt
− dEincoh

dt
,

dEincoh

dt
=

M

∑
i=1

Di (4.1)

where the index i runs over the M dislocations in the system. The dissi-

pation kernel Di takes the form of radiative loss and phonon drag when

the dislocations are translating, and depends on both the dislocation speeds

and phonon temperature: Di = Di (Ecoh, Eincoh). The coherent energy of the

soliton-like modes consists of the potential and kinetic energy of dislocations

in the system, i.e., Ecoh = ∑M
i=1 (Pi + Ki), where Pi and Ki are the potential

energy and kinetic energy of dislocation i moving at speed vi, respectively.

According to the relativistic dislocation mechanics [11] for screw dislocation,

Pi = E0,i(1 − v2
i /(2c2

t ))/(1 − v2
i /c2

t )
1/2, Ki = E0,i(v2

i /c2
t )/(2(1 − v2

i /c2
t )

1/2).

For an assembly of reactant dislocations {bi, Ecoh,i} that react to form products{
bi, Ecoh,j

}
, there is generally,

∑
reactants

bi = ∑
products

bj (4.2)

91



Total potential 

energy  S E0

Reaction coordinate

Final state if in normal reaction;

Lowest Intermediate in abnormal reaction 

Final state in 

abnormal 

reaction

Initial state

Almost all radiated away 

as heat, not useful for 

driving abnormal reaction

Coherent 

kinetic 

energy

needed 

to drive

abnormal 

leg

𝐸0
LI

Figure 4.7: Illustration of abnormal dislocation-reaction pathway. Reaction starts
at an initial state (triangle) with higher potential energy and then proceeds toward
a lower potential energy state (square), as suggested by Frank’s rule. The excess
potential energy of this step almost radiates away as heat. This is the final state of
normal dislocation reactions but the lowest potential energy intermediate (LI) state
for abnormal reactions of high speed dislocations, as the coherent kinetic energies
carried by high-speed dislocations could drive the LI state to a new higher potential
energy state (pentagon).

and loss of coherent energy:

∑
reactants

Ecoh,i > ∑
products

Ecoh,j (4.3)

Note that Eqn. 4.2, which is conservation of geometric incompatibilities in

an elastic medium, can be violated near free surfaces, due to zero-modulus

vacuum. Eqn. 4.3 is an inequality that must be satisfied at all points of the

reaction. However we discover that most anomalous reactions occur only if

∑
reactants

Ki ≥ ∑
products

E0,j − ELI
0 (4.4)

a stronger condition than Eqn. 4.3, as illustrated in Fig. 4.7, where ELI
0 is the

lowest potential energy intermediate (LI) state. (If ∑reactants bi = 0 or if the
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Figure 4.8: Two coplanar opposite full screw dislocations experiencing annihila-
tion, partial-penetration and full penetration at increasing speeds. The left dislo-
cation is denoted as dislocation 1 and the right dislocation is denoted as dislocation 2.
(a) The two colliding dislocations annihilate with the instantaneous incident speeds
v1 ∼ 0.57ct and v2 ∼ 0.57ct under the applied shear stress 0.4 GPa. (b) At higher
instantaneous incident speeds v1 ∼ 0.66ct and v2 ∼ 0.66ct under applied shear stress
1.2 GPa, they partially penetrate each other. (c) At significantly higher instantaneous
incident speeds v1 ∼ 0.68ct and v2 ∼ 0.77ct under applied shear stress 1.6 GPa, they
fully penetrate through each other, accompanied by an explosive generation of dislo-
cations on nearby planes. ct = 2920 m/s is the transverse sound speed. X, Y and Z
are along [112̄], [111] and [11̄0], respectively. Atoms on free surfaces, dislocation cores
and stacking faults are rendered in yellow, magenta and green color, respectively. The
short blue arrows indicate the direction of dislocation motion.

reaction involves annihilation near surface, the lowest intermediate state is

just dislocation-free crystal and ELI
0 is zero.) This is because most of the excess

reactant potential energy are dissipated first into heat when they reached

the intermediate state, and are not useful for subsequent abnormal leg of the

reaction.

In the following, we verify the underlying mechanism in term of the
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criteria discussed above for the various abnormal dislocation behaviors, first

qualitatively, and then quantitatively. To this end, we first carried out two sets

of simulations that involve reactions between two co-planar opposite-sign

dislocations, and reactions between two non-coplanar partial dislocations.

First, let us consider the coplanar opposite dislocation reactions. As shown in

Fig. 4.8, when approaching each other with lower incident speeds (Fig. 4.8a),

two opposite full screw dislocations on the same slip plane simply annihilates,

as expected from the textbook prediction. However, upon collision at higher

incident speeds (Fig. 4.8b), two opposite coplanar partial dislocations are

immediately created and accelerated to glide in opposite directions, looking

as if the incident dislocations had partially “penetrated” through each other.

At even higher collision speeds (Fig. 4.8c), the incident dislocations not only

fully “penetrate” each other but also create additional partial dislocations on

an intersecting slip plane, leading to an “explosion” in dislocation number nd.

This generation of new dislocations on a secondary slip plane is not unique for

two opposite dislocations colliding into each other but was also observed for

dislocations impacting on free surface. The above results are consistent with

our Eqn. 4.4 criteria, as the reactions can be expressed as: b+(−b)+ 2K → 0+

2K → bp + (−bp), and b + (−b) + 2K → 0 + 2K → b + (−b) + bp + (−bp),

where K is the kinetic energy of a single moving dislocation, and bp is the

Burgers vector of partial dislocation. Similar reactions of coplanar dislocations

were also reported for a body centered cubic metal Nb [49].

Fig. 4.9 shows the reactions between two partial dislocations that glide

on two different but intersecting planes, i.e., the left partial dislocation with
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Lomer-Cottrell dislocation formation

Full-penetration

13.0 ps 18.0 ps11.0 ps

a

c

Half-penetration

b

9.4 ps 11.0 ps 16.0 ps

8.4 ps7.8 ps 11.0 ps

X

Y

Z

Figure 4.9: Two non-coplanar partial edge dislocations experiencing Lomer-
Cottrell (LC) dislocation formation and penetration, at increasing speeds. The
left dislocation is denoted as dislocation 1 and the right dislocation is denoted as
dislocation 2. (a) Under the axial stress of 1.0 GPa, two partial dislocations form
a LC dislocation when they collide into each other at relatively low instantaneous
incident speeds v1 ∼ 0.68ct and v2 ∼ 0.62ct. (b) Under the axial stress of 1.7 GPa, half-
penetration occurs with the instantaneous incident speeds v1 ∼ 0.74ct and v2 ∼ 0.73ct.
(c) Under the axial stress of 2.5 GPa, full penetration occurs with the instantaneous
incident speeds v1 ∼ 1.69ct and v2 ∼ 1.70ct. ct = 2920 m/s is the transverse sound
speed. X, Y and Z are along [011], [011̄] and [1̄00], respectively. Atoms on free sur-
faces, dislocation cores and stacking faults are rendered in yellow, magenta and green
color, respectively. The short blue arrows indicate the direction of dislocation motion.
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Burgers vector [211]/6 gliding on (1̄11) and the right partial dislocation with

Burgers vector [2̄11]/6 gliding on (111) plane. Under tensile stresses along

x direction, both of them glide towards the free surface on the bottom. As

designed, the two partial dislocations glide into each other and form a Lomer-

Cottrell (LC) dislocation configuration when the incident speeds are low (e.g.,

v1 ∼ 0.68ct and v2 ∼ 0.62ct under an applied tensile axial stress 1.0 GPa

in Fig. 4.9a); this is the normal LC lock formation mechanism well known

in the literature. But when the instantaneous incident speeds increase to a

higher level such as v1 ∼ 0.74ct and v2 ∼ 0.73ct under an applied tensile axial

stress 1.7 GPa (Fig. 4.9b), one partial dislocation is immediately emitted upon

the formation of the LC dislocation while the other reactant partial is simply

blocked at the stacking fault. This leads to half “penetration”. At even higher

instantaneous incident speeds such as v1 ∼ 1.69ct and v2 ∼ 1.70ct under an

applied tensile axial stress 2.5 GPa (Fig. 4.9c), the two incident partials first

form a LC dislocation which then immediately dissociates into two new partial

dislocations, leading to a full “penetration”. These processes can be described

by the following reactions: bp1 + bp2 + 2K → bLC + 2K → bp1 + bp2, where

bLC state in the middle equations is the LI state.

Note that the free surface rebound behavior discussed earlier can also be

rationalized by a similar reaction: b + bim + 2K → 0 + 2K → ∑products breb
j +

breb
im,j, where bim = −b is the image dislocation Burgers vector, breb

j is the Burg-

ers vector of the jth rebounded dislocation. The re-birth of new dislocations

from the excess kinetic energy is akin to the creation of elementary particles in

high-energy physics, where once a certain energy threshold is reached, new
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charged particles could be created out of “vacuum”. Here dislocations are

created in several unconventional ways, multiplying in number rapidly. These

“rebound” and “penetration” behaviors are consistent with the predictions by

F.C. Frank, who hypothesized that relativistic dislocation-surface interactions

could become a dislocation source mechanism [50]. It should be emphasized

that the kinetic energy effects discussed here are fundamentally different from

the various dislocation reactions at surfaces previously discussed [51–53]. In

those cases, although the hypothesized reactions also provide dislocations that

are different from incident dislocations, they are solely based on Frank’s rule,

in the conventional realm of potential-energy-controlled dislocation reactions.

More quantitatively, for screw dislocations Eqn. 4.4 is

∑
reactants

E0,i

2

(
v2

i /c2
t

) (
1 − v2

i /c2
t

)−1/2
= ∑

products
E0,j (4.5)

From Eqn. 4.5, the critical speed of screw dislocations could be roughly es-

timated. For example, when a screw dislocation is partially rebounded or

partially penetrates an opposite dislocation, E0/2(v2/c2
t )(1 − v2/c2

t )
−1/2 ∼

1/4E0, assuming the rest energy of a partial dislocation is 1/2 of that of a full

dislocation (a full dislocation can be considered as a combination of leading

and trailing partial dislocations provided that the dissociation width is small)

and a dislocation close to surface or opposite dislocation only has 1/2 of the

rest energy of a dislocation far from surface or an opposite dislocation. This

leads to a critical speed vp = 0.625ct for partial rebound or partial penetration.

This estimate is close to our MD simulation results which suggest critical

speeds v ∼ 0.57ct and v ∼ 0.66ct (both are the instantaneous speeds right
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before the reactions) for a full screw dislocation rebounding into a partial

dislocation or partially penetrating an opposite full screw dislocation, respec-

tively. To ascertain that our results are not restricted to a specific metal or a

particular potential, we also made comparisons for Au [28] and Ni [24]. For

single partial rebound, our MD simulations suggested critical speeds ∼ 0.65ct

and ∼ 0.65ct (both are instantaneous speeds before rebound) for Au and Ni,

respectively.

Special attention should be paid to partial dislocations. Due to the sym-

metry of FCC crystal structure, partial dislocations usually suffer from the

bp ↔ −bp asymmetry on a specific slip plane such that a leading partial

dislocation bp cannot rebound into an opposite partial dislocation −bp on

exactly the same slip plane. Instead, it often attempts to rebound into opposite

partial dislocations (with Burgers vector −bp) on the neighboring slip planes.

Accordingly, the total kinetic energy ∑M
i=1 Ki is partitioned into two parts, each

for one side of the incident slip plane. For screw dislocations under simple

shear (as shown in Fig. 4.2), the partition coefficient could simply be ∼ 0.5

because both sides of the incident slip plane are virtually equivalent. Because

of this partitioning of kinetic energy, the minimum critical speed for rebound

is increased; a double rebound has to be initiated in lieu of a single rebound.

For example, estimation made based on Eqn. 4.5 for a partial screw disloca-

tion rebounding or penetrating into two new partials gives a critical speed

of vdp = 0.910ct, close to our MD simulations results (instantaneous critical

speeds v ∼ 0.90ct and v ∼ 0.88ct right before reactions, respectively). We no-

ticed that the rebounded partial dislocation by an extended screw dislocation
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also appears on a neighboring slip plane; however, only single partial rebound

was observed at the critical speed, indicating biased energy partitioning onto

one side of the original slip plane. Additionally, the smaller static potential en-

ergy of a partial dislocation used in the relativistic expression (compared with

that of an extended dislocation, see section 4.3.3 for the calculation on static

potential energies of partial and extended dislocations) may also contribute to

the higher critical speed for surface rebound.

For a screw dislocation being fully rebounded or penetrated, the critical

speed estimated from Eqn. 4.5 is 0.786ct. However, such full rebound or

penetration is rarely observed in our simulations using Cu. In order to verify

this estimation, we used four different empirical potentials for Al [24–27]

that allows the single full-rebound of a full screw dislocation due to the

higher stacking fault energy. The critical speeds resulted from these two

potentials are v ∼ 0.80ct, v ∼ 0.80ct, v ∼ 0.77ct, v ∼ 0.80ct (all speeds are the

instantaneous speeds right before the full rebound), respectively. These are

again in reasonable agreement with the estimated value from Eqn. 4.5.

The above discussed critical speeds are summarized in Table 4.1. As can be

seen, all the comparisons between predicted values and MD simulation results

(using different empirical potentials) show good agreement (with deviation

within 0.06ct. It should be noted that all values in Table 4.1 are for reactions at

low temperatures. However, our finite temperature (< 400 K) MD simulations

suggest that temperature only has a minor effect on these critical speeds.
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Table 4.1: Critical speeds (instantaneous speeds right before reactions) from
both prediction and MD simulations for various reactions (first four reactions
are surface rebound processes and the last two are penetration processes). All
speeds are normalized by ct.

Eqn. 4.5 Cua Aub Alc Ald Ale Alf Nig

bf → bp 0.625 0.57 0.65 0.65∗ — 0.64∗ 0.66∗ 0.65
bf → bf 0.786 — — 0.80 0.80 0.77 0.80 —
bp → 2bp 0.910 0.90 0.89 — — 0.88 0.93 0.90
2bf → 2bp 0.625 0.66 0.66 — — 0.63 0.63∗ 0.61
2bf → 2bf 0.786 — — 0.80 0.80 0.80 0.79 0.76

aRef.[20], bRef.[28], cRef.[24], dRef.[25], eRef.[26], fRef.[27], gRef.[24]
∗these products soon annihilate due to high stacking fault energy.

4.3.3 Quantitative verification of the relativistic expressions

Although the critical speeds predicted by Eqn. 4.5 in section 4.3.2 have shown

good consistency with our atomistic simulation results, it is important to verify

the relativistic expression quantitatively and identify its applicable range or

conditions, using systematic atomistic simulations. In this section, we directly

calculate the coherent kinetic energy K of a moving screw dislocation from

large scale atomistic simulations and relate K to the corresponding disloca-

tion speed to verify the relativistic expression which is based on continuum

mechanics.

Before we quantitatively evaluate the coherent kinetic energy K, let us first

quantitatively verify the assumptions made when using Eqn. 4.5, i.e., (a) the

static potential energy of a partial dislocation is half of that for an extended

dislocation with small dissociation width and (b) the static potential energy of

a partial dislocation near free surface is half of that for a partial dislocation

far from free surface. In this section, we used the same dislocation length 4
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nm for all atomistic configurations to ensure the reported dislocation energies

are based on the same length. First the static potential energy of an extended

dislocation was calculated using two atomistic configurations. The first has

a dissociated screw dislocation and the second remains perfect. These two

atomistic configurations have similar dimensions and boundary conditions

but are slightly different in the number of atoms. This is because a special

periodic boundary conditions was imposed along the dislocation motion direc-

tion in the first configuration when the dislocation was introduced following

the method used in Ref.[54]. Thus the static potential energy of an extended

dislocation was calculated by Eext
0 = Edisl − Ndisl · Eperf/Nperf, where Edisl is

the total potential energy of the first configuration which has an extended

dislocation, Ndisl is the number of atoms in the first configuration, and Eperf

and Nperf are those for the second configuration, respectively. Following this

method, the static potential energy Eext
0 of a ∼ 4 nm long extended screw

dislocation was determined as 26.2 eV.

The static potential energy of a partial dislocation with respect to its dis-

tance to a free surface was then evaluated. In this set of calculations, we

also used two similar atomistic configurations; one has a partial dislocation

inside and the other remains perfect. However free surfaces were used in

both dislocation motion direction and the slip plane normal direction. Thus

both the dislocated configuration and perfect configuration have the same

number of atoms. The partial dislocation length used here is also 4 nm

and the potential energy of this partial dislocation is calculated according

to Epar
0 (r) = Edisl(r) − Esf(r) − Eperf, where r is the distance of the partial
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dislocation from free surface, Edisl(r) is the total potential energy of the crystal

with one partial dislocation located at r, Esf(r) is the stacking fault energy

when the partial dislocation is located at r and Eperf is the total potential

energy of the perfect crystal. The partial dislocation was first introduced

at a scaled position of 0.88 along the length between the two free surfaces.

Then energy minimization was performed via the conjugate gradient method.

During the energy minimization process, due to the shear stress resulted from

the stacking fault energy, the introduced partial dislocation glides back to

eliminate the stacking fault area and gradually approached the starting free

surface with scaled position 0.00. We collected the static potential energies

of this partial dislocation when it passed from 0.5 to 0.0 during the energy

minimization. As shown in Fig. 4.10a, the potential energy of the partial dislo-

cation largely remains constant until it enters the sub-surface distance of ∼ 30

nm where dramatic decrease of potential energy occurred. Fig. 4.10b shows

three atomistic configurations of partial dislocations at different positions and

their corresponding static potential energies. The one located in the middle

of the simulation box has a potential energy of 11.4 eV. The closest partial

dislocation to the free surface and the next closest partial dislocation to the

free surface have potential energies 6.3 eV and 6.9 eV, respectively. As can be

seen, Epar
0 (0.5)/Epar

0 (∼ 0) = 1.81, Eext
0 /Epar

0 (0.5) = 2.3; these two values are

very close to 2.0, thus verifying the assumptions made in using Eqn. 4.5.

Next we consider the coherent kinetic K of a moving dislocation. As

analyzed in section 4.3.2, the total kinetic energy of a system consists of the

randomized incoherent kinetic energy or heat Eincoh and the coherent kinetic
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Figure 4.10: Static potential energy of a partial dislocation with respect to its dis-
tance to free surface. (a) Static potential energy change vs. scaled dislocation position
(0.0 represents the left free surface and 0.5 is the middle of the simulation box). (b)
Three typical configurations of the partial dislocation and their corresponding static
potential energies.

energy K due to moving dislocations. The random nature of atoms’ velocities

due to Eincoh allows one to separate out K by performing coarse graining

on each velocity component of a central atom over its neighbors. Here, we

obtain the coherent velocity of a given atom by averaging each of its velocity

component over its neighbors with each assigned a weighting factor. The

weighting factor fi for neighbor atom i is given by fi = gi/ ∑N
i gi, where N

is the number of neighbors within the specified cutoff radius rc and gi is the

value of Gaussian function which depends on the distance to the central atom

and the standard deviation parameter δ. The proper values of rc and δ were

determined by performing the weighted averaging on a thermally equilibrated

system (with temperature equals 10 K, an upper bound for temperature rise

during dislocation motion at high speeds in our simulations) that has similar

setups as those used for subsequent coherent kinetic energy calculation (see

next paragraph for a detailed description) but without dislocation. Generally,
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the larger rc and δ, the smaller the resultant kinetic energy. We tried a series

of rc and δ and found that when rc = 20.0 Å and δ = 15 Å, the resultant total

kinetic energy of the system (a snapshot at 100 ps) reduced from 1651.8 eV (the

total kinetic energy of the system) to 0.68 eV, showing that the randomized

incoherent kinetic energy Eincoh has been effectively removed. The remnant

kinetic energy after coarse graining with the same rc and δ is even smaller

for the same system but with lower temperature, e.g., it is only 0.34 eV when

the system temperature is 5 K, half of that at 10 K. This small remnant kinetic

energy resulted from the above choice of rc and δ turns out to be small enough

for our purpose of calculating the coherent kinetic energy as it is comparable

with or much smaller than the standard deviation of the time averaged K

using the same set of parameters. Therefore, we choose rc = 20.0 Å and

δ = 15 Å for the following calculation on coherent kinetic energy.

In order to obtain the atomistic configurations with moving dislocations at

steady state, here we use a simulation setup that is different from those used

in previous sections. This time, periodic boundary conditions were applied in

both dislocation line direction and dislocation motion direction. Free surfaces

were used in the normal direction of the slip plane. The dimensions of our

simulation box are 200 nm × 20 nm × 4 nm along dislocation motion direction,

slip plane normal direction and dislocation line direction, respectively. Atoms

in the outmost three layers of both surfaces were constrained to move in slip

plane and were subjected to a Langevin thermostat at 1 K. Temperature of the

rest atoms were initialized at the beginning of simulation and not controlled

thereafter. An extended dislocation with screw character was introduced
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following the method used in Ref.[54]. The driving shear stress was applied

by adding forces to atoms in the surface layers. The desired shear stress

level was ramped up according to σ/(1 + 6.0 exp(1.0 − 0.03t)), where σ is the

desired shear stress in units of GPa and t is the simulation time in units of ps

and starts from 0 ps. Based on this ramping function, the shear stress generally

reaches a constant value after 300 ps. After sufficiently long time such that

the overall potential energy, temperature etc. of the simulated system reach a

steady state, the desired properties such as dislocation speed, core width and

kinetic energy were calculated and averaged over a time period of 800 ps.

Fig. 4.11a shows the calculated K and K given by the relativistic expression

with respect to dislocation speed for copper. As can be seen, K predicted by

the relativistic expression is largely consistent with that obtained from MD

simulations for dislocation speeds less than ∼ 0.65ct. Beyond this speed, K

from relativistic expressions significantly deviates from the calculated values.

This significant difference in K when dislocation speed is greater than ∼ 0.65ct

is due to the onset of the so-called breathing mode of dislocations (see Fig.

4.11b for a typical example of dissociation width variation during motion with

average speed of 0.79ct), which has been demonstrated in previous research

[5, 39, 40]. Thus criterion given by Eqn. 4.5 should be applied with caution at

very high speeds where the dissociation width variation is significant. How-

ever, we found that the relativistic expression can remain valid up to higher

speed levels provided that the dislocation core width does not undergo signif-

icant changes, see Fig. 4.11c for an example of Al [24] where the dislocation

core width largely remains constant up to speed ∼ 0.8ct. Nevertheless, the
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Figure 4.11: Quantitative evaluation of the coherent kinetic energy for moving
screw dislocations. (a) Comparison between the coherent kinetic energy obtained
from MD simulations and that given by the relativistic expression. Below ∼ 0.65ct,
results from the relativistic expression are largely consistent with that from MD
simulations. Above ∼ 0.65ct, dislocation enters the so-called breathing mode in
which the relativistic expression fails to capture the dissociation width variations and
thus the prediction significantly deviates from MD simulations. Dashed line indicates
the static potential energy of a partial dislocation near free surface. (b) A typical
example of dissociation width variation during the breathing mode for copper. The
average dislocation speed is 0.79ct. Initially the dissociation width only has a small
fluctuation (before 850 ps). After 850 ps, the dissociation width starts to fluctuate
quasi-periodically with much larger amplitude. (c) Coherent kinetic energy for a 4nm
long screw dislocation in Al. The static potential energy of this screw dislocation is
14.5 eV. The relativistic expression is largely consistent with MD results up to speed
0.8ct. The dislocation core did not undergo significant width fluctuations up to 0.8ct.
(d) Normalized coherent kinetic energy of dislocation core region with respect to
different core radius. Calculations were performed on a snapshot with steady speed
of 0.615ct in copper.
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minimum critical speed for partial rebound, which is substantially below the

critical speed for the breathing mode, is still correctly predicted using Eqn.

4.5 (see Fig. 4.11a; the intersection between the threshold energy to create a

partial dislocation near free surface and the calculated/predicted K is∼ 0.6ct ).

Fig. 4.11d shows the change of coherent kinetic energy for dislocation core

region K(r) with respect to different core radius r (K(r) is normalized by the

total coherent kinetic energy Ktotal and the calculation was performed on a

snapshot taken from a simulation with steady dislocation speed of 0.615ct in

copper). As can be seen, the coherent kinetic energy is highly localized; 50%

of Ktotal is localized within a ∼ 5 nm core and 80% of Ktotal is confined within

a ∼ 20 nm core.

Surface effects have been largely captured by Eqn. 4.5 in the following way.

On one hand, we assumed that the rebounded dislocation near free surface

has a static potential energy which is half of that for a dislocation far from free

surface. This assumption has been verified by our MD simulations (see Fig.

4.10). On the other hand, when dislocations approach free surface, the speed

and coherent kinetic energy may increase due to the image force. This effect

can be taken into account by using the instantaneous dislocation speed right

before hitting a free surface. It should be noted that critical speed predicted by

Eqn. 4.5 represents the minimum speed required for an anomalous reaction

(e.g., single partial rebound at free surface) because products are assumed to

be static at the very moment of being created (no extra kinetic energy left to

render the products relativistic and the products need to be accelerated by the

applied stress). One may also add relativistic effects into the products if the
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reactant dislocations have extra kinetic energy and are able to directly create

relativistic products. However the latter needs to be based on further studies

on the detailed physics of these transient reactions.

4.3.4 Strongly correlated plasticity in Cu nanowire

The abnormal dislocation reactions and breeding described above may have

consequences in real-world plastic deformation processes, especially those that

exhibit strong correlation effects both temporally and spatially. For example,

in nanometer scale single crystals, the specimen can be almost free of defects

and approach theoretical strength. Consequently, over an acceleration distance

of ∼ 101 nm, the first dislocation nucleated from the surface can accelerate to

ct and becomes temporarily “immortal” via the “rebound” and “penetration”

mechanisms illustrated earlier, until the entire system becomes stress relaxed

and the dislocation speed slows down. As discussed above, this is expected

to lead to an explosive increase in the number density of dislocations that are

initially strongly correlated, and hence extremely rapid shape changes.

To demonstrate such a possibility, in Fig. 4.12 we show a copper nanowire

that was plastically relaxed via high-speed dislocations. The nanowire has

a square cross-sectional area, a dimension of 95 nm × 29 nm × 29 nm, and

is periodic along the X direction. As an example, an axial stress σxx = 4.5

GPa is ramped up at the strain rate of 109 s−1, with an initial temperature

of ∼ 1 K without any thermostats. From then on, the total strain is kept

constant. A leading partial dislocation is introduced at one of the corners,

after a relaxation for 10 ps at the current temperature and elastic strain. As
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Figure 4.12: Strongly correlated plasticity in Cu nanowire. The initial applied axial
tensile stress is σxx = 4.5 GPa and the global strain (plastic + elastic) is kept constant as
5.7%. The high-speed dislocations lead to self-sustained multiplication that produced
a high density of dislocations via rebounding and penetration events. Stacking faults,
dislocation cores and free surface are rendered in green, magenta and translucent
yellow, respectively. Blue arrows indicate the motion direction of incident dislocations
while yellow arrows indicate the motion direction of rebounded dislocations. X, Y
and Z are along [100], [010] and [001] directions, respectively.
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shown in Fig. 4.12, the introduced leading partial quickly accelerates to a high

speed and collides into the free surface (25.0 ps). At the sites where collisions

occur, new dislocations are immediately generated and glide onto different slip

planes (35.0 ps, 47.5ps and 57.5 ps), leading to strongly correlated rebounding

events. The rebounded dislocations continue to accelerate, penetrate other

dislocations or stacking faults and collide into the free surfaces, resulting in

more and more rebound events (61.0 ps to 157.5 ps), in a “chain-reaction” like

process. New dislocation generation is thus self-sustained, and becomes a

general dislocation shower within a very short period of time, until the sample-

wide stress is significantly relaxed. It is determined that surface dislocation

rebound largely dominates the relaxation process though some dislocations

are also nucleated from the surfaces without the help of an incident dislocation.

With such processes, the elastically strained nanowire is thoroughly relaxed

within hundreds of picoseconds, exhibiting a large plasticity (transforming

67% of the total elastic strain 5.7% into plastic strain). This is thus an example

of a large strain burst due to high-speed dislocation mediated emissions that

are strongly correlated both temporally and spatially [4]. We noted that such

strongly correlated plasticity due to high-speed dislocations have rarely been

reported in MD simulations, however, this does not necessarily mean that

our results contradict previous studies. Possible reasons for failing to observe

the results presented here may lie in the extremely high loading rates or

very small sample sizes used in most MD simulations on nanowires. Under

high strain rates, samples can be easily loaded to the athermal stress limit at

which dislocation nucleation from surfaces becomes so rampant that surface

rebound processes would be significantly obscured or suppressed. Here in
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our simulations, dislocations were “nucleated” far below the athermal stress

level, which is often the case for laboratory experiments. Or if very small

sample sizes such as a few nanometers in diameter were used in simulations,

dislocations might not have enough acceleration length to reach high speeds,

hence simple annihilation would dominate.

4.4 Summary

In conclusion, we have shown that high-speed dislocations created under

ultra-high stress often behave differently from conventional dislocations. The

textbook-predicted dislocation annihilation (e.g. at free surface or upon en-

countering dislocations with opposite sign) can be defeated: instead new

dislocations can be generated through “rebound”, “penetration” and self-

dissociation processes. These strongly correlated reactions are demonstrated

here systematically via atomistic simulations. We have also confirmed that

they indeed have their origin in the high kinetic energy associated with a high-

speed dislocation; for the first time the criteria based on energy conservation

have been analyzed and the transitions between different reaction products at

various critical dislocation speeds have been rationalized and verified. The

unconventional dislocation interactions with surface and other dislocations

efficiently and rapidly multiply dislocations that are strongly correlated tem-

porally and spatially, and can thus mediate strongly correlated plasticity in

initially pristine single crystals. One possible connection to laboratory exper-

iments is that such an strongly correlated dislocation shower, not just as an

avalanche of existing dislocations but rather a rapid creation of a high density
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of new dislocations, may contribute to some of the unusual deformation be-

haviors observed at ultra-high stresses in nano-scale samples mentioned at

the beginning of this article, such as the large strain bursts and shape collapse

that require the instant availability of a large number of dislocations across

the crystal volume.
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Chapter 5

Relativistic twinning dislocation
with extreme spatial-temporal
correlations

5.1 Introduction

This Chapter discusses the dislocation dynamics with extremely stringent

spatial-temporal correlations, as often encountered in deformation twinning

(DT) process on very short timescale. For example, DT has been shown to

initiate in nanoscale pristine metals at ultra-high stresses (∼ 10−2G, where G is

shear modulus) and on a timescale significantly shorter than 10−2 s [1–4], the

typical time resolution of the state-of-art in situ microscopy techniques. This

indicates strong spatial-temporal correlations in the underlying dislocation

dynamics, as such strongly correlated DT mode requires extremely stringent

spatial and temporal coordination of twinning dislocations, i.e., the right type

of partial dislocation has to be generated on consecutive atomic planes one after

another with a very short time delay. This process is schematically illustrated

in Fig. 5.1. This is hardly possible by the conventional pole mechanism [5, 6]
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Figure 5.1: Schematic illustration of strongly correlated DT initiation. The first
partial dislocation nucleates (often thermally activated nucleation) on the (n + 1)th

atomic layer. Then a twinning dislocation with the same Burgers vector has to nucleate
on a consecutive neighbor plane (the (n + 2)th plane in this figure) with a very small
delay time ∆t = t2 − t1. Similarly stringent process is repeated for more layers to
thicken DT.

due to the pristine nature of the deformation volume, nor by the generally

believed thermally activated nucleation (TAN) [1, 3, 4, 7–10] due to possible

long waiting time.

In this Chapter, we illustrate that while the first dislocation to initiate

DT must come from a TAN event, subsequent twinning dislocations can be

generated by dislocations running at speeds near the transverse sound speed

ct (hence the name relativistic dislocation according to high-speed dislocation

mechanics [11]). Specifically, twinning dislocations are generated successively

on each and every consecutive atomic plane by a surface-rebound sustained

(SRS) nucleation process, in a domino cascade like fashion. This mechanism is

highly efficient due to its strong temporal correlation, i.e., there is almost no

time delay between two successive twinning partials. The SRS mechanism can
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thus dominate over the TAN mechanism over a wide range of experimental

conditions.

5.2 Simulation methods

In this Chapter, we combine atomistic simulations, reaction pathway sampling

method and the harmonic transition state theory to revealing the mechanism

underlying the strongly correlated DT. Specifically, direct molecular dynamics

(MD) simulations were performed to observe how dislocations behave after

nucleation in highly stressed nanowire and slab configurations. Free-end

nudged elastic band method (FENEB) [8, 12] was used to obtain the activation

energy barriers for TAN of surface dislocations.

To directly observe the SRS DT initiation in MD simulations, we used a 10

nm wide square nanowire with periodic boundary conditions along the axial

direction [100] and free surfaces in the other two directions [010] and [001],

respectively. Then the nanowire was equilibrated at 300 K for 20 ps under NPT

conditions with pressure in the axial direction kept at 0 GPa. Temperature

was controlled by the Nosé-Hoover thermostat [13, 14] and pressure was

controlled via the Parrinello-Rahman method [15]. Afterwards, the nanowire

was compressed with a strain rate of 106 s−1 and both the thermostat and

barostat were turned off.

MD simulations were also performed to observe the acceleration process of

a dislocation nucleated from the surface of a slab-sample under high stresses.

In this case, a sample with free surfaces in all directions are used and the

sample dimensions are 46 nm × 15 nm × 28 nm, along x[11̄0], y[111] and
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z[112̄], respectively. This system was first equilibrated at 2 K or 300 K for

20 ps with the Nosé-Hoover thermostat. Then shear stress τyz was ramped

to the desired stress level by adding a z direction force component to each

atom on surfaces perpendicular to y direction. After the shear stress reached

the constant value, a dislocation was “nucleated” by rigidly displacing local

atoms below and above the slip plane within a short time period (< 1 ps).

Then the nucleated dislocation was accelerated under the applied shear stress.

FENEB method [8, 12] was used to evaluate the nucleation barrier of

twinning dislocations from either flat surface or corner sites on a nanowire. For

twinning dislocation nucleation from a flat surface, we used a slab sample with

dimensions of x[11̄0] 10 nm × y[111] 7.5 nm × z[112̄] 21 nm. Periodic boundary

conditions were employed along the dislocation line direction (i.e.,z[112̄]) and

the slip plane normal direction (i.e., z[111]). We also used a square nanowire

with dimensions of x[100] 5.24 nm × y[010] 11.57 nm × z[001] 5.24 nm to

calculate the nucleation barriers for the first six partial dislocations during

a DT initiation process. The corner site along the intersection of two side

surfaces was chosen as the nucleation site. Periodic boundary conditions

were only applied in the axial direction (i.e., y[010]). To evaluate the stress

dependence of nucleation barriers, both the slab-sample and nanowire-sample

were pre-strained to different stress levels (shear-stress for the slab-sample and

compressive-axial-stress for the nanowire-sample), via quasi-static athermal

loading. At a chosen stress level, a final configuration for the minimum

energy path (MEP) calculation was constructed by “manually” nucleating a

small dislocation arc (close to screw character) at the desired nucleation site.
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The potential energy of the final configuration is usually lower than that of

the initial configuration by an amount of 0.1 – 0.3 eV. For a specific FENEB

calculation, 16 and 8 replicas were used for the slab-sample and nanowire-

sample, respectively. The Quick-Min algorithm [16] was used to update atomic

positions and convergence is considered to be reached when the force on each

replica is less than 0.01 eV/Å.

To evaluate the critical shear stress for surface rebound process and the

kinetic energy carried by a relativistic dislocation core, similar slab-samples to

that for FENEB calculation were used. However, the sample dimensions for

the two tasks here are x[11̄0] 61 nm × y[111] 75 nm × z[112̄] 3.5 nm and x[11̄0]

61 nm × y[111] 18 nm × z[112̄] 71 nm, respectively. Specifically, in both sets

of simulations, the temperatures were initially set to 2 K and not controlled

during the motion of dislocation to avoid interrupting the core energy. Pres-

sure was controlled by the Parrinello-Rahman method [15]. A dislocation was

introduced after a 20 ps equilibration at the desired temperature and shear

stress.

The empirical potential for copper [17] based on the embedded atom

method was used to describe the interatomic interactions. All simulations

were performed using the LAMMPS package [18] and the results were visual-

ized by AtomEye [19] and Ovito package [20, 21].
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Figure 5.2: Axial stress vs. time for the 10 nm wide nanowire under compression.
The applied temperature and strain rate are 300 K and 106 s−1, respectively. The inset
shows the stress drop during DT initiation which is accomplished within ∼ 60 ps.

5.3 Results and discussions

5.3.1 Direct DT initiation due to dislocation rebound at sur-
faces

A [100] oriented nanowire is subjected to compressive deformation such

that leading partial dislocation has larger Schmid factor than trailing partial

dislocation. In this case, ordinary dislocation plasticity is generally not favored

and plasticity is often carried out by DT. Specifically, a 10 nm (width) square

nanowire is compressed with a constant strain-rate of 106 s−1 at 300 K. Fig. 5.2

shows the stress vs. time curve. As seen, plastic deformation kicks in when

the axial compressive stress reaches ∼ 2.5 GPa, leading to a large (∼ 2.5 GPa

→ ∼ 0.75 GPa) and rapid (within ∼ 60 ps, see the inset) stress relaxation.
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Fig. 5.3 shows the underlying DT initiation process associated with the

significant stress relaxation as observed in Fig. 5.2. The first dislocation

is nucleated when the sample-wide axial stress reaches 2.5 GPa (see Fig.

5.2), and glides across the nanowire (0.0 ps → 5.5 ps). However, instead

of TAN of twinning dislocations, the subsequent DT proceeds via repeated

surface rebounds. Specifically, when an incident partial dislocation impacts

on a free surface and annihilates, new partial dislocations are immediately

generated (5.5 ps → 8.0 ps). The new partials are on neighboring slip planes

because of the lack of bp ↔ −bp symmetry on the same slip plane (the

atoms in the two atomic layers would otherwise sit/slide on top of each

other) in face-centered cubic (FCC) metals. The rebounded partials are thus

naturally twinning dislocations, which are then accelerated again to high

speeds under the resolved shear stress τ, towards the surface on the other

side of the sample (12.0 ps), where another collision kicks out more twinning

partials that continue the relay (14. 0 ps). Such SRS relay continues until the

sample-wide axial stress (σ) is relaxed to a much lower level of 0.75 GPa (17.0

ps → 60.0 ps, see Fig. 5.2 for the stress vs. time curve). The whole DT initiation

process is accomplished within 60 ps with a 9-layers twin nucleus (60.0 ps).

Similar results were also observed for a [110] oriented nanowire under tensile

loading. If constant stress were applied (instead of constant strain rate), i.e.,

without stress relaxation, the SRS nucleation of twinning dislocation can lead

to very efficient DT growth.
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Figure 5.4: Trajectory of a partial dislocation being accelerated in a copper slab
subjected to a shear stress τ ∼ 1.55 GPa at 2 K. The dislocation line is colored
corresponding to its instantaneous speed. The crystals directions are [1̄10], [112̄] and
[111] along the dislocation motion direction, the tangent of dislocation front and the
slip plane normal.

5.3.2 Kinetic energy of relativistic dislocation core

MD simulations showed that, under sufficiently high shear stress τ, disloca-

tions can be accelerated to become [22], or even directly born as [23] “rela-

tivistic dislocations”. As shown in Fig. 5.4, a partial dislocation is accelerated

under an applied τ of 1.55 GPa (a typical stress level in laboratory experiments

on dislocation-free samples [24, 25]) at 2 K. Although being dragged by free

surface, the front of a partial dislocation loop is still accelerated to a speed

as high as ∼ 0.84ct, within a distance as short as ∼ 20 nm. Phonon drag has

minor effects on this acceleration process, as similar acceleration process is

also observed at 300 K, see Fig. 5.5. As such, dislocations can conceivably
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Figure 5.5: The acceleration process of a partial dislocation in copper under an
applied shear stress τ = 1.35 GPa at 300 K. The acceleration parameters such as
the acceleration distance (tens of nanometers) and the steady-state speed reached
(∼ 0.82ct) remain similar to that in Fig. 5.4 for T = 2 K.

enter the kinetic energy dominated, i.e., strongly overdriven regime, in highly

stressed pristine crystals.

When a dislocation becomes relativistic, the kinetic energy Ek associ-

ated with the core becomes equally important as the potential energy Ep

(Ecore = Ep + Ek), and is no longer negligible for dislocation reactions [11,

28–30], as already shown in Chapter 4. Before we dive into the kinetic energy

of a relativistic dislocation core, let us first consider the full kinetic energy as-

sociated with the entire displacement field of a moving dislocation, which can

be treated using the concept of effective mass: E(v) = E0 + 1/2m∗v2, where

E(v) is the total energy of the moving dislocation, E0 is the rest energy of the

dislocation, v is the velocity of the moving dislocation and m∗ is the effective
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Figure 5.6: Atomic kinetic energy distribution in the displacement field of a mov-
ing dislocation. The bottom panels show the corresponding dislocation core and
stacking fault/twin boundary identified by the common neighbor analysis (CNA)
[26, 27]. The applied shear stress is 1.45 GPa and the initial temperature is 2 K.

mass of the moving dislocation. The second term 1/2m∗v2 in the expression

of E(v) is the full kinetic energy that includes both the excess potential energy

and kinetic energy. Here, we are interested in the kinetic energy part of the

entire 1/2m∗v2. Fig. 5.6 shows the atomic kinetic energy distribution for a

moving partial dislocation during a surface rebound process. Note that the

kinetic energy of each atom is due to both dislocation motion and temperature;

however the random thermal energy contribution in our case is negligible as

the applied temperature is very low (2 K). As seen, before the surface rebound

process (24 ps), the atomic kinetic energy distribution shows a “Mach-cone”

profile, spreading over the entire crystal. When colliding into the right free

surface, most of the kinetic energy traces are reflected back (26 ps and 27 ps)

except the local region where surface rebound occurs. This suggests that it

should be the local kinetic energy associated with the core, rather than the

entire kinetic energy spreading over the elastic field of a moving dislocation,
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Figure 5.7: Core size dependent kinetic energy. The lower-left plot is a local magni-
fication of the upper-left plot. On the right, the first six cores with increasing sizes
are shown. Both the full atomic kinetic energy and coherent atomic kinetic energy
increases (at different rates) with increasing core sizes. At smaller sizes (lower left
plot), the full atomic kinetic energy and coherent atomic kinetic energy are almost
indistinguishable.

that compensates the local energy barrier to generate a new dislocation. This

is also the physical origin of the strong spatial correlation exhibited by sur-

face rebound; the most probable site for “bouncing” back a new dislocation

is localized near the annihilation site of the incident dislocation rather than

randomly distributed along the surface where the kinetic energy profile of

the incident dislocation gets reflected. Such a picture is consistent with the

localized nature of surface dislocation nucleation, as demonstrated in Chapter

3.

To evaluate the kinetic energy associated with a high-speed dislocation

core, let us first examine how the kinetic energy depends on core size. Fig.

5.7 shows the core-size dependent kinetic energy. As seen, both the full
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kinetic energy (thermal energy + coherent kinetic energy) and coherent kinetic

energy increases with increasing core sizes. Specifically, the coherent kinetic

energy (green line in the upper left panel of Fig. 5.7) first increases and then

tends to be converged at relatively large core sizes. This is consistent with

the kinetic energy profile shown in Fig. 5.6 where the “Mach-cone” has the

highest “intensity” at the very core region and gradually fades with increasing

distances from the core. In contrast, the full kinetic energy (blue line in the

upper left panel of Fig. 5.7) constantly increases at a core-volume-dependent

rate for relatively large core sizes. For very small cores (see the lower left

panel in Fig. 5.7), however, the full kinetic energy and coherent kinetic almost

overlap, suggesting that small dislocation cores are carrying highly coherent

kinetic energies. The right panels in Fig. 5.7 shows the first six dislocation

cores.

A further detailed analysis reveals that there is often an extremely fast

energy transformation during the surface rebound process. As shown in Fig.

5.8, a typical surface rebound process can be described in four states, i.e., the

initial state associated with the incident dislocation (24.4 ps), the annihilation

state with a stacking fault left behind (24.8 ps), the localized activated complex

state (25.1 ps) and the final state with a new partial dislocation generated

(25.5 ps). The activated complex state which is critical for the subsequent new

dislocation generation has a relatively small size similar to the dislocation

core width identified by common neighbor analysis (CNA) [26, 27] but with a

height involving four atomic planes. As seen, the atomic kinetic energy within

a similarly sized region in the incident dislocation state (24.4 ps) is indeed
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Figure 5.8: Detailed kinetic energy and dislocation core evolution for a surface
rebound process under τ = 1.45 GPa and T = 2 K. Four important states are shown,
i.e., the incoming partial dislocation, the annihilation state, the activated complex state
and the rebounded partial dislocation. The local kinetic energy is almost transformed
into the potential energy of the activated complex state.

significantly reduced when the activated complex state (25.1 ps) is reached,

suggesting that the kinetic energy within this core size is transformed into

the potential energy of the activated complex state. In other words, this is the

appropriate core size to calculate the effective kinetic energy when analyzing

the nucleation of rebounded dislocations, as the coherent kinetic energy (not

including the random thermal energy) associated with a moving dislocation

varies at small core sizes (Fig. 5.7).

Based on the above analysis, we choose a cross-sectional core size as high-

lighted in Fig. 5.9(a–b). Specifically, the dislocation core carrying the effective
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Figure 5.9: The incident dislocation core size in calculating the effective kinetic
energy underlying surface rebound process. (a–b) The chosen cross-section size
based on the detailed analysis in Fig. 5.8. (c–d) The minimum energy path and
saddle configuration for a twinning dislocation nucleation. The applied shear stress
is τ = 1.6 GPa. (a–b) share the same coordinate system: X[11̄0], Y[1̄1̄1̄] and Z[1̄1̄2].
Coordinate system in (c) is X[112̄], Y[1̄10] and Z[1̄1̄1̄].

kinetic energy is identified as the CNA core plus two additional layers right

above and below the CNA core, as the rebound process involves these two

additional atomic layers (Fig. 5.8). Physically, such a choice of core region to

evaluate the necessary Ek is based on the localized nature of dislocation nucle-

ation at the site where a relativistic dislocation hits surface. To fully quantify

the effective kinetic energy responsible for surface rebound process, we still

need to specify the incident dislocation length involved in the nucleation of

a new dislocation. Here we identify the this incident dislocation length by

calculating the activation volume associated with the twinning dislocation

nucleation. To this end, FENEB method is used to find the activation energies

and saddle configurations at different stress levels. A typical minimum energy

path and saddle configuration for twinning dislocation nucleation is shown

in Fig. 5.9(c-d). The saddle configuration suggests an approximately semi-

circular shape involving two atomic planes. The stress dependent activation
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energy can be expressed as Q0(τ) = A(1− exp(α(1− τ/τ0))), where A, α and

τ0 are fitting parameters. This enables us to calculate the activation volume

at different τ, from which we can estimate the corresponding incident dislo-

cation length linc (i.e., largely the diameter of the semi-circular saddle loop

which is usually a few nanometers) involved in rebounding a new dislocation:

linc = 2(2(−∂Q0/∂τ)/(πa/
√

3))1/2, where a is the lattice constant. Ek is then

evaluated for atoms inside the volume defined by linc, the core width and core

height (see the box in Fig. 5.9(a–b)).

5.3.3 Atomistic energetics underlying surface rebound

When a dislocation with speed v hits a surface, the core energy Ecore must

dissipate into heat and transform into new defects (e.g., slip offset, point

defects, and mostly M new dislocations). Energy conservation requires

Ep (v) + Ek (v) = Econfig +
∫

RDdt + H (v − vc)
M

∑
i=1

∫
Ridt (5.1)

where Econfig is the potential energy of the local configuration due to dislo-

cation annihilation (e.g., a surface slip step), RD is the dissipation rate into

heat, Ri is the transformation rate of Ecore into the potential energy of ith dislo-

cation, and H(v − vc) is the Heaviside step function to account for the sharp

transition from annihilation to rebound once the dislocation speed v exceeds

a critical value vc.

For v ≪ vc, Ek is negligible and there is little new dislocation generation,

so Ecore ∼ Ep ∼ Econfig +
∫

RDdt, leading to normal annihilation. For v > vc,

the extra Ek feeds into
∫

RDdt + ∑M
i=1
∫

Ridt and the competition between RD
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and Ri determines how the system evolves. In our case, defect generation is

favored because it involves localized bond breaking which is more efficient

than dissipation into heat via elastic bond vibrations, i.e., Ek ∼ ∑M
i=1
∫

Ridt.

For a successful dislocation nucleation, the critical (saddle) configuration has

to be reached, requiring ∑M
i=1
∫

Ridt ≥ ∑M
i=1 Qi, where Qi is the activation

barrier (free energy) for dislocation i. Thus for a single rebound, it is necessary

that

Ek (v) ≥ Q and R1 ≫ RD (5.2)

This criterion suggests that once a dislocation accelerates to a critical

speed such that its kinetic energy more than compensates for the Q of surface

dislocation, the latter nucleates, provided that the dissipation of core energy

into heat is insignificant over the very short time period for nucleation.

Our analyses based on the FENEB method and direct MD simulations

lend support to Eqn. 5.2. In Fig. 5.10, using a copper slab under shear

stresses τ, Ek(τ) (see Fig. 5.9) is compared with the Q0(τ), i.e., the Q at 0

K, of a twinning dislocation (after the first leading partial annihilates and

leaves behind a stacking fault). In Fig. 5.10a, we see that Q0(τ) and Ek(τ)

intersect at τ ∼ 1.45 GPa, above which Inequality 5.2 becomes satisfied. This

critical τ for surface rebound to occur is consistent with the τreb ∼ 1.4 GPa

directly observed in our MD simulations. Fig. 5.10b shows the rebounded

dislocation configurations under τreb and an initial temperature 2 K which

subsequently rose to ∼ 12 K, for a ∼ 70 nm long incident dislocation. Viewed

from the top (left configuration)/bottom(right configuration), in the direction

along the dislocation line the rebounded small dislocation loops alternate their

134



1 1.5 2 2.5

Shear stress (GPa)

0

1

2

3

4

5

6
E

n
e

rg
y
 (

e
V

)
Activation energy

Nonlinear fitting

Kinetic energy of core

a

X

Y

Z

b

Figure 5.10: Kinetic energy of dislocation core induces free surface dislocation
rebound. (a) The kinetic energy of dislocation core and the activation energy of
twinning dislocation nucleation. (b) The rebounded dislocation loops of a ∼ 70
nm long incident partial dislocation under the critical τreb = 1.4 GPa at an initial
temperature 2 K. The snapshots are taken at 1.3 ps after the impact. The right
configuration in (e) has the coordinate system X[1̄10], Y[1̄1̄2] and Z[1̄1̄1̄] while the
X and Z orientations for the left configuration are opposite to that for the right
configuration, i.e., they are configurations above and blow the same slip plane. Red
atoms represent stacking faults or twin boundaries, atoms on dislocation cores or free
surfaces are white. Short arrows in (e) and (f) denote the directions of dislocation
motion.

locations from the upper layer to the lower layer, because near the critical

τreb the Ek of the incident partial dislocation is sufficient to nucleate only one

new partial, which emerges either above or below the original slip plane with

apparently the same probability. Surface rebound was hypothesized by Frank

[31] and Christian [32] before; but our MD simulations directly demonstrated

it in a realistic metal and revealed its kinetic energy origin. Note that the

typical artifacts associated with MD simulation of defect processes, those of

unrealistically high applied strain rate and lack of rare-event sampling, are

135



irrelevant here, since rebound arises only from an existing dislocation.

5.3.4 Strong temporal correlations between relativistic twin-
ning dislocations

Next, we show that the SRS process is indeed the dominant mechanism to

initiate DT in a copper nanowire, the sample geometry often used in lab-

oratory experiments. The temporal correlation of dislocation dynamics in

DT can be evaluated by the delay time t between two successive twinning

dislocations, the nth after the (n − 1)th. The shorter the t, the stronger the

temporal correlation between the two. If the average t for SRS process tSRS is

significantly smaller than that of the TAN process tTAN, i.e., tSRS ≪ tTAN, then

the SRS process would preempt the TAN.

The rate of TAN process takes an Arrhenius form. Thus tTAN can be

calculated from the nucleation rate based on the activation free energy barrier

Q. Here, Q0(σ) was FENEB-calculated on the zero-T potential energy surface

for the first six partial dislocations in a smaller (∼ 5 nm) nanowire under

different σ. See Fig. 5.11 for all the Q0(σ)). Then the 300 K activation free

energy was approximated by Q(T) = (1 − T/T∗)Q0(σ), with T∗ = 700 K

the approximated surface disordering temperature. tTAN is then calculated

according to tTAN = (νN)−1 exp(Q/(kBT)), where ν is the attempt frequency

(3.0 × 1011 s−1), N the total number of nucleation sites, kB the Boltzmann

constant.

Then we evaluate the tSRS by considering the travel distances and dis-

location speeds for a 30 nm wide [100] oriented nanowire at 300 K. First,
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Figure 5.11: Activation energies for the nucleation of the leading partial disloca-
tion and subsequent twinning partial dislocation. The red curve is for the first
leading partial dislocation. The activation barriers for each of these six partial disloca-
tions (p1 through p6 on consecutive atomic planes) is shown as a function of the axial
stress σ.

this nanowire is loaded under uniform compression to different σ levels at

a strain rate of 108 s−1. At each σ after relaxation, a small dislocation loop

was introduced at one of the favored equivalent corners and accelerated to

glide across the nanowire. By repeating such simulation under different σ, the

critical speed and axial stress for rebound in this nanowire was estimated to

be vc ∼ 0.6ct and σreb ∼ 1.5 GPa, respectively. Then tSRS was estimated via

dividing the characteristic sample size D (dislocation travel distance between

two successive rebounds) by the dislocation speed v. This is because the

frequency for SRS dislocations to hit surface is very high in the nanoscale

sample (∼ 1010 s−1, estimated from vc/102 nm), and there is no time delay at

the surfaces since Q is overcome entirely by Ek.

137



1.5 2 2.5 3 3.5

Axial stress (GPa)

0

0.2

0.4

0.6

0.8

1
T

im
e

 (
s
)

×10
-9

Figure 5.12: Determination on the dominant mechanism underlying the strongly
correlated DT initiation. (a) Delay time (or the temporal correlation) between suc-
cessive dislocations. (b) The nucleation axial stress of the first dislocation via TAN at
300 K for normally accessible strain rates (as marked in the figure, 10−3 s−1 is typical
for the strain rates used in laboratories, and 108 s−1 is often the strain rate applied in
MD simulations), the predicted nucleation axial stress falls in the range of [1.5 GPa,
2.75 GPa] within which tSRS ≤ tTAN.

The delay time tTAN and tSRS are shown in Fig. 5.12a. Here, the range

of tSRS (yellow band) is estimated by taking vc < v(τ) < ct and 10 nm <

D < 100 nm. In the limiting case where σ is so high that it overcome the Q,

TAN approaches the athermal limit such that the tTAN of each partial becomes

comparable with, or even shorter than, tSRS. That is, when the σ level is

initially very high prior to dislocation nucleation, TAN events could be too

rampant on sample surfaces to leave any chance for the SRS process to operate.

In our case, this happens (see the cross-over in Fig. 5.12a of the tSRS band with

the tTAN of the first couple of partial dislocations that initiate DT) when the

axial stress σath ∼ 2.75 GPa at T = 300 K, well above that needed for rebound

to occur (σreb ∼ 1.5 GPa). As such, a wide stress window [σreb, σath] exists,

where tSRS ≪ tTAN. In this regime, the SRS dislocations easily preempt TAN

due to their extraordinary temporal correlation. The tTAN(σ) curve would
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shift to the left with increasing twin thickness, but the driving stress level also

gradually decreases such that the tTAN remains well above tSRS.

Fig. 5.12b shows the axial stress σp1 needed to nucleate the first dislocation

via TAN, predicted based on the Q used in Fig. 5.12a at T = 300 K. Specifically,

σp1 is numerically solved from Q(σ)/(kBT) = ln((kBTNν)/(Eϵ̇Ω(σ))) [8],

where Ω(σ) is the activation volume defined as Ω(σ) ≡ ∂Q(σ)/∂σ, E is the

Young’s modulus which is estimated to be ∼ 61 GPa from molecular statics, N

is the number of nucleation sites taken as ∼ 1760 for the 30 nm nanowire. The

stress regime [σreb, σath] discussed above is indicated by the dashed lines. For

normally accessible strain rates (from laboratory strain rate 10−3 s−1 to MD

strain rate 108 s−1), σp1 almost perfectly falls into the stress window [σreb, σath],

suggesting that when the first TAN event starts, the stress level is already

sufficiently high for the SRS twinning dislocations to readily take over the

subsequent DT initiation. This is consistent with our direct MD simulation

shown in Fig. 5.3 where σp1 ∼ 2.5 GPa under the strain rate of 106 s−1 and

DT is initiated completely by SRS twinning dislocations. On the contrary, we

found when a 50 nm NW is compressed under a much higher strain rate of

109 s−1 at T = 300 K, σp1 now becomes ∼ 3.0 GPa and TAN overwhelmingly

dominates DT initiation. The above SRS dominated twinning stress window,

on the order of 10−2G, is encountered in laboratory experiments on most

nanoscale metals such as Au [1, 2], Cu [24, 25, 33], Al [34], Pd [4, 35, 36] and

Ni [37], where the sample-level σ reported to nucleate the first dislocation is

usually well in excess of 10−2G, in the so-called ultra-strength regime [38, 39].

We therefore conclude that SRS twinning dislocations constitute the preferred
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mechanism over TAN to initiate DT in typical small-volume experiments.

5.4 Summary

In summary, partial dislocations nucleated on the surface of pristine crystals

can be accelerated by high stresses to approach the speed of shear wave within

a distance as short as 101 nm, and “bounce” back at free surfaces as twinning

dislocations, directly initiating DT in a highly correlated, domino cascade like

manner. We confirmed that such surface rebound is a consequence of strongly

overdriven dislocation core carrying sufficiently high kinetic energy to over-

come the static nucleation energy barrier of new dislocations. From the delay

time to generate the next twinning dislocation, the surface rebound mecha-

nism is significantly more probable than the TAN process under the same

loading conditions. For a wide range of strain rates, the nucleation stress of

the first partial dislocation in metallic nanowires is well beyond the minimum

stress required for surface rebound. These render the surface rebound mecha-

nism highly efficient and preferable. As such, in an experimentally relevant

stress window, SRS relay dominates over TAN for DT initiation. This affirms

the nature of DT to be “stimulated slip”, and its strongly correlated kinetics

vis-à-vis ordinary dislocation slip is akin to “what laser (light amplification by

stimulated emission of radiation) is to normal light” [40].

Note that nanoscale pristine crystal is only one example that is amenable

to the operation of surface rebound. The mechanism demonstrated here may

also have relevance to high-stress/high-rate deformation in general where

strongly overdriven dislocations interact with interfaces. For example, DT in
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bulk nanocrystalline metals rely on partials nucleated from grain boundaries

under high stresses to run towards opposing boundaries at high speeds. In

shock loading, the shock width is too small to include many dislocation

sources, such that high-speed dislocation interacting with large voids [41] or

phase boundaries [42] may come into play to multiply dislocations.
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Chapter 6

Screw dislocations under random
force field

6.1 Introduction

This Chapter discusses another complex condition for dislocations, i.e., the

random force field imposed by impurity interstitials. Solute atoms can either

be purposely added to modify material properties [1–5] or naturally enter

materials as impurities during processing and service. The latter can often

cause significant degradation of material properties; a noteworthy example

is the embrittlement of body-centered-cubic (BCC) metals such as niobium

due to low levels of oxygen (O) solutes [6–9]. Since metals absorb mechanical

work mainly through plastic deformation, the introduced light-element (oxy-

gen here) is presumed to impose significant effects on moving dislocations,

especially screw dislocations (SDs) in BCC metals [10–15]. It has been shown

that solute atoms often strongly interact with SDs in BCC metals [16–18], thus

it is highly likely that SDs are subject to a random force field (RFF) imposed

by those randomly distributed oxygen solutes. As the motion of SDs in BCC
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metals are generally controlled by the kink-pair mechanism, significant ran-

domness are also expected for the kink activities. We therefore hypothesize

that screw dislocations moving through such an RFF would show enhanced

cross-kink formation and various point-defects generation that leads to the

oxygen-induced hardening and damage initiation.

In this Chapter, we employ atomistic simulations based on a newly devel-

oped empirical potential for the Nb-O system 1 to investigate the complex RFF

effects on SD behaviors. Specifically, we found that SDs moving through a RFF

imposed by impurity oxygen interstitials readily form cross-kinks and emit

excess vacancies. The vacancies bind strongly with oxygen and SD in a three-

body fashion, rendering dislocation motion difficult and hence pronounced

dislocation storage and hardening. While self-interstitials (SI) anneal out fast

during plastic flow, the vacancy(V)-oxygen complexes are stable against pass-

ing dislocations. The debris in fact amplify the RFF, facilitating the generation

of even more defects in a self-reinforcing loop and leading to unusually high

strain hardening rates, and breeding of nano-cavities that underlie damage

and failure. These mechanisms have general implications for explaining the

pronounced oxygen effects on the mechanical behavior of BCC alloys.

6.2 Simulation methods

We considered the 1/2<111> SD which on average glides on the {112} plane at

300 K and the dislocation line moves in the <110> direction. Specifically, in

our simulation box, X, Y and Z are along [111], [1̄01] and [12̄1], respectively.
1Developed by Prof. Howard Sheng at George Mason University, with the assistance of Dr.

T. Tsuru and Q.J. Li.
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Periodic boundary conditions were applied in Y direction while free surfaces

were used in the other two directions. SDs were introduced according to the

anisotropic elasticity theory of dislocation [19] and the displacement field

was solved using the ATOMSK package [20]. Vacancies were introduced

by randomly removing atoms on the slip plane or in the entire simulation

box, depending on specific simulation. Oxygen interstitials were randomly

introduced on the octahedral sites (both DFT and the empirical potential

predict that the octahedral O interstitial is more stable than the tetrahedral O

interstitial). For O to bind with a vacancy, there can be six nearest binding sites

around a vacancy. Assuming the vacancy is located at the center of a BCC unit

cell, then the relaxed six face center sites will serve as the exact binding sites.

For the V-O defects (i.e., an O interstitial binding with a vacancy), three sites

on mutually orthogonal crystal planes of the BCC unit cell can be considered.

V-O defects with these three different orientations were introduced with

equal concentrations either on the slip plane or in the entire simulation box,

depending on specific simulation. All systems were relaxed at 300 K for 100

ps and SD was driven by applying either a constant strain rate of 5 × 107 s−1

or a constant shear stress. All simulations were carried out under constant

NPT conditions (i.e., constant atom number, pressure and temperature) with

pressure along the dislocation motion direction kept zero. A time step of 1 fs

was used to update atomic positions. Quasi-static athermal shearing were also

used for specific case. All simulations were carried out using the LAMMPS

package [21]. Simulation results were analyzed by common neighbor analysis

[22–24] and visualized using the OVITO [25] and AtomEye [26] packages.
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A comprehensive validation of the newly developed Nb-O EAM potential

can be found in Appendix A. Here we briefly summarize some of the key

properties. First, as shown in Table A.4, oxygen atoms tend to strongly bind

with vacancies, indicating a strong V-O attraction. Second, attractive interac-

tions were also found between V and SD. For example, as shown in Fig. A.6,

the V-SD interaction energy is ∼ −0.5 eV in the first nearest neighbor sites

of SD core. Third, oxygen, on the other hand, has repulsive interaction with

SD. As shown in Fig. A.7, when an O is put in the vicinity of a SD core, the

repulsive interaction energy can be as high as 0.56 eV. Fourth, as shown in Fig.

A.8, the three-body interactions between V-O pair and SD core are extremely

attractive, potentially responsible for trapping SDs. Additionally, the newly

developed EAM potential predicts a 6-fold compact screw dislocation core

structure (see Fig. A.4) and a single-hump Peierls barrier (see Fig. A.5), both

are consistent with ab initio calculations. For some defect processes, parallel

simulations were also done for the degenerate SD core using a recently pub-

lished EAM potential for Nb [27]. The current EAM potential predicts a {112}

slip plane of SD; experimentally, both {110} and {112} have been reported [28].

Although the current simulation results were obtained for the {112} slip plane,

the underlying mechanism uncovered is expected to be general, as will be

discussed later.
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Figure 6.1: High stress levels for SDs in pure Nb to generate point defects and
debris. (a) Point-defects generation by SDs at the critical shear stress level (∼ 2.5
GPa). (b) More defects and debris generation at even higher shear stress level (∼ 3.0
GPa). Simulations were done at 300 K and under constant shear stresses.

6.3 Results and discussions

6.3.1 RFF-enhanced defects generation in the wake of pass-
ing SDs

Rapid hardening arising from the V-O-SD attractive interaction and the forma-

tion of oxygen stabilized vacancy clusters require the availability of vacancies.
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Figure 6.2: High stresses to generate point-defects and debris in Nb modeled by
the Fellinger potential. (a) The applied shear stress is 2.3 GPa in the twin direction
on {112} plane. (b) The applied shear stress is 3.0 GPa in the anti-twin direction on
{112} plane. Simulations were done at 300 K and under constant shear stress.
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It is well-known that excess vacancies can be created in metals with the in-

jection of plastic work [29, 30]. Previous experiments and MD studies [11,

13–15] have also shown that superabundant vacancies and interstitials can be

created in pure BCC metals by SDs moving under high stresses. However, this

vacancy-interstitial pair generation requires very high driving forces to signif-

icantly elevate the nucleation rate of cross-kinks and their pinch off to leave

behind debris. This also holds for pure Nb, a BCC metal even with quite low

shear modulus and relatively low critical temperature for SD to have similar

mobility as edge dislocation [31]. See Fig. 6.1 and Fig. 6.2 for examples from

MD simulations using our new EAM potential and the Fellinger potential,

respectively. As seen, the point defects and debris generation requires a shear

stress level above ∼ 2.0 GPa at 300 K. Considering the relatively low stress

levels in typical experiments 2 on oxygen-embrittlement of Nb, the above

mechanism is unlikely to play a dominant role.

A new mechanism emerges due to the presence of oxygen. We found that

when a SD passes through the O interstitials, the medium-ranged repulsive

interactions between the SD and randomly distributed O interstitials con-

stantly twist local dislocation segments onto different glide planes to avoid

direct collisions into O. This is a new route to the formation of cross-kinks

and thereby point defects. As illustrated in Fig. 6.3a, when a SD (t0) moves

through the repulsive RFF imposed by O, local segments can be subjected

to net forces with different directions (t1, red spheres are O solutes and red

arrows denote the net force direction), therefore pushing the local segments

onto different glide planes ({110} planes colored in green and magenta) to form
2Conducted by our collaborator Dr. W.Z. Han’s group at XJTU.
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Figure 6.3: Random force field imposed by O on screw dislocation leads to en-
hanced cross-kink and point defects formation. (a) Schematic of cross-kink and
point-defect formation due to repulsive force field imposed by oxygen solutes. Red
arrows indicate the directions of the local repulsive forces. Dislocation segments and
kinks are represented by blue lines. The slip plane ({112} plane in this case) is ren-
dered in yellow. (b–d) MD simulation on cross-kink formation in a sample containing
0.5 at.% O (smaller transparent blue atoms). (b), (c) and (d) are the snapshots at 90
ps, 115 ps and 190 ps, respectively. Dislocation core atoms are colored according to
their positions along the slip plane normal direction (i.e., <112> direction). Color bar
indicates the range of such atomic positions and the unit is Å. Red/blue core means
the dislocation segment is above/below the initial slip plane. (e–g) MD simulation
on two dislocation segments subjected to relatively uniform opposite forces imposed
by O interstitials. (e) is the as-introduced dislocation core. (f) is the dislocation seg-
ments after the initial energy minimization and MD relaxation at 300 K for 10 ps. (g)
is the dislocation segments at 168 ps after shear. Arrows indicate the locations of
cross-kinks formed. In all simulations, the applied temperature is 300 K and strain
rate is 5 × 107 s−1. X and Y direction are along <111> and <112> crystal orientations,
respectively.
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cross-kinks (t2). The local segments then continue to bypass the O solutes via

nucleating extra cross-kinks (t3) that lead the entire dislocation line back to

the original glide plane, forming a point defect (t4). Such a process to “pinch

off” point defects is crystallographically similar to that described in Ref. [13];

however, the required high cross-kink nucleation rate is driven by the O-RFF,

rather than the ultra-high applied stress.

To see this mechanism in action, we have conducted a finite-temperature

(T = 300 K) MD simulation of a SD (Fig. 6.3b–d, dislocation core atoms are

colored according to their positions along the slip plane normal direction, i.e.,

blue/red atoms are below/above the original slip plane) moving through

0.5 at.% O (easier visualization than the more O-crowded 1 at.% O case)

interstitials (smaller blue atoms). As can be seen, once the SD is subjected to

a constant shear strain rate (5 × 107 s−1), local segments readily glide onto

different slip planes and form cross-kinks (marked using the blue arrows).

Such enhanced formation of cross-kinks has not been observed in O-free

sample sheared under the same conditions, indicating that O interstitials and

the associated RFF are the direct cause of the prominent cross-kink formation.

To further verify that the cross-kink formation is indeed facilitated by the

O-RFF, Fig. 6.3e introduces a screw dislocation in a better-defined O force

field where the dislocation line is divided into two equal segments and then

subjected to opposite repulsive forces imposed by O atoms. In this set-up,

the left segment tends to glide downward and the right segment tends to

glide upward. Cross-kinks are then expected to form at the joint of the two

segments. As seen in Fig. 6.3f, after the initial energy minimization and MD
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Figure 6.4: RFF-enhanced cross-kinks generation on {110} planes. (a) Screw dislo-
cation configuration in a sample of pure Nb. (b) Screw dislocation configuration in a
sample of Nb-O (0.5 at.% O). Both samples were first relaxed at 300 K for 100 ps and
then cooled down to zero temperature followed by energy minimization. X, Y and Z
are along <111>, <110> and <112> crystal orientations, respectively. O atoms in (b)
are rendered in magenta. Cross-kinks are indeed formed in the Nb-O sample while
only normal kinks are formed in the pure Nb sample.

relaxation at 300 K for 10 ps, the left segment and the right segment indeed

relocate their positions, i.e., while some local regions of the left segment move

slightly downward, the right segment moves entirely upward (the atom colors

are mostly red), forming a cross-kink at the joint (indicated by the arrow).

Upon shear straining (Fig. 6.3g), the left and right segments glide further

downward and upward, respectively, piling up even more cross-kinks at the

joint. This set of simulation thus clearly demonstrates that O-RFF enables easy

cross-kink formation. Note that the RFF should work for SDs gliding on both

{110} and {112} planes, as on both types of planes, neither crystallographic

restrictions on cross-kink formation nor significant anisotropy of RFF has been

found. See Fig. 6.4 for an example of cross-kink formation on {110} planes.

We expect such RFF-enhanced cross-kink formation and thereby point

defect generation to work at much lower strain rates. A key factor controlling
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cross-kink formation is the “crystallographic randomness” in kink nucleation,

i.e., kink-pairs need to nucleate on different planes with similar probabilities.

Conventionally, this is achieved through high strain rates or high stresses that

render kink-pair nucleation similarly accessible to different glide planes. In

our case, the “crystallographic randomness” is offered by the O-RFF, thus

very high strain-rates or stresses are no longer the necessary conditions. We

carried out extra MD simulations under constant shear stress to estimate the

lower bound of strain rates under which the RFF works. At shear stress as

low as 0.3 GPa (further lower stress levels would need significantly longer

time to observe dislocation motion, which is beyond typical MD simulation

timescale), we found that cross-kinks and point-defects are still formed in

the Nb-O sample, see Fig. 6.5. In contrast, cross-kinks and point defects are

generated in pure Nb samples at a shear stress as high as ∼ 2.0 GPa (see Fig.

6.1 and Fig. 6.2). This suggests that the RFF lowers the required shear stress

for cross-kink and point-defects formation by at least one order of magnitude.

According to our MD simulations, the mobility of the SD in this Nb-O sample

(at 0.3 GPa and 300 K) is on the order of 10−1 m/s. Then the corresponding

strain rate can be approximated by Orowan’s equation, γ̇ = ρbv, where ρ is

mobile dislocation density, b is the magnitude of Burgers vector and v is the

average dislocation velocity. If we consider a typical grain (with a grain size of

∼ 102 µm 3) subjected to localized slip, i.e., a constantly operating dislocation

source (e.g., Frank-Read source) emits 1 mobile dislocation each time to glide

across the grain, then the mobile dislocation density is approximated to be on

the order of 108 m−2. As such, the resultant strain rate is estimated to be on the
370 µm in the experiments by Dr. W.Z. Han’s group at XJTU.
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Figure 6.5: Significantly low stress levels for cross-kinks and point-defects forma-
tion in the Nb-O sample. (a) The screw dislocation (dark green atoms) configuration
at t = 0 ns. (b) The screw dislocation configuration at t ∼ 17 ns. Cross-kinks and
point-defects such as V-O cluster (yellow) and self-interstitial (SI, light green) are
formed. X, Y and Z are along <111>, <110> and <112> crystal orientations, respec-
tively. MD simulations were carried out at 300 K and under a constant shear stress of
0.3 GPa.

order of 10−3 s−1, similar to that used in typical experiments. This suggests

that the RFF still enhances cross-kink and point-defect formation, event at an

experimentally relevant strain rate.

157



6.3.2 Oxygen-induced hardening

Due to enhanced cross-kink formation and point-defects generation in the O-

RFF, SDs experience significant self-pinning (due to cross-kinks) and trapping

(due to strongly attractive V-O clusters), leading to dramatic hardening. In

Fig. 6.6, we compare the stress-strain curves for pure Nb, Nb-O(0.5 at%) and

Nb-O(1.0 at%) samples containing a single SD. All samples are sheared at

300 K and under a constant strain rate of 5 × 107 s−1. Note that the high

strain rate here should be interpreted as the local strain rate in a bulk sample,

as an extremely high dislocation density is involved in MD simulations (∼

1015–1016 m−2). As seen, pure Nb and Nb-O samples show distinctly different

stress-strain curves. First, the yielding stresses of Nb-O samples are obviously

higher than that of pure Nb sample, suggesting O-induced strengthening.

Such elevated yielding stress for Nb-O samples is highly likely due to the

self-pinning effect resulted from cross-kinks that are readily formed in the

O-RFF. Second, Nb-O samples exhibit strain hardening while pure Nb sample

show slight strain softening due to localized slip. Such strain hardening effect

is presumably due to two factors: a) SD-RFF interactions create V-O complexes

that trap SDs; and b) the formation of various point-defects amplifies the RFF

such that cross-kink formation is further enhanced.

Fig. 6.7 compares the SD configurations at a shear strain of ∼ 7.3% for

samples of pure Nb and Nb-O(0.5 at%). As expected, SD glides smoothly in

pure Nb sample (Fig. 6.7a) and leaves no point-defects behind. In contrast, the

SD gliding in the sample of Nb-O(0.5 at%) (Fig. 6.7b) generates various defects

such as V-O cluster (yellow atoms), vacancies (blue atoms) and vacancy tube
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Figure 6.6: Oxygen-induced strengthening and hardening. Shear stress vs. shear
strain curves for pure Nb, Nb-O(0.5 at.%) and Nb-O(1.0 at.%) samples containing
a single SD. MD simulations were carried out at 300 K and under a constant shear
strain rate of 5 × 107 s−1.

(magenta atoms). Note that the stress levels to generate these various defects

in Nb-O samples are much lower (∼ 0.5 GPa, see Fig. 6.6) than that required

in pure Nb (∼ 2.0 GPa, see Fig. 6.1 and Fig. 6.2), easily reachable in bulk- and

micro-scale experiments. These results are consistent with the above analysis

and emphasize the important role played by the O-RFF in both hardening and

defect generation.

Fig. 6.8 shows the atomistic processes underlying various point-defects

formation. As seen, the pinch-off of cross-kinks generate not only copious Vs,

but also SIs. There can be “instant” pinch-off or “delayed” pinch-off processes.

Fig. 6.8(a–c) show a typical process of “instant” pinch-off, forming a VO-SI

pair. As can be seen, after encountering cross-kinks get pinned by each other
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Figure 6.7: Microstructure underlying the oxygen-induced strengthening and
hardening. (a) SD configurations in pure Nb. (b) SD configurations in Nb-O(0.5
at.%). Both snapshots are extracted at the same shear strain of 7.3% in Fig. 6.6. Ar-
rows indicate the motion direction of SD. Vacancies, V-O clusters and vacancy tube are
rendered in blue, yellow and magenta, respectively. SDs are rendered in green while
free surfaces are colored in light grey. The SD has a length of 57 nm. The new EAM
potential was fitted to the total interactions between solute and screw dislocation from
ab initio calculations, thus capturing both the elastic and chemical effects. Periodic
boundary condition is only applied in the dislocation motion direction. Free surfaces
along the dislocation line direction are adopted to be consistent with grain boundaries
and free surfaces in lab experiments and to eliminate artificial cross-kinks resulting
from using periodic boundary conditions. Note that free surfaces do not artificially
act as kink sources, as indicated by the slight bow-out shape of the dislocation line
shown in (a).
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(at two dash-circled locations) in Fig. 6.8a, a vacancy immediately takes shape

near an O interstitial (right side of Fig. 6.8b, surrounded by the yellow atoms).

Meanwhile, cross-kinks are aggregating at the left SI site (the green cluster

in Fig. 6.8b). Afterwards both the vacancy and SI are completely pinched off

and the vacancy is captured by an O interstitial, creating a VO-SI pair. Such

“instant” pinch-off process not only provides efficient vacancy source but also

a strongly coupled generation-stabilization mechanism of vacancies in the

O-RFF (otherwise both O and V need to diffuse on a much longer timescale).

An even more efficient way to generate various defects is the “delayed”

pinch-off process. Fig. 6.8(d–f) provide such an example. As shown in Fig.

6.8d, a SI pinning site (green atoms) is formed when cross-kinks block each

other and result in a short SI dipole (the green atoms; the yellow cluster is

V-O complex while the blue clusters are vacancies, see the inset). However,

this SI dipole is not immediately pinched off; instead, a much longer SI dipole

(Fig. 6.8e) are dragged out as the screw dislocation continues to move forward.

Eventually, the long SI dipole is pinched off and broken into two separate

prismatic loops (Fig. 6.8f). While the SD drags out a long SI dipole on the right

side, many individual vacancies and V-O complexes are also formed on the

left side (Fig. 6.8(e–f)) via the “instant” pinch-off process. This is because the

cross-kinks are often nucleated in pairs; for the halves generating SI the other

halves are prone to be instantly pinched off to form vacancies, as vacancy-

type point defect is much easier to be closed up in this initial O-RFF than

the SI-type point defect (the formation energy of SI is generally much higher

than that of a vacancy). Such RFF-enhanced defect generation is analogous to
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Figure 6.8: Cross-kink pinch-off to generate debris. (a–c) Instant pinch-off of VO-
SI pair. (a) Cross-kinks are formed on a moving SD in the O-RFF. (b) A vacancy
(surrounded by yellow atoms) starts to form near an oxygen atom (small blue atoms,
see the inset for amplified structure); a SI (surrounded by green atoms) also starts
to form. (c) The vacancy is completely pinched off and captured by the O atom,
forming a V-O complex (the yellow atom cluster with a blue O atom inside, see inset).
Meanwhile, the SI is also pinched off. (d–f) Delayed pinch-off of a SI debris. (d) A
new SI cluster is emerging at a pinning point due to cross-kinks. The inset shows
the structure of one vacancy indicated by the dashed rectangle. (e) SD continues
to drag out larger SI cluster and generate more vacancies and a new V-O complex.
The inset shows the structure of a weakly bound V-O complex as outlined by the
dashed rectangle. (f) The SI cluster is completely pinched off and is broken into two
individual SI clusters. Meanwhile, more V-O complexes are formed. The inset shows
the structure of another weakly bound V-O complex (dashed rectangle). Arrows
indicate the glide direction of SD. MD simulations are performed at 300 K with a
constant shear strain rate of 5× 107 s−1. X, Y and Z are along <111>, <110> and <112>
crystal orientations, respectively.

precipitation from a supersaturated solution, i.e., when a SD line is “saturated”

with cross-kinks created due to RFF, copious defects of various types are

“precipitated out” in its wake so as to maintain the dislocation glide. These

atomistic processes thus provide partial mechanism underlying the observed

strengthening and hardening (SD and VO interactions will be discussed later).
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6.3.3 Displacive transport of point-defects

While the ultimate forms of damage and separation are long-aspect-ratio

planar cracks due to elasticity (oblate [32]), the initial microscopic forms of

damage are often hypothesized to be cavities (spherical or prolate), indicating

the crucial role of vacancy aggregation in damage progression. Vacancy

transport is generally believed to be based on atomic diffusion processes;

here we propose a new displacive transport mechanism for point-defects

such as vacancy and SI. Specifically, we found that when a SD encounters a

point-defect, it can decompose the point-defect into cross-kinks that migrate

along the SD line and pinch off later at another location as a new point-defect,

effectively transporting a point-defect along the SD line. Such a mechanism is

a reverse process to the point-defect formation process as illustrated in Fig.

6.3. The new mechanism is schematically illustrated in Fig. 6.9. At time t0,

a SD encounters a vacancy (or an SI). The vacancy can be considered as a

small prismatic loop consisting of four edge segments e1, e2, e3 and e4. Then

the SD decomposes (t1) the vacancy by transforming the edge components

e1 and e2 into kinks k1 and k2 , respectively. This decomposition diverts

two local SD segments onto two different planes, as colored in magenta

and green, respectively. After this initial decomposition, the other two edge

segments e3 and e4 also migrate away as kinks k3 and k4, recovering the

diverted SD segments back to the original slip plane (t2). Meanwhile, kinks k1

and k2 further migrate away from the initial vacancy site and get pinned by

each other at a new location (t2), assuming periodic boundary conditions are

applied. This forms new cross-kinks. Kinks k3 and k4 continue the sideway
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Figure 6.9: Schematic illustration of displacive transport. The original point defect
(e.g., V or SI) is represented as a small prismatic loop (e1, e2, e3 and e4). Screw
dislocations and kinks (k1, k2, k3, k4) are represented by solid lines. Two different slip
planes are colored in magenta and green, respectively. Arrows denotes the motion
direction of SD or kinks.

migration (t3) and finally close up a new vacancy loop at the new cross-kink

site, effectively transporting the original vacancy to a new location along the

SD line (t4). Note that periodic boundary conditions are assumed to illustrate

the relocation process. In real materials, SDs often end at free surfaces and

other interfaces such as grain boundaries. If the mean free path of kinks (i.e.,

the mean distance a kink travels before meeting another kink on a different

slip plane) is less than the characteristic sample length (e.g., grain size or the

diameter of a nanowire or pillar), then the original vacancy can be relocated

at another site within the sample; otherwise, the vacancy will be annealed out

of the sample.

The above illustrated displacive transport mechanism has been supported

by our molecular statics simulation and MD simulations. Fig. 6.10 shows the

process when a SD hits a vacancy during quasi-static athermal shear. To verify

the above illustration, periodic boundary conditions were used along the SD

line direction. The vacancy decomposition process shown in snapshots s1–s4

are all consistent with the above illustration, except that extra cross-kinks
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Figure 6.10: Displacive transport of vacancy observed in molecular statics simula-
tion. s1–s4 are sequential snapshots during the molecular statics simulation. The
system was subjected to quasi-static athermal shear through out the displacive trans-
port process. The average glide plane is {112}. SD core atoms are colored according
to their positions along the slip plane normal direction, i.e., red atoms are below
the average glide plane while blue atoms are above the average glide plane. Thus
cross-kinks and their associated SD segments can be clearly seen. Periodic boundary
conditions were applied in the SD line direction.

nucleated at snapshot s4 (i.e., k5 and k6 after the original vacancy was fully

decomposed) due to the applied shear deformation. However, after even more

kink activities, the vacancy is eventually relocated at a new site, as shown in

the last snapshot.

To further verify the proposed displacive transport mechanism, we also

did MD simulations using a different EAM potential [27]. First, let us con-

sider a screw dislocation passing through an array of vacancies with periodic

boundary conditions applied along the dislocation line direction. In Fig. 6.11,

165



Figure 6.11: Displacive transport of vacancies in pure Nb under periodic boundary
conditions along dislocation line direction. Both configurations before (350 ps,
colored in cyan) and after (720 ps, colored in magenta) a SD passes through the
vacancy array are shown. Arrows denote the SD motion direction or the vacancy
transport direction. Periodic boundary conditions were used along the dislocation
line direction. Simulations were carried out at 300 K and under a constant shear stress
of 0.25 GPa.

two configurations before (350.0 ps, colored in cyan) and after (720.0 ps, col-

ored in magenta) the SD passes through the introduced vacancy array are

shown. As seen, 12/18 vacancies are effectively relocated and some of them

even aggregate together, forming small vacancy clusters.

We also did MD simulations using the same EAM potential but with free

surfaces along the dislocation line direction. In this case, the displacive trans-

port mechanism leads to dramatic annealing of vacancies. As shown in Fig.

6.12, when a SD passes through an array of vacancies, ∼ 80% of the pre-

existing vacancies are decomposed into individual kinks that subsequently

migrate out of the sample, leading to remarkable “displacive annealing”. Such
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displacive transport mechanism has been also observed in MD simulations

based on other potentials such as W [33], covering different metals and dif-

ferent SD core structures (compact vs. degenerate). However, at significantly

higher stress levels, our MD simulations show that SDs often directly pass

through vacancies without relocating them. Without externally applied stress,

it has been shown that a SD core can dissociate a vacancy and spread out the

missing “atom” in a “crowdion-like” fashion [34]. But no cross-kinks were

reported in that study. So we expect this newly proposed displacive transport

mechanism to be general and effective in most BCC metals subjected to low

stress levels.

6.3.4 Biased stabilization of vacancies and damage initiation

We also note that the SI, V and V-O complexes have very different relative

stability, upon hitting by the passing SD. This creates a bias that promotes the

accumulation of vacancies and hence damage. Fig. 6.13a shows a SD passing

through various dynamically formed defects including SIs (enclosed by green

atoms), vacancies (blue atoms) and V-O complexes (yellow atoms). The SD

first reacts with a SI cluster (Fig. 6.13(b–c)); the SI cluster is decomposed

into multiple cross-kinks that immediately run away, see Fig. 6.13c. Similar

process is also observed when the SD passes through a second SI cluster (see

Fig. 6.13(c–d)), where the SI is decomposed into cross-kinks and the local

dislocation segment is turned into a mixed character. In other words, SI can

be effectively annealed out to become extra plane of perfect crystal, as is well

known in the radiation damage literature. Meanwhile, new vacancies and
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V-O complexes are created (see Fig. 6.13(b–e)). The moving SD accomplishes

a similar “point-defect transport” when encountering vacancies and weakly

bound V-O complexes (O is not in the first nearest neighbor of V). As shown

in Fig. 6.13(c–f), when the SD passes through weakly bound V-O complexes

and vacancies, it decomposes all the vacancies into cross-kinks and some of

them then “precipitate out” as new vacancies on the left side when meeting

other appropriate cross-kinks. The atomistic mechanisms underlying these

displacive transport processes have been discussed in section 6.3.3. Here, due

to the RFF-enhanced cross-kink formation, the mean free path of kinks are

significantly smaller compared to pure Nb sample, thus point-defects become

more likely to be relocated inside the crystal. This provides a pathway for

the vacancies to be effectively “transported” by passing SDs to sinks such as

cavities, grain boundaries and surfaces. In contrast, all V-O complexes, except

for those weakly bound, stay stable after the SD passes though (Fig. 6.13f).

To further confirm the stability of V-O complexes, we performed separate

simulations to drive a SD through a high density of V-O complexes. As shown

in Fig. 6.14, almost all the V-O complexes remain stable inside the grain (refuse

to be picked up by SD), and some of them even grow into bigger nano-cavities

by absorbing excess vacancies transported to them by SDs, like trash being

brushed into a pile by sweeping brooms. This illustrates “displacive accu-

mulation” of point defects and defect clusters that can happen even at zero

temperature, expedited by stress-driven displacive events, unlike typical ther-

mally activated diffusional processes [35, 36]. “Displacive accumulation” of
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Figure 6.13: SI, V and V-O complex exhibit different stability when hit by passing
screw dislocation. (a) A SD is gliding towards various dynamically formed defects:
SI (green atom clusters), vacancies (blue atom clusters) and V-O complexes (yellow
atom clusters). (b–c) The SD decomposes the first SI cluster into cross-kinks and form
three new V-O complexes and a vacancy. The inset in (c) shows the structure of a
weakly bound V-O complex (highlighted by the dashed enclosure) that is decomposed
later. (d) The SD decomposes a second SI cluster, a weakly bound V-O complex and
a vacancy into cross-kinks. The inset of (d) shows the structure of another weakly
bound V-O complex (V2O1, highlighted by the red dashed enclosure), which is
decomposed into cross-kinks later. (e) Some of the right-side vacancies in (c) and (d)
are relocated to the left-side. The inset of (e) shows a V-O complex (highlighted by
the red dashed rectangle) that remains stable after the SD passes through in (f). (f)
The screw dislocation passes through more V-O complexes and most of them remain
stable. The inset of (f) shows the vacancy clusters (V4, the red dashed rectangle)
formed by relocating the vacancies on the right-side in (c) to (e). X, Y and Z are along
<111>, <110> and <112> crystal orientations, respectively.
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Figure 6.14: Multiple passes of screw dislocation through VO complexes. (a)
Atomic configuration at t = 0 ns or zero passage of the SD. (b) Atomic configu-
ration at t = 13.5 ns or after four passes of the SD. Local defect clusters in both (a)
and (b) are magnified for visualization. Oxygen generally resides on the octahedral
interstitial site (Octa-O) and is simply denoted as O. The number in front of V refers
to the number of vacancies in the cluster. Arrows point to the direction of dislocation
motion. (c), The evolving structures of VO complex 1 as circled in (a). (d), The
evolving structures of VO complex 2 as circled in (a). P1, P2, P3 and P4 refer to the
first, second, third and fourth passage of the SD, respectively. Some V1O complexes
were found to grow into bigger VxO (x > 1) clusters by absorbing vacancies from
other V1O or from V-SI pairs generated by SD. VxO clusters exhibit relatively higher
stability in resisting the sweep of the SD.
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damage can happen much more rapidly than typical thermally activated dif-

fusion, driven by the stored elastic energy. Therefore, with the passing of SDs,

SI are effectively annealed out but V-O complexes can largely remain inside

the crystal, creating a bias to accumulate nano-cavity damage. Meanwhile,

ensuing dislocations have increasing difficulty to move in this field of V-O

debris, hardening the material as straining proceeds. Such interplay between

SDs and the dynamically formed defects (V-O complexes, vacancies and SI)

thus highlight an auto-catalyzed, self-reinforced damage accumulation pro-

cess. Note that all the above processes occur on the displacive timescale rather

than on the longer diffusive timescale, therefore effectively pre-empting the

diffusive annealing of damage. The stress level required for this mechanism

to operate is not high and falls within the range of laboratory experiments.

Our MD simulations have thus captured how nano-cavities are efficiently

nucleated athermally, even on very short timescale and small lengthscale. As

shown in Fig. 6.15(a–b), following the “delayed” pinch-off mechanism, a long

vacancy tube (purple atoms) takes shape as a SD passes through, together with

a continuously increasing population of V-O complexes as well as vacancies.

Such a much-delayed pinch-off of vacancy debris is generally observed in the

modified RFF after some passes of SDs. This is because prismatic loops of

vacancy type are generally much easier to be closed up and detached from the

SD when compared to SI prismatic loops. However, with increasing passes of

SDs in a modified RFF, the probability to create a much more stable atomic

jog (e.g., with larger jog height) would be increased such that the “instant”

pinch-off forming individual vacancies becomes less likely. The long V-O tube
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Figure 6.15: Damage accumulation to form nano-cavities. (a) A SD is forming a
vacancy pinning site (purple atoms). (b) The SD drags out a long V-O tube after the
first pass. (c) The V-O tube becomes larger as subsequent SDs continue to drag out
vacancies on the existing vacancy tube. (d) The size of the V-O tube is significantly
increased after six passes of SDs. (e) After nine passes of SDs, more V-O clusters are
formed while the existing nano-cavities become even larger. (f) The cross section
indicated by the pair of dashed lines on the largest tube-shaped nano-cavities in (e).
(g) The structure of a V-O cluster highlighted by the rectangle in (e). Vacancies are also
absorbed to the existing vacancy tube due to the displacive transport process of SDs.
Two examples are shown in (c) and (d) by dashed circles with an arrow indicating the
transport direction. Many other vacancies and V-O complexes are also “precipitated
out” due to the displacive transport process of SD, see dashed circles in (d) and (e).

formed generally is quite stable as O are readily available along the tube to

stabilize it from collapsing. As a result, later SDs continue the same action

along the existing vacancy tube, quickly expanding the cross-section area

(the diameter of the tube is ∼ 2 nm) of the vacancy tube (see Fig. 6.15(c–d))).

The individual screw dislocation segments can continue to form new vacancy

tubes near the existing one in a similar way. In Fig. 6.15e, we take the snapshot

after nine passes of SDs to illustrate the large prolate nano-cavities (with sizes

from 1 nm to 2 nm) being formed. Fig. 6.15f depicts the cross-section indicated
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by two parallel dashed lines in Fig. 6.15e on the tube-shaped nano-cavities,

showing a hollow and sheared shape. Fig. 6.15g shows a V-O clusters where

vacancies are interconnected and stabilized by O interstitials. In addition to

this “delayed” pinch-off mechanism, SD mediated “displacive accumulation”

also deposits vacancies or V-O complexes onto the nano-cavities (see the

clusters circled out in Fig. 6.15(c–e)). Vacancies highlighted by dashed circles

with an arrow on top are “transported” by SD into the existing vacancy tube.

Many other vacancies and V-O complex (highlighted by dashed circles) are

also “precipitated out” at the edge of the vacancy tube due to SD mediated

transport. With more and more vacancy tubes formed near each other, these

nano-cavities would eventually coalesce and result in crack initiation, in an

expected prolate-to-oblate transition, a process driven by elasticity.

6.4 Summary

To recapitulate, we discover the following “vicious cycle” of damage due to

moving SDs in the O-RFF. The initial repulsive RFF imposed by O interstitials

on SDs facilitates the formation of cross-kinks to generate excess defects such

as vacancies, V-O complexes and SIs at a low stress. Upon the passing of

ensuing SDs, SIs can be easily annealed out while most of the V-O complexes

remain stable, creating a strong bias for damage accumulation. Nano-cavities

are then efficiently formed by dragging out vacancy tubes and/or displacively

transporting vacancies to nearby O-stabilized V-O complexes. Both mecha-

nisms are rapid and highly efficient. The dynamically formed V-O complexes

are obstacles for SDs and are much more difficult to be “picked up” by the
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dislocations compared to the SI clusters. Various dynamically formed defects

further randomize the local force field on ensuing SDs, setting the stage for

the generation of even more debris, resulting in a self-reinforcing loop. In

terms of initiating damage, the biased vacancy accumulation at V-O provides

the seed to form nano-cavities that can coalesce and precipitously decrease

the apparent stiffness of the region due to geometrical softening.

The damage initiation mechanisms demonstrated above are expected to

be general in BCC metals. First, the RFF mechanism underlying the enhanced

cross-kink and point defects generation is applicable under a wide range of

strain rates, from typical laboratory experiment to MD simulations. Second,

strong interactions between light solutes and SD are common in BCC met-

als. The resultant random force field of either repulsive or attractive would

significantly enhance cross-kink and point defect generation. Third, it is also

commonplace in BCC metals for light elements to stabilize vacancies [37,

38]. As these are the key factors involved in the presented damage initiation

mechanism, the mechanism should be widely active in BCC metals.

This discovery gives a concrete example of the general triangular relation-

ship between mobile gas species, plasticity and damage. Under the repulsive

force field by O solutes, the SD emits vacancy clusters and interstitial clusters

much like in primary radiation damage. O stabilization suppresses the anneal-

ing of vacancies. The dynamic formation of copious stabilized V-O complexes

during plastic deformation strongly obstructs the movement of SDs to cause

marked hardening. Meanwhile the cross-kinks accumulate vacancies to ex-

isting V-O locations by a novel displacive (not thermally activated diffusive)
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accumulation process to instigate damage, and the nano-cavities coalesce to

cause failure. Therefore, what is uncovered here is a concrete, hitherto un-

known embrittlement mechanism, documented here through the data set on

prototypical Nb-O. While our model case is O in Nb, the defect mechanisms

uncovered are expected to be relevant not only to O-embrittlement but also to

generic damage problems including irradiation and H-embrittlement, when

SDs are important for plasticity such as in BCC materials.
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Chapter 7

Dislocations in complex
concentrated alloys

7.1 Introduction

The Chapter is devoted to the topic on dislocations in complex concentrated

alloys that are emerging as a new class of materials. Multi-principal element

materials are currently dubbed as “high-entropy” alloys (HEAs), emerging

as a new research field attracting considerable attention [1–11]. However, a

fundamental materials science question remains outstanding in the commu-

nity, namely, what is the new tell-tale feature that distinguishes these HEAs

from traditional solid solution (SS) alloys. Originally, it was postulated that

the hallmark of HEAs is an unusually high configurational entropy of mixing

(Sc) [1], with a magnitude ∼ 1.61R estimated from Sc,ideal = −R ∑N
i=1 xi ln(xi)

for ideal solutions, where R is the gas constant and xi is the molar fraction of

the ith component. As of today, such a random solid solution (RSS) picture

remains a simple assumption in the HEA community. However, this RSS

state is possible only at very high temperatures, where the degree of local

181



chemical order (LCO) is negligible and the entropy term predominates the free

energy reduction to dictate ideal mixing. Real-world HEAs are actually pro-

cessed (annealed and homogenized) and used at relatively low temperatures

[10, 12–18], with complex enthalpic interactions among various constituent

elements. Even the pioneering Cantor alloy, a face-centered-cubic (FCC) SS

close to random if annealed at 1100 ◦C [19], decomposes after long anneal

at < 900 ◦C [17]. Since partial chemical order can be pronounced [20–27]

and complex in the central region of a multicomponent phase diagram, even

a single-phase SS can be of a mixing entropy far below Sc,ideal. The novel

feature these concentrated SSs usher in, rather than the overly simplified RSS,

is actually the unprecedented possibilities of LCOs.

In this Chapter, we advocate a new perspective on HEAs: they are special

in the “vastness of possible LCO configurations”, and can hence deliver a

plethora of properties even for a given HEA composition. This new hallmark

highlights HEAs’ metastable nature that provides access to the intermediate

states in between the RSS extreme and the ground state extreme (terminal SS

and fully ordered intermetallic compounds). Note that the variety of possi-

ble LCOs is beyond reach in traditional (terminal) SSs, which can instead be

approximated as Raoult’s or Henry’s solution, where solutes always sparsely

and randomly distribute in a solvent crystal lattice. Now for concentrated

HEAs, the type (species involved), degree (magnitude of the order parameter)

and extent (length scale and spatial distribution) of LCO all span a wide range,

and so do the resulting materials properties, as will be illustrated below by

examining the energy landscape from the standpoint of dislocations and the
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lattice resistance to dislocation motion in a model NiCoCr system. We will

connect the unconventional LCO features with unusual dislocation behavior,

in terms of slip paths and activation processes that govern alloy strength.

The multitude of (partial) dislocation behavior highlights the availability of

new opportunities to tailor properties, by exploiting the tunable LCOs via

judicious choice of processing parameters, in particular, the homogenization

annealing temperature (Ta). Specifically, we emphasize the new features made

possible by the concentrated compositions: spatially varying complex stacking

fault energy, local antiphase boundary energy, unconventional twin boundary

energy, martensite phase boundary energy, and pronounced strengthening po-

tentials, all resulting from the LCOs that have hitherto been largely neglected

in the field. All these new findings explain the existing experimental results

much better than the assumption of simple RSS. As such, a new picture of

HEAs takes shape, i.e., HEAs are an interesting class of solution alloys be-

cause they are characterized by metastable LCOs to various degrees, bringing

forth dislocation energetics and dynamics that are distinctly different from the

conventional SS alloys and therefore new strengthening opportunities.

7.2 Simulation methods

We chose the FCC medium-entropy alloy (MEA) NiCoCr as the model multi-

principal element system because of its representative (and often better) me-

chanical properties compared to other quaternary and quinary HEAs [16, 28].

To enable insightful large-scale molecular dynamics (MD) simulations, which

are sorely needed to provide atomistic insight and adequate statistics but have
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thus far been lacking in the HEA field, a realistic empirical interatomic poten-

tial for the NiCoCr system has been developed 1. A comprehensive validation

of this new potential is presented in Appendix B. We then carried out hybrid

MD and Monte Carlo (MC) simulations to obtain equilibrium configurations

after annealing at different temperatures, Ta. With these equilibrium config-

urations at various Ta, we evaluated the LCO, various energy pathways for

slip, deformation twinning (DT), martensitic transformation (MT), nanoscale

heterogeneities as well as dislocation activation barriers.

The hybrid MD/MC simulations were carried out under the variance-

constrained semi-grand-canonical (VC-SGC) ensemble [29], which allows

us to study the chemical ordering for a composition even in the miscibility

gap. The chemical potential differences with regard to Ni were determined by

hybrid MD/MC simulations under the semi-grand canonical ensemble at 1500

K. The set of parameters that minimizes the composition errors with respect

to the equiatomic concentration are: ∆µNi−Co = 0.021 eV and ∆µNi−Cr =

−0.31 eV. This ensures the miscibility of all elements near the equiatomic

compositions. The variance parameter κ used in our simulations is 103. Our

samples consist of N = 1, 584, 000 atomic sites with X, Y and Z along the

[112̄], [111] and [11̄0] crystal orientations, respectively. The dimension of the

simulation box are ∼ 52 nm × 6 nm × 52 nm. Periodic boundary conditions

were applied in all directions. Every 20 MD steps, there is one MC cycle

consisting of N/4 trial moves. The MD time step was set to 2.5 fs. The Nosé-

Hoover thermostat [30, 31] and Parrinello-Rahman barostat [32] were used to

control temperature and pressure, respectively. Sufficient MC cycles (270,000
1By Prof. Howard Sheng at George Mason University
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to 500,000 cycles depending on annealing temperature) were carried out to

achieve converged LCO. The converged configurations were then quenched

to zero temperature and energy-minimized to eliminate thermal uncertainties

for subsequent property calculations (e.g., LCO and various fault energies).

All simulations were carried out using the LAMMPS package[33] and the

atomic configurations were visualized with the Ovito package[34].

The LCO is characterized by the pairwise multicomponent short-range

order parameter [35] defined as αm
ij = (pm

ij − cj)/(δij − cj), where m means the

mth nearest neighbor shell of the central atom i, pm
ij is the average probability

of finding a j-type atom around an i-type atom in the mth shell, cj is the

average concentration of j-type atom in the system and δij is the Kronecker

delta function. For pairs of the same species (i.e., i = j), a positive αm
ij suggests

the tendency of segregation in the mth shell and a negative αm
ij means the

opposite. In contrast, for pairs of different elements (i.e., i ̸= j), a negative αm
ij

suggests the tendency of j-type clustering in the mth shell of an i-type atom

while a positive αm
ij means the opposite. For a specific Ta, αm

ij are the average

values over a series of converged/equilibrium configurations.

All energy pathways were calculated using the equilibrium configurations

obtained from the hybrid MD/MC simulation. The as-prepared samples have

30 (111) layers in the Y direction; however, we doubled the Y direction box

length by replicating the sample along [111] direction. Then two neighboring

(111) planes were chosen and centered in the simulation box. The simulation

box was then divided into two slabs by a cutting plane dividing the two

chosen (111) planes. Afterwards, the boundary conditions along [111] was
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switched to free surface. Complex stacking faults were created by relatively

displacing the two slabs according to the Burgers vector of partial dislocations

in all three <112> directions. Local antiphase boundaries can then be created

by relatively displacing the two slabs according to the appropriated Burgers

vectors of trailing partial dislocations. For DT and MT, samples with a com-

plex stacking fault were used as the starting configurations. DT nucleation

and twin thickening were realized by repeated partial dislocation slipping

on consecutive (111) planes, while MT was carried out by repeated partial

dislocation slip on every other (111) plane. Energy pathways were obtained

by constrained energy minimizations on intermediate configurations (only

allowed to relax along the [111] direction) linearly interpolated between the

initial and the final configurations (both initial and final configurations were

fully relaxed). For each Ta, the sample-average values of various fault energies

were computed based on 90 different energy pathways (30 layers each with

three different Burgers vectors). For calculations on the local complex stacking

fault energies and local antiphase boundary energies, we divided the whole

sample into columns along the [111] direction and each column shares the

same cross-sectional area of 3.2 nm2. Then the local stacking fault energies

are calculated by considering the potential energy changes of these columns.

This method leads to an average value same as the global value. For better

visualization, linear interpolation is carried based on the coarse-grained value

(over the first nearest neighbors) for each local area.

Activation barriers of local dislocation segments were calculated using

smaller samples with dimensions of X[11̄0] 20 nm×Y[1̄1̄1̄] 20 nm×Z[112̄]10 nm.
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The LCO effects on local dislocation segment activation barriers were investi-

gated by using samples annealed at Ta = 650 K, 950 K, 1350 K and samples

of RSS, respectively. For meaningful statistics, 30 different samples were

obtained for each processing condition. Then cylinder configurations with

axial direction along [112̄] and a diameter of 20 nm were cut from the fully

relaxed bulk samples. For each cylinder sample, a partial dislocation with

screw character (Burgers vector is along [112̄]) was introduced at the center,

based on the anisotropic elasticity theory. The dislocation line length (i.e.,

the axial length of the cylinder sample) is 10 nm, as the observed depinning

processes are on nanoscale. The outer layers of atoms with a thickness larger

than two times the potential cutoff radius were fixed during the subsequent

energy minimization. An inner cylindrical region with a diameter of 10 nm

was used to calculate the average local shear stress. To create a final state

for the minimum energy path calculations, quasi-static athermal shearing

(i.e., a small uniform shear strain + energy minimization at each step) was

employed to trigger events at the athermal stress limit. Then the configuration

with new events was unloaded to desired strain levels, serving as the final

states. Minimum energy paths were then calculated using the simplified and

improved string method[36]. FIRE algorithm[37] was used to update each

image during the evolution step and linear interpolation was used for the

parameterization. Reparameterization was carried out every 10 increments

of the minimizer. We stop the iteration once the displacement of every image

between two consecutive iterations is less than 10−3Å or after a total number

of 3000 iterations.
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Figure 7.1: Local chemical ordering at different annealing temperatures Ta. Pair-
wise chemical short-range order parameter α1 at different annealing temperatures.

7.3 Results and discussions

7.3.1 Variable LCOs in samples processed at different tem-
peratures

We first demonstrate the vast range of LCO in a complex concentrated SS of a

given composition. Fig. 7.1 shows the LCO for samples annealed at different

Ta, with LCO measured by the pairwise multicomponent short-range order

parameter [35]. As seen in Fig. 7.1, with decreasing Ta, the absolute values

α1
Ni−Ni, α1

Ni−Co, α1
Ni−Cr, and α1

Co−Cr first smoothly increase when Ta > ∼ 850

K and then dramatically rise to a saturated value. Meanwhile, α1
Co−Co and

α1
Cr−Cr remain negative and constant for the whole Ta range. This suggests that

our model NiCoCr system develops local Ni segregation and Co-Cr ordering
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Figure 7.2: Chemical short-range order parameter α2 (a) and α3 (b) at different
annealing temperatures.

with decreasing Ta. This tendency is consistent with the equilibrium phase

diagram to form Co-Cr intermetallic phase(s).

The chemical short-range order parameters α2 and α3 for different element-

pairs are shown in Fig. 7.2 for a wide range of annealing temperatures. For the

second nearest neighbor shell (SNNS), Ni appears to be segregated at all Ta.

Co-Co and Cr-Cr chemical ordering experiences an obvious transition around

750 K, i.e., Co-Co pairs and Cr-Cr pairs are not favored in the SNNS above
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becomes increasingly inadequate at high LCO; thus a dashed line is used instead to
project the trend at low Ta. Black dashed line denotes the Sc,ideal.

750 K; but the trend is reversed when Ta < 750 K. The Co-Cr interactions of

the SNNS remain similar to those of the first nearest neighbor shell (FNNS),

i.e., it tends to form Co-Cr clusters. Other Ni-related chemical orders remain

similar to that for FNNS. For the third nearest neighbor shell (TNNS), the

Co-Cr interactions still remain strong, i.e., it tends to form Co-Cr clusters in

the TNNS. Co, Cr and Ni all tend to attract the same species in this TNNS. In

contrast, Ni-Co and Ni-Cr pairs are not favored in the TNNS.

Such increasing LCO also implies significant deviations from the configu-

rational entropy of an ideal solution Sc,ideal. Fig. 7.3 shows the dependence of

Sc on processing temperature Ta, based on the cluster variation method (CVM)

with pair approximation[38]. The overall trend is similar to what Gao et al.
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Figure 7.4: Representative atomic structures obtained at different annealing tem-
peratures. (a) Atomic structure after annealing at Ta = 1350 K. (b) Atomic structure
after annealing at Ta = 950 K. (c) Atomic structure after annealing at Ta = 650 K. The
red dashed lines indicate the Co-Cr domain boundaries. The scale bar is 3 nm. All
atomic configurations are viewed on the (111) plane.

reported using a similar method for other HEAs[39]. As seen, an MEA/HEA

rarely reaches Sc,ideal, 95% at best at the highest Ta (1650 K). With decreasing

Ta, Sc turns away from Sc,ideal fairly early and loses half of its magnitude when

LCO becomes obvious (compare with Fig. 7.1 and Fig. 7.2). As such, a truly

random SS is only an extreme state of MEA/HEA and difficult to reach in

practice. More commonly, an HEA at a given composition possesses partial

chemical order.

Fig. 7.4 show three representative atomic structures. As seen, samples

prepared at relatively high Ta, e.g., 1350 K (Fig. 7.4a) and 950 K (Fig. 7.4b),

show nanoscale Ni clusters and interconnected Co-Cr clusters with relatively

random compositions and orientations. Below Ta ∼ 850 K, e.g., at Ta = 650

K (Fig. 7.4c), dramatic chemical ordering creates compositionally identical

but orientationally distinguishable Co-Cr domains, as marked by the domain

boundaries in Fig. 7.4c (dashed lines). Randomly distributed Ni nanoscale

precipitates break up these Co-Cr domains into finer regions. This visually

obvious LCO persists across the Ta range examined here up to temperatures
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(e.g., Ta = 1650 K) near the melting point. For relatively high annealing tem-

peratures such as those in Fig.7.4(a-b), we expect that the kinetics needed

for chemical ordering would be accessible in typical laboratory experiments.

However, when Ta is too low for adequate aging the predicted chemical or-

dering may require a timescale much longer than the typical homogenization

duration in experiments. Nevertheless, kinetically permitted, all the HEAs

evolve toward the ground state, including the pioneering Cantor HEA[17]. So

the partially ordered system is actually the norm for single-phase HEA solu-

tions. In this context, Fig. 7.4c represents a microstructure at the opposite end

to the RSS. Between the two, there is ample room for structural engineering.

7.3.2 Energy pathways of slip, twinning and martensitic trans-
formation

It turns out that materials properties are indeed dependent on the processing

temperature and thus LCO. Here we first demonstrate this effect on some

basic materials properties such as elastic constants, cohesive energy and lattice

constant. For basic property assessments (e.g., elastic constants and lattice

constants), the dimensions of the sample are 10 nm × 10 nm × 10 nm, along the

[100], [010] and [001] directions, respectively. Periodic boundary conditions

are applied in all directions. All samples were annealed at each annealing

temperature using the hybrid MD/MC simulations until the LCO converges.

Each property at a specific annealing temperature was calculated at zero

temperature and averaged over ten configurations equally distributed over

the last one million MD/MC steps. The calculated elastic properties include

C11, C12, C44, bulk modulus B and Poisson’s ratio ν.
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Figure 7.5: Annealing temperature dependent elastic constants, lattice constant
and cohesive energy. (a) Elastic properties. (b) Lattice constant and cohesive energy.

In Fig. 7.5, C11 is the average value of C11, C22 and C33 of the cubic sample.

C12 is the average value of C12, C13, and C23 of the cubic sample. C44 is

the average value of C44, C55 and C66 of the cubic sample. As seen in Fig.

7.5a, generally, the elastic properties slightly increase with increasing LCOs

except for a critical annealing temperature range where significant chemical

ordering develops. The fluctuations at the critical annealing temperature

range might be due to the anisotropies developed in elastic constants, as a

result of significant chemical ordering. For example, the tensor components

C11, C22 and C33 may no longer be equal in magnitude, i.e., some of them

become larger while some of them become relatively smaller such that the

average is even smaller than that of a sample with weaker LCOs. However,

with further increasing LCOs, the magnitudes of all components continue to

increase despite that the anisotropy still exists, resulting in increasing average

values again. As seen in Fig. 7.5b, with increasing LCOs, the average lattice
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constant slightly increases while the cohesive energy gradually decreases,

suggesting a trend toward more stable states.

We next illustrate how the dislocation behavior would change, in NiCoCr

MEA samples with different LCOs. Fig. 7.6 shows the energy landscape

calculated at zero Kelvin for the pathways of slip, DT and FCC → HCP

(hexagonal close-packed) MT to demonstrate the large impact of the LCOs.

Fig. 7.6a shows the energy landscape of ordinary dislocation slip in samples

prepared at different Ta. A full dislocation slip consists of a leading partial

dislocation slip (the first humps in Fig. 7.6a) and a trailing partial dislocation

slip (the second humps in Fig. 7.6a). In our case, the leading partial dislocation

(B → δ along the [21̄1̄] direction) induces both structural (FCC → HCP) and

chemical changes (LCO breaking), resulting in a convoluted stacking fault

energy (SFE), i.e., a significant fraction of SFE is due to breaking LCOs. Such

chemical contribution to SFE is expected to be ubiquitous in real-world HEAs.

We therefore adopt the notation of complex stacking fault (CSF) for HEAs,

similar to that in superalloys. The sample-averaged CSF energy (CSFE) varies

remarkably depending on Ta. For example, the RSS extreme shows a negative

CSFE of −24.0 mJ/m2, consistent with previous density functional theory

calculations [40–43]. The unstable stacking fault energy is also close to that

reported previously [41, 43, 44]. However, once LCO kicks in (via annealing),

the CSFE jumps to a positive range from ∼ 1.4 mJ/m2 to ∼ 57 mJ/m2, as Ta

varies from 1650 K (near the melting point) to 650 K. In other words, an FCC

HEA/MEA can take a CSFE value out of a wide range and does not necessarily

have the low SFE anticipated [40–45]: the experimentally measured SFE
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(∼ 20 mJ/m2) can be due to some development of LCOs. The trailing partial

dislocation (δ → A along the [12̄1] direction) recovers the structural change

(HCP → FCC) and eliminates the CSF. However, it interrupts LCO (except

RSS) and creates local antiphase boundaries (APB), as indicated by the non-

zero fault energies (A, Fig. 7.6a). Specifically, the local APB energies (APBEs)

increases from ∼ 50 mJ/m2 to ∼ 112 mJ/m2 when Ta varies from 1650 K to

650 K. Such variable APBEs are expected to be common in HEAs/MEAs

with noticeable LCOs [17, 18, 20, 26, 46–48] and play an important role in

mechanical properties (more discussions later).

Due to the short-to-medium range nature of LCO, both CSFE and APBE

decay with repeated slip on the same slip plane. As shown in Fig. 7.6b and Fig.

7.6c, beyond 3b slip, the average CSFE and APBE decay to values similar to

the RSS. This suggests that shear larger than 3b can destroy most of the LCO

on the neighboring planes, leading to a slip plane softening mechanism [49]

responsible for the experimentally observed planar slip. Plastic deformation

is then a practical route to convert LCO to quasi-random state.

DT and MT are also important routes of plastic deformation. Fig. 7.6d and

Fig. 7.6e demonstrate the energy pathways of DT and the FCC → HCP MT.

Twinning dislocations glide on consecutive slip planes while MT dislocations

glide on every other plane, leading to growth steps of 1-layer and 2-layer,

respectively. Apparently, the energy pathways of both DT and MT are func-

tions of Ta and the number of transformed layers λ (the non-zero integer in

Fig. 7.6d and Fig. 7.6e), γ(Ta, λ). The boundary-energy (twin boundary or

phase boundary) can then be defined as γB = γ(Ta, λ)/2. Again, at a given
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λ, samples with various LCOs produce a broad spectrum of γB for both DT

and MT, with RSS serving as an extreme case. For DT in RSS, both the γB

(∼ 11 mJ/m2) and unstable twin fault energy (∼ 320 mJ/m2) are similar to

previous studies [41, 43, 44]. For MT in RSS, HCP phase growth significantly

lowers γB, suggesting the metastable nature of the FCC RSS. However, sam-

ples with LCOs show remarkably different behaviors. For example, γB in DT

never converges to a constant value as λ increases (γB increases approximately

in a linear fashion with respect to λ), which is in sharp contrast to elemental

FCC metals where γB generally converges to a constant value after several

layers [50] such that the ensuing widening does not cost extra energy. Here

for HEAs the unconventional twin boundary energies entail increasing energy

penalty to break LCOs (associated with neighboring slip planes) as twin thick-

ens. As a result, twin growth is no longer easy in HEAs, as the thickening

always incurs additional energy penalty upon destroying the LCO layer by

layer. Similar trend is also observed for the FCC → HCP MT. This offers an

explanation to the experimental observation that separated SFs, nanotwins

and very thin HCP laths dominate in deformed NiCoCr[28, 44, 51–53].

Fig. 7.6f summarizes and compares the average values of CSFE, twin fault

energy (TFE, i.e., γ(λ = 1)− γ(λ = 0)), martensitic transformation energy

(MTE, i.e., γ(λ = 4)− γ(λ = 2)) and APBE for samples with various LCO.

Here again, the RSS serves as an extreme case characterized by negative CSFE,

negative MTE, and negligible TFE and APBE. For samples annealed at Ta

≥ 850 K, the CSFE, TFE, MTE and APBE all increase with decreasing Ta;

however, their magnitude relative to one another remains similar to that of
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RSS, indicating a similarly strong tendency to form CSFs, nanotwins and thin

HCP lamellae, explaining the experimental observations [44, 53]. For samples

annealed below 850 K, all fault energies become relatively high and the energy

costs for the leading and trailing partial dislocations become comparable, and

thus narrowly extended dislocations may dominate the plastic deformation.

7.3.3 Nanoscale heterogeneities due to spatial variations of
LCO

The next important observation is that, in addition to the Ta-dependent aver-

age LCO of a sample, inside a specific sample there is a spatial variation of

LCOs creating various nanoscale heterogeneities, leading also to wide prop-

erty distributions. In other words, the dislocation behavior is spatially variable

on different length scales. In Fig. 7.7, we plot the local CSFEs and local APBEs

to show the statistics and spatial variations. Fig. 7.7a shows the probability

density distributions of local CSFEs. As seen, for each processing condition,

the local CSFEs exhibit significant spatial variations; the 25% – 75% accumula-

tive probability range (highlighted by white boundaries) is generally greater

than ∼ 25 mJ/m2, not to mention the even wider range between the minimum

and maximum values. The distributions for relatively high Ta (≥ 950 K) follow

a Gaussian profile while low Ta (e.g., 650 K) creates asymmetric distributions.

The latter is closely related to the appreciable Co-Cr domains formed at rela-

tively low Ta, i.e., each domain may have its own specific distribution (will be

discussed in Fig. 7.8) such that the merged overall distribution may no longer

be Gaussian. In addition, the distributions shift to higher CSFE values with

increasing LCO, consistent with the trend on the sample average in Fig. 7.6.
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Figure 7.7: Statistical distributions of local CSFE and APBE. (a) Probability density
distributions of local complex stacking fault energies for samples with Ta = 650 K, 950
K, 1650 K and random solid solution. The 25% – 75% accumulative probability range
is highlighted by white boundaries. (b) Spatial distribution of local complex stacking
fault energies in a sample with Ta = 950 K. (c) Probability density distributions of
local antiphase boundary energies for samples with Ta = 650 K, 950 K, 1650 K and
random solid solution. (d) Spatial distribution of local antiphase boundary energies
in a sample with Ta = 950 K.
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Fig. 7.7b shows an example of spatially varying CSFEs in a sample with Ta

= 950 K. As seen, the CSFE is highly heterogeneous over space, with many

nanoscale domains showing much lower/higher values than the average. As

shown in Fig. 7.7(c–d), due to the highly localized LCOs, significant spatial

variations are also observed for local APBEs, which, in contrast to intermetallic

compounds such as the γ′ phase in nickel superalloy, often exhibit significant

deviations from the average value.

We also found that the spatial variation of LCO is indeed correlated to the

spatial heterogeneities of various materials properties. In Fig. 7.8, we show

the nanoscale property mapping, in a sample with Ta = 650 K, to correlate

local properties with LCOs. Fig. 7.8a shows the element distributions and

the corresponding α1
ij distributions. As expected, local composition fluctu-

ations correspond to obvious spatial variations in α1
ij. However, no strong

correlations are seen between these α1
ij distributions and the distributions

of local CSFEs (Fig. 7.8b, leftmost panel) and local APBEs (Fig. 7.8c, left-

most panel). Instead, the change of certain α1
ij after introducing the fault, i.e.,

∆α1 = ∆α1,fault − ∆α1,perf, correlates well with the distributions of both local

CSFEs and local APBEs. Specifically, regions with smaller ∆α1
CoCo, ∆α1

CoCr

and ∆α1
CrCr show lower CSFEs and APBEs, and vice versa (Fig. 7.8(b-c)). Fur-

thermore, the local CSFE (Fig. 7.8b) and local APBE (Fig. 7.8c) distributions

coincide with certain Co-Cr domains shown in Fig. 7.8a. For example, the

relatively dark area in local CSFE mapping (Fig. 7.8b) corresponds to the

green-arrow domain in Fig. 7.8a, while the darker region in local APBE map-

ping (Fig. 7.8c) matches the area occupied by the magenta and green-arrow
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Figure 7.8: Nano-scale heterogeneities and their correlations. The LCO in this
sample was developed at Ta = 650 K. (a) Element distribution and the spatially
varying local chemical order parameter. Arrows with different colors in the leftmost
figure denote the orientations of the Co-Cr domains. Dashed lines are domain
boundaries. (b) Spatial distribution of local complex stacking fault energies and the
corresponding changes of local chemical orders (∆α1

ij) due to the gliding of a leading
partial dislocation. (c) Spatial distribution of local anti-phase boundary energies and
the corresponding changes of local chemical orders (∆α1

ij) caused by the gliding of
a full dislocation. ∆α1 = ∆α1,CSF − ∆α1,perf for (b) and ∆α1 = ∆α1,APB − ∆α1,perf for
(c). The value of each local area is calculated based on a fault area of 3.2 nm2 and
averaged over its first and second nearest neighbor areas (9 areas in total including
the central area).
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Figure 7.9: Extended screw dislocations in samples with different LCOs. (a) Ex-
tended screw dislocation in samples with Ta = 650 K. (b) Extended screw dislocation
in samples with Ta = 950 K. (c) Extended screw dislocation in samples with Ta = 1650
K. All configurations in (a–c) were obtained after a 100 ps relaxation at T = 300 K
and under a constant shear stress of 300 MPa. The X, Z directions are along [112̄]
and [11̄0], respectively. Periodic boundary conditions are only applied in Z direction.
Dislocation cores are represented by the white tubes and CSFE are colored in red.
Leading partial dislocation is on the right and trailing partial dislocation is on the left.

domains in Fig. 7.8a. This suggests that the local fault energies are highly

sensitive to the orientations of Co-Cr domains, in addition to the degree of

Co-Cr LCO. For samples with much higher Ta, the orientation sensitivity

would decrease as the Co-Cr clusters are too randomly oriented to form well-

defined domains; the fault energy is more closely related to the degree of

Co-Cr chemical order. The local fault energies only show weak correlations

to Ni-related chemical order changes (Fig. 7.8(b-c)). This is because FCC Ni

precipitates are isotropic with respect to the <112> shear. Thus each of them

may experience similar chemical order changes after shearing, and the whole

region looks more uniform than non-Ni chemical order changes (i.e., ∆α1
CoCo,

∆α1
CoCr and ∆α1

CrCr ).

The chemical-order heterogeneities on the nanoscale are expected to be

obstacles for dislocations and can be exploited to enhance the strength of
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HEAs for high-temperature applications. In Fig. 7.9(a–c), we show three

typical dislocation configurations in samples with Ta = 650 K, 950 K and

1650 K, respectively. These dislocation configurations are the snapshots after

100 ps relaxation at 300 K and under a constant shear stress of 300 MPa (to

counteract the restoring force due to the APBE). First of all, all samples show

extended dislocations with apparently different average dissociation width

that increases with increasing Ta, consistent with the trend of CSFE shown

in Fig. 7.6. As a result, the dissociated dislocation configuration divides

the crystal into three distinct regions (Fig. 7.9b), i.e., the local APB region

due to full slip, the CSF region due to partial dislocation slip and the intact

LCO region without slip. Second, all partial dislocations exhibit nanoscale

curvatures that vary along the dislocation lines, leading to wavy dislocation

lines and rugged stacking fault ribbons. These results are consistent with

the spatial variations of both CSFE and APBE shown in Fig. 7.9(a–c), i.e.,

“soft” regions tend to bow out the local dislocation segment while “hard”

regions act as strong obstacles pinning dislocations. These spatial variations

of dislocation configurations clearly demonstrate that the local properties

span a wide range and some extreme values may be highly relevant to the

rate-limiting step of a thermal activation process[54]. LCO is the root cause

of the “local properties”: the pronounced variations in dislocation splitting

width and core structure have been reported in experimental samples [55, 56]

and in simulated RSSs [57]. Thus the HEA SS is more like a cocktail of many

coexisting solid solutions.
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Figure 7.10: Dislocation motion via nanoscale depinning process. Correlated
nanoscale depinning processes for a leading partial dislocation (white color) in a
sample with Ta = 950 K. Both the average dislocation line sense and Burgers vector
are along [112̄]. The applied temperature and shear stress are 300 K and 300 MPa,
respectively. The swept areas between two neighboring snapshots are highlighted in
red.

7.3.4 Dislocation motion and LCO-induced strengthening

Now let us take a further step to examine the motion of dislocations that carry

plastic flow, and demonstrate that LCOs indeed influence how difficult it is

for dislocations to move and thus the strength of the alloy. To this end, we

first resolve how a dislocation actually moves in a lattice with various LCOs.

Here we consider a segment of a leading partial dislocation that often controls

the mobility of an extended dislocation as well as the DT or MT processes. Fig.

7.10 shows a series of snapshots on the evolving dislocation line morphology,

based on the MD simulation for Fig. 7.9b. Specifically, the leading partial

dislocation is subject to a constant shear stress of 300 MPa at 300 K. As seen,

partial dislocations usually do not move smoothly, due to the nanoscale hetero-

geneities as shown in Fig. 7.7; instead, the dislocation segment moves forward
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via a series of correlated nanoscale depinning processes, as highlighted in Fig.

7.10 by the swept areas (in red) between two neighboring snapshots. This

nanoscale depinning motion mechanism is in sharp contrast to elemental FCC

metals and their dilute SSs where dislocations move quite smoothly by either

simultaneously propagating a long dislocation line, or bow out in between

spatial barriers that are spaced many nanometers apart.

In order to evaluate the barriers associated with a typical nanoscale depin-

ning process across various LCOs, new samples with smaller dimensions (the

sample size effects on Peierls barrier is limited according to our calculations

using Al) are used to calculate the minimum energy path (MEP). We carried

out MEP calculations in samples under different processing conditions includ-

ing RSS, Ta = 1350 K, Ta = 950 K and Ta = 650 K. For each processing condition,

we used 30 different samples under different stress levels to collect sufficient

data points for statistical comparison. Fig. 7.11 shows such an example for a

sample with Ta = 950 K. As seen in Fig. 7.11(a–d), a typical nanoscale depin-

ning process has quite rugged MEP consisting of multiple finer events with

variable barriers, manifesting the complex nature of the underlying energy

landscape in concentrated alloys. These finer events may be activated in a

strongly correlated fashion leading to the nanoscale depinning processes as

observed in Fig. 7.10. Note that in elemental FCC metals, the Peierls barriers

generally vanish when the applied stress is on the order of 101 MPa; however,

in the example shown above, the largest barrier is still ∼ 0.1 eV even under a

local shear stress of 400 MPa, indicating LCO-induced strengthening.

Fig. 7.12 shows all the rate-limiting activation barriers for different types
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Figure 7.11: Example of minimum energy path for a nanoscale depinning process.
(a) The calculated minimum energy path of a nanoscale depinning process, for a
sample with Ta = 950 K and subject to a local shear stress of 400 MPa. Reaction
coordinates in (a) is the scaled hyperspace arc length. (b) The initial configuration
with a curved leading partial dislocation (the blue tube). (c) The configuration for
the highest saddle point in (a). (d) The final configuration. For (b–d), surface atoms
are colored according to their positions along the axial direction and white atoms
represent the complex stacking fault. The nanoscale bow-out process is highlighted
by the swept area as colored in red/blue according to atomic displacements along the
axial direction. Numbers on the color-bar are in unit of Å.

of samples. For each MEP, we only show the top two highest (if more than

two events along the MEP) barriers along the MEP because these large-barrier

crossing events often represent the rate-limiting steps. From the plot, several

important observations can be made. First, at a specific local stress level, the

activation barrier is not a single value; instead the magnitude of the activation

barrier spans a wide range. Such a spread of activation barriers results from

the nanoscale heterogeneities as shown in Fig. 7.7. Second, for a given stress

level, increasing LCO (RSS → Ta = 1350 K → Ta = 950 K → Ta = 650 K) leads to

an increasingly wider range of barrier heights, suggesting additionally higher

barriers in the more ordered samples. Third, for samples processed at each

Ta, the barrier range gradually narrows with increasing local shear stress,

diminishing to a single value when the largest athermal stress is reached. Such

barrier-range expansion and athermal stress limit increase with increasing
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Figure 7.12: Rate-limiting barriers for nanoscale depinning process in different
samples. These data points represent the top two highest barriers on each MEP.

LCOs suggest remarkable LCO-induced strengthening.

Similar LCO-induced strengthening effects were also observed for ex-

tended edge dislocations, using MD simulations at 300 K and under a constant

strain rate. The as-introduced dislocation configuration was relaxed at 300 K

for 100 ps and then the temperature was increased to 1000 K to relax for an ex-

tra 100 ps. The high-temperature relaxed configuration was then cooled down

to 300 K for another short period of relaxation. The introduced dislocation is

∼ 52 nm long to allow sufficient variations of core configurations along the

line sense direction. Periodic boundary conditions were initially applied in

the dislocation motion direction but switched to free surfaces after the whole

relaxation process.

As shown in Fig. 7.13, the full dislocation generally dissociates into partial

dislocations with variable curvatures along dislocation line sense direction.

The dissociation widths in samples of higher Ta are generally larger than those

of relatively lower Ta. For random solid solutions, the separation between
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partial dislocations becomes significantly large after relaxation at 1000 K,

which is no longer appropriate for the subsequent shear deformation. Instead,

the configuration shown in the left panel of Fig. 7.13a was used to perform the

shear deformation. The dissociation width in samples of Ta = 1650 K largely

remains constant before and after relaxation at 1000 K. The dissociation width

in samples of both Ta = 1350 K and Ta = 950 K become smaller after relaxation

at 1000 K. These results demonstrate that both the lattice resistance and the

CSFE affect the dislocation dissociation width. For samples of Ta = 650 K and

Ta = 350 K, due to the large APBE and CSFE, the as-introduced dislocation

is already able to overcome the lattice resistance to form relatively narrow

dislocation cores which largely remain constant after relaxation at 1000 K.

Overall, the dislocation core configurations, in terms of the variation along

the dislocation line and dissociation behavior, are strongly dependent on Ta

and thus LCO.

The introduced edge dislocations were then subjected to constant shear

strain rate (107 s−1) at 300 K. Fig. 7.14 shows the shear stress vs. time curve

(middle panel) and the corresponding snapshots of dislocations in samples

with Ta = 650 K (upper panel) and Ta = 1350 K (lower panel), respectively. A

significant stress drop on the curve corresponds to the movement of a partial

dislocation. Several fascinating phenomena arise from the shear responses of

these dislocations.

First, as Ta decreases, a significant increase in the resistance to both the

leading partial dislocation and the trailing partial dislocation is observed.

Specifically, for samples of RSS, Ta = 1350 K, 950 K and 650 K, the critical shear
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Figure 7.13: Core configurations for edge dislocations in different samples. (a)
Random solid solution. (b) Sample with Ta = 1650 K. (c) Sample with Ta = 1350 K. (d)
Sample with Ta = 950 K. (e) Sample with Ta = 650 K. (f) sample with Ta = 350 K. In
each figure, the left configuration is the as-introduced dislocation core after relaxation
at 300 K for 100 ps and the right configuration is after relaxation at 1000 K for 100 ps
and then cooled down to 300 K. The scale bar is 10 nm. Atoms in stacking fault are
rendered in green while atoms in dislocation core or point defects are in purple. The
small atom clusters in (b) are point defects due to high temperature annealing.

209



0.0

0.4

0.8

1.2

Time (ns)

S
h
e
a
r 

s
tr

e
s
s
 (

G
P

a
)

Processing condition

Ta = 650 K

Ta = 950 K

Ta = 1350 K

Random solution

0 1 2 3 4

x

z

15 nm

15 nm

Figure 7.14: Local chemical order induces strengthening as observed from edge
dislocation motion Dislocations in the RSS sample and samples with Ta = 1350 K,
950 K and 650 K are subjected to simple shear at 300 K with a constant shear strain
rate of 107 s−1. The middle panel shows the shear stress vs. time curve, showing
the strengthening due to increasing LCO that triples the stress needed to move the
dislocation. The upper and lower panels show snapshots of dislocation configurations
in samples annealed at 650 K and 1350 K, respectively. The arrows indicate the motion
direction of the dislocation. X and Z are along crystal orientations [112̄] and [11̄0],
respectively. The scale bar in each snapshot is 15 nm.
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stresses for the leading partial dislocation are 0.35 GPa, 0.52 GPa, 0.64 GPa

and 1.10 GPa, respectively. The strengthening is also seen in the increasing

critical shear stress to drive the trailing partial dislocation, 0.60 GPa, 0.80 GPa,

1.00 GPa and 0.92 GPa, respectively. Such pronounced strengthening effects

can be attributed to the increasing LCOs with decreasing Ta: it costs more

energy for a partial dislocation to break loose from the increasingly stronger

LCOs as Ta decreases, consistent with the results on CSFE and APBE in Fig.

7.6.

Second, the atomic scale LCO and the resultant nanoscale segregations/clusters

act as strengthening obstacles to dislocation motion. Indeed, dislocation lines

frequently show remarkable local curvatures during motion, which indicates

strong impedance of local dislocation segments that would otherwise move

rather smoothly. Such a rugged advancing dislocation line is consistent with

the abundant nanoscale heterogeneities shown in both Fig. 7.1 and Fig. 7.7,

much like sailing in the choppy “sea” of LCO. The extra resistance leads to

an elevated Peierls stress. The heterogeneous dislocation motion may cre-

ate significant line tension modifying the magnitude of the local stress. In

this case, it is not sufficient to use the externally applied stress to specify the

stress-sensitive local activation barriers; the local stress dependences of the

activation barriers shown in Fig. 7.12 are thus more intrinsic.

Third, for samples with relatively high Ta, the trailing partial dislocation

is much harder to move than the leading partial dislocation. For example,

for the random solution and the Ta ≥ 950 K samples, the critical shear stress

to drive a trailing partial dislocation is ∼ 60% higher than that to drive a
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leading partial dislocation. This is largely due to the smaller average energy

cost associated with leading partial dislocation slip (i.e., CSFE), compared to

that of trailing partial dislocation slip (difference between APBE and CSFE).

The more energetically favorable motion of the leading partial dislocation

should significantly enhance the formation of uniformly distributed SFs and a

high population of very thin (nano-)twins. Indeed, profuse SFs and nanoscale

twins were reported to be responsible for the strong work hardening and

good ductility of the HEAs/MEAs [10, 28, 41, 55, 58]. Experiments also

reported the preference for planar slip in HEAs [10, 12, 13, 52, 53, 56, 58–60],

which would be expected from repeated operation of dislocation source that

eliminates the LCO on some specific planes (see Fig. 7.6). In other words,

the plethora of experimental observations in HEAs/MEAs, including the

local SFE, faults and nanotwins versus extended dislocations, planar slip, and

the very different strength and hardening behavior for HEA/MEA samples

processed at different annealing or homogenization temperatures, can now all

be explained under the same umbrella of the variable LCO.

Note that the observed strengthening effect is not due to the lattice distor-

tions caused by atomic size mismatch, as our MD/MC ageing at Ta alleviates

the effects of atomic size mismatch through rearranging unfavorable local

atomic environments. Two possible mechanisms may be responsible for the

LCO-added strengthening. First, the spatially heterogeneous complex stack-

ing fault energy and antiphase boundary energy results in extra restoring

forces on a moving dislocation that breaks LCOs. The stronger LCOs, the

larger restoring force a dislocation feels on average. Second, the spatially
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varying LCOs may offer nanoscale heterogeneities acting as strong barriers

to moving dislocations, in a way similar to G-P zones. In comparison, in a

random solid solution (i.e., in the absence of dominant LCO), the probability

to form a highly resistant local cluster with high LCO should be very low,

as the constituting atoms in a cluster, with size comparable to the activation

volume of dislocation motion (not to mention even larger clusters), are very

unlikely to simultaneously have similarly high LCOs, due to the random na-

ture of the chemically disordered solid solution. In this respect, if a dominant

LCO emerges in a sample, then an overall strengthening effect should be

achieved, in addition to the local fluctuation effects on dislocation mobility in

RSS. Considering such LCO-dependent activation barriers for local dislocation

segments, the wavy dislocation lines due to spatial heterogeneities, and the

resultant elevation of the critical resolved shear stress, we project that tuning

the LCO would be an effective way of strengthening, especially if the desired

LCOs are stable at the application temperature of the HEA.

7.4 Summary

In summary, generally the HEAs are not ideal or regular SSs, and do not have

a high configurational entropy close to random mixing. This is because the

HEAs are not chemically disordered as depicted in the literature. The most

probable structural state contains partial chemical order. The configurational

entropy is reduced from ideal solutions, even for HEAs prepared at rather

high temperatures. They are nevertheless still of “high entropy” compared to

the ground state traditional SSs and intermetallic compounds, arising from
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the variability and vastness in the internal LCO configurations when multiple

chemical species are alloyed in concentrated proportions.

The impact lies in the realization that the variable chemical order can

be selected through judicious alloy processing. Different from traditional

SSs where the (dilute) solutes are approximately random, delivering almost

invariable properties independent of processing, here the LCO opens up

rich possibilities, including ordering vs segregation, degree of LCO, species

involved in ordering, length scale reached through the first, second, and third

nearest-neighbor layers to even nanometer domains, and spatial variation

across the sample, all in a single-phase SS, even when the LCOs are difficult

to quantify in diffraction experiments.

We have shown that the LCOs open up a new playground for dislocations,

including important benefits. First, the variable and partial chemical order

explain on atomic scale the multitude of possible dislocation mechanisms: we

have quantitatively mapped out the complex energy landscape, as well as

the activation barriers on the rugged kinetic pathways, from the standpoint

of the moving dislocation. A consequence is that, depending on how the

sample is prepared, the preferred mechanism can be one, or a subset, on

the selection options menu, including extended dislocations, stacking faults,

deformation twining, or martensitic transformation. Second, the variability

above explains why macroscopically measured mechanical behavior such

as strength, strain hardening and ductility can seem inconsistent at a given

overall composition, when the same HEA is processed differently to reach

different levels of sample-average LCOs. Third, the LCO variety can explain
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the observation of spatial property variations from one local region to another,

in a given sample. An example is the dislocation splitting width and local

SFE. Fourth, the added dimension of LCO control offers a new knob to turn,

to enable unprecedented property tuning in a single-phase solution alloy. For

example, one can rapidly cool it to obtain an RSS to take advantage of its

room-temperature ductility for shaping, and afterwards age it at an elevated

temperature to acquire adequate LCOs to raise its strength for service.

We emphasize that this flexibility afforded by HEA is inaccessible by its

counterpart extremes: on the one end is the singular chemically disordered

RSS, and the other is the ground-state phases (terminal SSs and intermetallics

that are already commonly known), both offering limited property choices. In

general, existing engineering alloys typically contain some ordered phases;

now in concentrated single-phase HEAs their equivalent is the LCOs. This

hinges on, of course, that LCOs can bring drastic changes to dislocation prop-

erties, which has indeed been demonstrated explicitly and quantitatively in

our results above. Specifically, HEAs show spatially heterogeneous complex

stacking faults that are neither the simple intrinsic stacking fault associated

with RSS (either concentrated or dilute), nor the long-range ordered complex

stacking faults in intermetallics (superlattices). HEAs demonstrate spatially

varying APBE, unlike RSS (no APBE) or intermetallics (spatially uniform

APBE). Furthermore, for a specific material property while an RSS (or inter-

metallic) always gives a unique sample-averaged value, an HEA can be made

to access different values, depending on how the sample is processed. In

addition, DT and MT in HEAs require significantly higher energy input than
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in RSS, as a result of breaking LCOs layer by layer. Finally, LCOs significantly

elevate the mechanical strength, by imposing large local activation barriers

to moving dislocations, which now have to bow out to traverse local hetero-

geneities. These LCO-based structural features and mechanical properties

answer the fundamental materials science question as to what is new to the

HEAs to distinguish them from the terminal SS and intermetallic compounds,

and even the RSS. In sum, the emerging HEAs open a new playground for

structure-property design through processing to tune LCOs: “there is plenty

of room at the bottom” above and beyond what is available with traditional

solid solution alloys.

216



References

1. Yeh, J.-W., Chen, S.-K., Lin, S.-J., Gan, J.-Y., Chin, T.-S., Shun, T.-T., Tsau,
C.-H. & Chang, S.-Y. Nanostructured High-Entropy Alloys with Mul-
tiple Principal Elements: Novel Alloy Design Concepts and Outcomes.
Advanced Engineering Materials 6, 299–303. ISSN: 1527-2648 (2004).

2. Cantor, B., Chang, I. T. H., Knight, P. & Vincent, A. J. B. Microstructural
development in equiatomic multicomponent alloys. Materials Science and
Engineering: A 375-377, 213–218. ISSN: 0921-5093 (2004).

3. Tsai, M.-H. Physical Properties of High Entropy Alloys. en. Entropy 15,
5338–5345 (2013).

4. Zhang, Y., Zuo, T. T., Tang, Z., Gao, M. C., Dahmen, K. A., Liaw, P. K. &
Lu, Z. P. Microstructures and properties of high-entropy alloys. Progress
in Materials Science 61, 1–93. ISSN: 0079-6425 (2014).

5. Gao, M. C. Progress in High Entropy Alloys. en. JOM 67, 2251–2253. ISSN:
1047-4838, 1543-1851 (2015).

6. Kozak, R., Sologubenko, A. & Steurer, W. Single-phase high-entropy
alloys - An overview. Zeitschrift fur Kristallographie 230, 55–68 (2015).

7. Pickering, E. J. & Jones, N. G. High-entropy alloys: a critical assessment
of their founding principles and future prospects. International Materials
Reviews 61, 183–202. ISSN: 0950-6608 (2016).

8. Ye, Y. F., Wang, Q., Lu, J., Liu, C. T. & Yang, Y. High-entropy alloy: chal-
lenges and prospects. Materials Today 19, 349–362. ISSN: 1369-7021 (2016).

9. Miracle, D. B. & Senkov, O. N. A critical review of high entropy alloys
and related concepts. Acta Materialia 122, 448–511. ISSN: 1359-6454 (2017).

10. Gludovatz, B., Hohenwarter, A., Catoor, D., Chang, E. H., George, E. P.
& Ritchie, R. O. A fracture-resistant high-entropy alloy for cryogenic
applications. en. Science 345, 1153–1158. ISSN: 0036-8075, 1095-9203 (2014).

11. Li, Z., Pradeep, K. G., Deng, Y., Raabe, D. & Tasan, C. C. Metastable high-
entropy dual-phase alloys overcome the strength–ductility trade-off. en.
Nature 534, 227–230. ISSN: 1476-4687 (2016).

217



12. Otto, F., Dlouhý, A., Somsen, C., Bei, H., Eggeler, G. & George, E. P. The
influences of temperature and microstructure on the tensile properties of
a CoCrFeMnNi high-entropy alloy. Acta Materialia 61, 5743–5755. ISSN:
1359-6454 (2013).

13. Laplanche, G., Kostka, A., Horst, O. M., Eggeler, G. & George, E. P. Mi-
crostructure evolution and critical stress for twinning in the CrMnFeCoNi
high-entropy alloy. Acta Materialia 118, 152–163. ISSN: 1359-6454 (2016).

14. Hong, S. I., Moon, J., Hong, S. K. & Kim, H. S. Thermally activated
deformation and the rate controlling mechanism in CoCrFeMnNi high
entropy alloy. Materials Science and Engineering: A 682, 569–576. ISSN:
0921-5093 (2017).

15. Laplanche, G., Bonneville, J., Varvenne, C., Curtin, W. A. & George,
E. P. Thermal activation parameters of plastic flow reveal deformation
mechanisms in the CrMnFeCoNi high-entropy alloy. Acta Materialia 143,
257–264. ISSN: 1359-6454 (2018).

16. Wu, Z., Gao, Y. & Bei, H. Thermal activation mechanisms and Labusch-
type strengthening analysis for a family of high-entropy and equiatomic
solid-solution alloys. Acta Materialia 120, 108–119. ISSN: 1359-6454 (2016).

17. Otto, F., Dlouhý, A., Pradeep, K. G., Kuběnová, M., Raabe, D., Eggeler, G.
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Chapter 8

Conclusion and future work

In this thesis, we have computationally investigated the fundamental dislo-

cation physics under several extreme and complex conditions, including a)

surface dislocation nucleation in nanoscale pristine crystals; b) unconventional

behaviors of strongly overdriven high-speed dislocations; c) screw disloca-

tions under the random force field imposed by impurities in BCC metals; and

d) dislocations in complex concentrated alloys with variable local chemical

order. These topics have been systematically probed in Chapter 3 – Chapter

7 using atomistic simulations and modeling, from which we can draw the

following conclusions:

1. For nano-materials with sample dimensions in the sub-50 nm regime,

surface stresses significantly influence the thermally activated nucleation

of dislocations. In terms of activation parameters, surface stress results

in sample-size-dependent activation barriers/volumes as a function of

external load. The resultant material strength can either be “smaller is

stronger” or “smaller is weaker”, depending on the combined effects
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of surface stresses and external load. These findings highlight the sig-

nificance of considering surface stresses in nano-materials design and

applications.

2. Strongly overdriven high-speed dislocations created under ultra-high

stresses generally show counter-intuitive behaviors that defeat the textbook-

described conventional dislocation reactions. The large coherent kinetic

energy carried by high-speed dislocations often leads to abnormal dislo-

cation reactions such as “surface rebound” or “penetration”, in lieu of

the potential-energy controlled conventional reactions such as simple an-

nihilation. These unconventional reactions serve as efficient dislocation

sources that instigate strongly correlated plasticity such as deformation

twinning. These discoveries provide new insights into high-stress/high-

rate deformation processes where high-speed dislocations are involved.

3. The core machinery of screw dislocation in BCC metals plays a crucial

role in creating, transporting and aggregating vacancies that underlie

the damage initiation of light-element induced embrittlement. A screw

dislocation moving through the random force field imposed by oxy-

gen interstitials readily form cross-kinks and emit excess point-defects.

In turn, cross-kinks and attractive point-defects render screw disloca-

tion motion difficult, leading to dramatic hardening. Some types of

point-defects such as vacancy and self-interstitial can be mechanically re-

located by screw dislocation in a displacive fashion. Self-interstitials often

anneal out fast during plastic flow, while impurity-stabilized-vacancies

are stable against passing screw dislocations, creating a strong bias for
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damage accumulation. This discovery provides a concrete mechanism

for the damage initiation of light-element induced embrittlement in BCC

metals.

4. Local chemical order (LCO) has been demonstrated to be a tell-tale fea-

ture of complex concentrated alloys, as also known as “high-entropy”

or “medium-entropy” alloys. LCO creates a wide range of new features

associated with dislocations such as local complex stacking fault energy,

local anti-phase boundary energy, unusual twin/phase boundary energy

and nanoscale heterogeneities. In terms of the core structure, dislocations

in complex concentrated alloys often show fluctuating line morphology

with variable local curvatures and dissociation width along the line

sense direction. Correspondingly, dislocation motion is controlled by

correlated nanoscale bow-out prcosses with variable activation barriers

and small activation volumes. By taking LCO into account, many exper-

imental observations including stacking fault energy, nano-twins, very

thin hexagonal lamellae, variation in dislocation core structure, yielding

strength and activation volume find better explanations than assuming

a simple random solid solution. LCO also offers a new knob to turn,

to enable unprecedented dislocation property tuning in a single-phase

solution alloy, with the potential for pronounced strengthening.

This thesis has expanded our knowledge about dislocation physics un-

derlying the yielding, strengthening, plasticity and damage of materials, as

summarized above. In addition, it points to the need for future investigations

of the following issues.
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1. The surface dislocation nucleation work could be extended to other low-

dimensional materials such as thin films and nano-particles, as these

materials are also subjected to significant surface stresses but have dif-

ferent distributions of surface-stress-induced internal pressure. This

also invites the question that nano-materials in real-world are often not

as “perfect” as in simulations; other conditions such as surface rough-

ness, oxidation layers etc. may also influence the materials strength.

Therefore, different morphology and surface conditions should be con-

sidered in scenarios relevant to practical applications. In addition to

surface stresses, interface stresses are also expected to impose signifi-

cant effects on dislocation nucleation processes; a detailed study on this

topic could help better understand some of the mechanical properties

of nanocrystalline and nano-layered metals. Moreover, for sufficiently

small samples, e.g., sub-10 nm, surface diffusion process can often cou-

ple with dislocation activities, resulting in distinctly different mechanical

properties. However, the interplay between surface diffusion and sur-

face dislocation nucleation has not been fully understood, thus future

work could also focus on this relatively new topic.

2. The kinetic energy dominant behaviors of high-speed dislocations open

a new regime with regards to dislocation physics. One exciting progress

on this topic would be experimentally verifying the simulation-predicted

high-speed dislocation behaviors such as surface rebound. Among oth-

ers, a main challenge in laboratory experiments is how to resolve the fast

dislocation motion process, which will rely on significant improvement
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on current recording techniques. From the atomistic simulation per-

spective, future work could focus on how these high-speed dislocation

behaviors are actually involved in other high-stress scenarios such as

nanocrystalline metals and high-rate deformation process.

3. For screw dislocations under random force field, there are also multiple

topics that could be studied in future work. First, the energetics and acti-

vation barriers for the cross-kink formation and displacive transport pro-

cesses have not been determined in this thesis. They are very important

in determining the rate-limiting steps as well as in rigorously verifying

the proposed mechanisms at much lower strain-rates (we only made

crude estimates of the effects of the strain rate in this thesis). Second, it

is also important to verify the proposed damage initiation mechanism

under an attractive random force field, as many other light-elements

often show attractive interactions with screw dislocations. However,

this needs reliable empirical potentials that can correctly describe both

the screw dislocation behavior and dislocation-point-defect interactions.

Third, at much lower deformation rate, impurity diffusion should be an

important factor in damage initiation. In this case, the interplay between

the elastic fields of dislocations and impurities could have significant

influence on the local distribution of impurities. How damage is accu-

mulated on the diffusive timescale is therefore another interesting topic.

Fourth, in this thesis we only discussed the oxygen-induced strength-

ening and strain hardening. Future work may also need to change the

concentration of oxygen to identify an optimal solute concentration to
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simultaneously achieve high strength and good ductility. This could be

a general approach/mechanism to improve the mechanical properties

of other BCC metals and alloys. Fifth, in addition to defect generation

by the injection of mechanical work, irradiation is another effective way

to introduce various point-defects. How screw dislocations affect defect

redistribution under irradiation is also important for future work.

4. The following topics can be suggested for future work on the complex

concentrated alloys. First, we demonstrate that tuning LCO can be an ef-

fective way to elevate materials strength, which would be the ideal case

if the favored LCO is stable at the application temperature. For example,

if proper LCO can be developed above 1000 ◦C to strengthen materials

in service at relevant high temperatures, then such concentrated alloys

could be a promising substitute for nickel superalloy. Identifying such

a system will be challenging as the composition space is so vast, thus

advanced computational methods such as atomistic computations com-

bined with machine learning could be a good start. Second, the practical

realization of strong LCO might be difficult due to the slow kinetics at

relatively low temperatures. However, one may add some minor ele-

ments (e.g., those with high diffusivities or strong enthalpic interactions)

into the concentrated alloys to facilitate the LCO associated with the mi-

nor elements, which has been demonstrated in very recent experiments.

However, systematic theoretical studies are still needed to identify the

most effective systems. Third, the atomistic mechanisms underlying the

high fracture toughness of some concentrated alloys have not been fully
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understood. Thus future work may also study the dislocation plastic-

ity involved in crack propagation. Fourth, “high-entropy” alloys are

thought to be promising materials for applications under irradiation en-

vironment. However, computational work (especially those taking LCO

into account) on the related topics are rare and the relevant atomistic

processes in high-entropy alloys have not been systematically studied.

Thus, we also suggest this topic as part of future work. Fifth, in this

thesis, we have also shown that deformation twinning or martensitic

transformation could be effective energy absorbing processes, due to the

incessant energy cost to break LCOs between neighboring slip planes.

This indicates that concentrated alloys with LCO could be potentially

applied in high-rate deformations to effectively dissipate the impact

energy. Therefore, future work could also include the study on high-rate

deformation of complex concentrated alloys that contain various LCOs.

Part of this thesis work has been published in Refs. [1–3]. Other published

non-thesis works are also listed in Refs. [4–10].
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Appendix A

Validation of the Nb-O EAM
potential

A realistic interatomic potential was developed for Nb-O 1, in the formalism

of embedded-atom-method [1, 2]. The potential is applicable for simulating

Nb1−xOx alloys in a large compositional range (0 ≤ x ≤ 0.5).

The force-matching method was employed to fit the potential to a large

ab initio database established for the binary Nb-O system. The methodology

for creating an ab initio database for potential fitting has been documented in

previous publications [3, 4]. When building an ab initio database for Nb-O

in this work, special attention was paid to atomic configurations that are

important to the mechanical behaviors of Nb ( e.g., generalized stacking

fault energy, dislocation core, Peierls stress/barrier, point defects, etc.) as

well as the intricate interplays between the defects (vacancy and dislocation

core) and oxygen atoms. In ab initio calculations, the interaction energies

between various point defects and screw dislocation include both the elastic

1Developed by Prof. Howard Sheng at George Mason University, with the assitance of Dr.
T. Tsuru and Q.J Li.
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interactions and chemical effects. The EAM potential was fitted to the total

interaction energies from ab initio calculations such that it implicitly captures

both the elastic and chemical effects. Although this potential was mainly

targeted for solute-lean Nb-O alloys, the transferability of the potential for the

Nb-O alloys with higher oxygen concentration was also taken into account.

To this end, many Nb-oxide crystal structures were included in the potential

fitting database to enhance the performance and the general usability of the

potential.

The collected ab initio data were shifted and scaled to match the experi-

mental data (e.g., lattice parameters, elastic constants, and tabulated cohesive

energies of Nb and O) [4]. The potential was then optimized with the revised

potfit code [2] by fitting the cohesive energies, forces and stress tensors of

∼ 1500 atomic configurations with proper fitting weights. Quintic splines

was used to represent the density, pair, embedding functions in the EAM

formalism, respectively. The potential was further refined through an iterative

process by adding recursive ab initio data into the fitting database.

The ab initio calculations were conducted with the density functional

theory (DFT) based on the Vienna Ab-initio Simulation Package (VASP) [5].

The projector augmented-wave (PAW) method [6, 7] was used to describe the

electron-ion interactions and the generalized gradient approximation (GGA)

for exchange-correlation functionals. The valance electrons of Nb and O were

specified as 4p64d45s1 and 1s22s22p4, respectively. The spin-polarization effect

was not considered in the current work. For high-precision ab initio total-

energy calculations, a Monkhorst-Pack [8] 3 × 3 × 3 k-point grids was used
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and each atomic configuration typically contains 100 – 500 atoms (the gamma

point was used for extremely large systems).

To demonstrate the overall performance of the newly developed potential,

some fundamental properties of Nb and Nb-O predicted by the EAM potential

are listed in Table A.1 – A.5. The ab initio calculation results and experiental

data are also listed for comparison. Also shown are the cohesive energies of

various types of Nb-O crystal structures as a function of volume, as illustrated

in Fig. A.2. It can be seen that the newly developed Nb-O potential can satis-

factorily describe the ground state properties of Nb and O. The energetics of

Nb-O intermetallics are correctly predicted by the EAM potential. The energy

differences between EAM and ab initio calculations (Table A.5) are within

several tens of meV on average. See Fig. A.1 to Fig. A.8 for a comprehensive

validation of the defect, structure and thermal properties predicted by the

EAM potential.
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Table A.1: Predicted values of the EAM potential for Nb in comparison with
experimental properties, where Ec is cohesive energy, C11, C12 and C44 are elastic
moduli, ∆E is the energy difference between various structures w.r.t. BCC Nb,
and Tm is the melting temperature. Also listed are the data derived from a
recently published EAM potential [9] developed by Fellinger, Park and Wilkins
(denoted as FPW-EAM). (Data source by courtesy of Prof. Howard Sheng.)

Nb EAM Experiment/DFT FPW-EAM

Ec (eV/atom) BCC, a = 3.03 Å -7.57 −7.57a -7.10

C11 (GPa) 252 253b 244

C12 (GPa) 139 133b 136

C44 (GPa) 26 31b 32

∆EFCC−BCC (meV/atom) 178 337c 187

aFCC (Å) 4.30 4.22c 4.157

∆EHCP−BCC (meV/atom) 197 257c 187

∆EβW−BCC (meV/atom) 149 112c 77

∆EDC−BCC (meV/atom) 2402 2455c —

∆EωTi−BCC (meV/atom) 121 198c 167

∆EβTa−BCC (meV/atom) 179 92c 83

∆ESC−BCC (meV/atom) 1280 1092c —

∆EtI2−BCC (meV/atom) 130 184c —

Tm (K) 3020e 2750f 2685
a Ref. [10]
b Ref. [11]
c Ab initio calculations in the present work.
d A new metastable phase derived from the Bain deformation path of BCC Nb.

The new phase has a tetragonal symmetry (I4/mmm), with a c/a ratio of 1.816
(a = 2.693 Å; c = 4.891 Å).
e The two-phase coexisting method was used to obtain the melting temperature

of BCC Nb.
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Table A.2: Formation energies of various types of point defects, sur-
face energies of low-index Nb surfaces and generalized stacking fault
energies of Nb as predicted by the EAM potential. Also listed for
comparison are the results given by the FPW-EAM potential [9] for Nb.
Ef

vac is the formation energy of a single vacancy. Em
vac is the migration

energy of the vacancy. Qvac is the activation energy of the vacancy.
Ef

110, Ef
111, Ef

100 are the formation energies of dumbbell interstitials
along the [110], [111] and [100] directions, respectively. Ef

oct, Ef
tet are

the formation energies of Nb self-interstitials at the octahedral and
tetrahedral sites, respectively. E(100)

surf , E(110)
surf , E(111)

surf are surface energies

of the planes as indicated. E{211}<110>
sf , E{110}<111>

sf , E{211}−twin
sf are the

generalized stacking fault energies (also see Fig. A.3). (Data source by
courtesy of Prof. Howard Sheng.)

Nb EAM Experiment/DFT FPW-EAM

Ef
vac (eV) 2.52 2.6 – 3.1a 3.1

Em
vac (eV) 0.91 0.6 – 1.6a 0.77

Qvac (eV) 3.43 3.6 – 4.1a 3.87

Ef
110 (eV) 4.24 4.31a 4.09

Ef
111 (eV) 4.10 3.95a 3.83

Ef
100 (eV) 5.21 4.76a 4.50

Ef
oct (eV) 4.55 4.89a 4.36

Ef
tet (eV) 4.50 4.81a 4.37

E(100)
surf (mJ/m2) 2076 2340a 2360

E(110)
surf (mJ/m2) 1774 2100a 2040

E(111)
surf (mJ/m2) 2129 2390a 2470

E{211}<111>
sf (mJ/m2) 1051 980b —

E{110}<111>
sf (mJ/m2) 968 880b —

E{211}−twin
sf (mJ/m2) 287 280b —

a Ref. [10]
b Ab initio calculation conducted in the present work.
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Table A.3: Formation energies of oxygen interstitials in the BCC Nb host. SS
stands for solid solution. (Data source by courtesy of Prof. Howard Sheng.)

O Interstitials EAM Ab initio

Ef
O−oct (eV) (single interstitial) 5.5 5.75

Ef
O−tet (eV) (single interstitial) 6.0 6.5

Ef
NbO0.05 (eV/atom) (BCC interstitial SS) 0.148 ± 0.02 0.153 ± 0.02

Table A.4: Binding energies of oxygen clusters around a vacancy predicted
by the EAM potential. The binding energies are calculated according to
Eb = [E(NbmO) − E(Nbm)] − [E(Nbm−1On) − E(Nbm−1On−1)]. The EAM
results indicate that multiple oxygen atoms can be attracted to a single vacancy.

1

2

43
5

6

Nb
Vacancy
Oxygen

Number of O atoms Binding energy (eV)
1 1.07
2 1.09
3 1.40
4 1.29
5 1.76
6 1.61

Figure A.1: Phonon dispersion curves of Nb along highly symmetric directions
produced by the new EAM potential for Nb-O. Overall, our potential yields im-
proved phonon properties compared to the previously published classical EAM
potentials for Nb (Ref. [9] and references therein). (Data source by courtesy of Prof.
Howard Sheng.)
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Table A.5: Cohesive energies of the crystal structures of O and Nb-O predicted
by the EAM potential in comparison with ab initio calculations. All the struc-
tures listed in the table are mechanically stable against geometric optimization
in the EAM treatment, and the lattice parameters of the geometrically optimized
structures are provided in the table. Note that the listed DFT lattice parame-
ters were scaled by a factor of 0.9908 during potential fitting. Lowest-energy
structures of the same composition are indicated bby asterisks. Details on the
structures of the oxide can be found in Ref. [12]. Ec is in unit of eV/atom and
lattice parameters (LP) are in units of Å or Å3/atom (v). (Data source by courtesy
of Prof. Howard Sheng.)

Phase Crystal type EAM Ab initio

Ec LP Ec LP

Nb Pm3̄m -7.570 3.303 -7.565 3.303

NbO∗ Pm3̄m (cP6) -6.115 4.440 -6.228 4.193

NbO Fm3̄m (cF8) -6.089 — -5.454 —

NbO∗
2 I41/a (tI96) -5.628 a = 13.318 -5.608 a = 13.698

c = 5.810 c = 5.976

NbO2 C12/m1 (mS112) -5.280 — -5.253 —

NbO2 P42/mn̄m (tP6) -5.634 — -5.557 —

Nb2O5
∗ C12/c1 (mS28) -5.285 v = 12.18 -5.383 v = 12.56

Nb2O5 C12/m1 (mS14) -5.120 — -5.363 —

Nb2O5 P12/m1 (mP99) -5.157 — -5.230 —

Nb12O29 P12/m1 (mP99) -5.162 v = 14.56 -5.230 v = 14.47

NbO3 Fm3̄m (cF16) -3.943 v = 8.49 -3.639 v = 8.79

O Fm3̄m (FCC) 1.406 — 1.719 —

O R3̄m (hR6) -0.08 — -0.106 —

O∗ C12/m1 (mS16) -0.13 v = 13.50 -0.34 v = 13.07

O Fmmm (oF8) -0.164 — -0.28 —

O Pbca (oP24) -0.285 — -0.165 —

O2 dimer 0 r = 1.31 0 r = 1.31
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Figure A.2: Comparisons of ab initio and EAM calculations of the cohesive ener-
gies of five different crystal structures of niobium oxides as a function of volume.
(a) The phase diagram of Nb-O [13]. (b) The as-developed EAM potential correctly
predicts the energetics of the oxides, which are also mechanically stable in a large
pressure-volume phase space in the EAM treatment. (Figure (b) by courtesy of Prof.
Howard Sheng.)

Figure A.3: Generalized stacking fault energies of bcc Nb along the <111> direc-
tion for the two primary slip systems. (a) {112}<111>. (b) {110}<111>. The EAM
results agree well with the ab initio calculations, describing correctly the energy
barriers for the two slip systems. (Figure by courtesy of Prof. Howard Sheng.)
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Figure A.4: The six-fold compact core structure of 1/2<111> screw dislocation
in BCC Nb predicted by the as-developed EAM potential. (a) Differential-
displacement map showing 6-fold compact core structure of the screw dislocation.
The three colors of the filled circles represent atoms on three different layers of the
(111) plane. (b) Projected Nye-tensor plot characterizing the core structure of the
screw dislocation. For explanations of the Nye tensor, the readers may refer to Ref.
[14]. Our ab initio results show that the compact core has a lower energy than the
degenerate core structure. Our potential is one of the few EAM potentials reported in
the literature that can predict the compact core structure of screw dislocations of bcc
materials. (Figure by courtesy of Prof. Howard Sheng.)

240



Figure A.5: The new EAM potential predicted Peierls barrier for the simultaneous
motion of a screw dislocation dipole on {110} plane. (a) Transition pathway of the
migration process. (b) The initial configuration of the screw dislocation dipole. (c)
The saddle configuration of the screw dislocation dipole. (d) The final configuration
of the screw dislocation dipole. Our EAM potential predicts a single-hump Peierls
barrier.

Figure A.6: The new EAM potential predicts attractive interaction between a screw
dislocation and a vacancy, consistent with DFT calculations.
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Figure A.7: The new EAM potential predicts repulsive interactions between a
screw dislocation and an O interstitial, which is consistent with DFT calculations.
This figure shows three typical binding sites. Note that the second configuration has
relatively lower interaction energy. This is probably because the two core atoms, cho-
sen for determining the initial O position, have longer distance along the dislocation
line direction than that of the first and third configurations. Actually, such relatively
lower interaction energy occurs in each of the three columns of core atoms, such that
the higher and lower interaction energies alternate along the dislocation line direction
for each of the atom column. Thus these are alternating interaction energies along the
dislocation line direction, rather than anisotropy within the {111} plane.

Figure A.8: The new EAM potential predicts attractive interactions between screw
dislocation and VO cluster. This figure shows three typical binding sites.
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Appendix B

Validation of the Ni-Co-Cr EAM
potential

A realistic potential has been developed for the Ni-Co-Cr system 1, in the

formalism of embedded-atom-method (EAM) [1–4], by matching a large ab

initio database established for the ternary system. The ab initio database

includes a large set of atomic configurations with corresponding cohesive

energies, atomic forces, and stress tensors. A similar force-matching method

has previously been employed to develop a highly optimized potential for

the Zr-Cu-Al system [3]. In this work, our focus is on the properties of Ni-

Co-Cr entropy alloys, and to that end, special attention has been paid to the

energetics of the stacking faults and chemical ordering of Ni-Co-Cr solid solu-

tions. In order to give an accurate account of the Ni-Co-Cr system in the full

compositional range, more than 3000 atomic configurations were selected to

build a comprehensive ab initio database. The atomic configurations not only

encompass all the intermetallic compounds reported in the Ni-Co-Cr system,

but also include liquid/glass structures, various types of defects, transition

1Developed by Prof. Howard Sheng at George Mason University.

243



pathways, etc. covered in a large pressure-temperature phase space of Ni-

Co-Cr. The revised Potfit code [2] was used for potential fitting. Lastly, the

potential was improved through an iterative process and was further refined

to match experimental data including cohesive energies, lattice parameters,

elastic constants and phonon frequencies of the constituent elements. For

more details of constructing the database and potential fitting methodology,

the readers may refer to Ref. [3, 4].

All ab initio calculations were performed with the density-functional

based Vienna Ab-initio Simulation Package (VASP)[5]. We used the pro-

jector augmented-wave (PAW) method [6, 7] to describe the electron-ion

interactions and the generalized gradient approximation (GGA) for exchange-

correlation functionals. The valance electrons of Ni, Co, Cr were specified as

3d84s2, 3d74s2 and 3d54s2, respectively. The spin-polarization effect was not

considered in the potential fitting. For high-precision ab initio total-energy

calculations, we typically used 3 × 3 × 3 Monkhorst-Pack [8] k-point grids

with each atomic configuration containing 100–200 atoms.

The predicted physical properties from the newly developed NiCrCo EAM

potential are compared to the experimental/theoretical values in Table B.1 –

B.2 and Fig. B.1 – B.7. Very good performance has been achieved for pure

elements, intermetallic compounds and complex solid solutions.

Table B.1 lists the basic properties of elemental structures calculated from

our EAM potential and the corresponding experimental/theoretical values.

Fig. B.1 shows the equations of state of different allotropes of the elements.

Note that the EAM potential can correctly predict the ground states of the
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Table B.1: Predicted values of the EAM potential for Ni, Co, Cr, respectively,
in comparison with experimental properties (or ab initio calculations), where
Ec is cohesive energy, C11, C12 and C44 are elastic constants, ν is phonon
frequencies. (Data by courtesy of Prof. Howard Sheng.)

Ni EAM Experiment/Theory

Ec (eV/atom) -4.45 −4.45a
(FCC, 300K, a = 3.52 Å)
C11 (GPa) 262 262b

C12 (GPa) 155 150b

C44 (GPa) 122 131b

νL(X) (THz) (FCC, a=3.52Å) 8.57 8.55c

νT(X) (THz) (FCC, a=3.52Å) 6.18 6.27c

∆EFCC−HCP (eV/atom) 0.03 0.03d

∆EFCC−BCC (eV/atom) 0.10 0.09d

Co EAM Experiment/Theory

Ec (eV/atom) -4.39 −4.39a
(HCP, 300K, a = 2.507 Å, c = 4.069 Å)
C11 (GPa) (FCC, a=3.53 Å) 260 259b

C12 (GPa) (FCC, a=3.53 Å) 165 159b

C44 (GPa) (FCC, a=3.53 Å) 102 109b

νL(X) (THz) (FCC, a=3.53Å) 8.06 8.1c

νT(X) (THz) (FCC, a=3.53Å) 5.75 5.8c

∆EFCC−HCP (eV/atom) 0.014 0.016d

∆EFCC−BCC (eV/atom) 0.12 0.13d

Cr EAM Experiment/Theory

Ec (eV/atom) -4.10 −4.10a
(BCC, 300K, a = 2.91 Å)
C11 (GPa) (BCC, a=2.91 Å) 380 391b

C12 (GPa) (BCC, a=2.91 Å) 161 89b

C44 (GPa) (BCC, a=2.91 Å) 77 103b

ν(X) (THz) (BCC, a=2.91Å) 6.5 7.8c

ν(P) (THz) (BCC, a=2.91Å) 7.94 8.2c

∆EBCC−FCC (eV/atom) 0.22 0.4d

∆EBCC−HCP (eV/atom) 0.22 0.46d

a Ref. [10]; b Ref. [11]; c Ref. [15];
d ab initio calculation in the present work.
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Figure B.1: Equations of state of selected crystal structures for pure elements Ni,
Co and Cr, respectively. (Figure by courtesy of Prof. Howard Sheng.)

Figure B.2: Ab initio and EAM calculated cohesive energies for Ni-Co, Ni-Cr and
Co-Cr intermetallics, respectively. (Figure by courtesy of Prof. Howard Sheng.)

elements in accordance with ab initio calculations. For Co, the cohesive

energies of face-centered-cubic (FCC) and hexagonal close packed (HCP)

structures are very close, with FCC Co being the ground state in the non-spin

polarized DFT calculation. Fig. B.2 shows the predicted cohesive energies for

the three binary systems involved. The energies and lattice constants of the

energetically optimized structures are also provided in Table B.2. The energy

differences between EAM and ab initio calculations (Table B.2) are within

several tens of meV, which is indicative of a high-quality interatomic potential

for metallic alloys.
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Table B.2: Comparisons between EAM predications and ab initio evaluations of the
cohesive energy Ec (eV/atom) and lattice parameters (LP, Å or Å3 in case of v) of
selected intermetallic compounds for the three binary systems. SS stands for solid
solution. (Data by courtesy of Prof. Howard Sheng.)

EAM Ab initio

Composition Structure LP Ec LP Ec

Ni3Co FCC SS 3.506 -4.419 3.510 -4.407
NiCo FCC SS 3.514 -4.402 3.516 -4.385
NiCo B1,Fm3̄m 3.710 -3.688 3.690 -3.630
NiCo B2,Pm3̄m 2.810 -4.265 2.801 -4.240

NiCo L10,P4/mmm a = 3.522 -4.365 a = 3.530 -4.366b = 3.503 b = 3.553
NiCo L11,R3̄m v = 10.748 -4.408 v = 10.8565 -4.374
NiCo3 FCC SS 3.519 -4.395 3.519 -4.385

Ni2Cr Immm
a = 2.496

-4.399
a = 2.484

-4.404b = 3.600 b = 3.583
c = 7.500 c = 7.463

Ni3Cr FCC SS 3.546 -4.390 3.553 -4.383
NiCr L11, R3̄m v = 11.292 -4.221 v = 11.520 -4.190

NiCr L10, P4/mmm a = 3.599 -4.210 a = 3.595 -4.265b = 3.579 b = 3.576
NiCr FCC SS 3.584 -4.242 3.559 -4.212

Ni0.3Cr0.7 SS, P42/mnm a = 8.910 -4.075 a = 8.682 -4.118b = 4.643 b = 4.530
NiCr3 FCC SS 3.667 -4.076 3.624 -4.103
Ni0.2Cr0.8 BCC SS 2.876 -4.116 2.868 -4.093

Co2Cr HCP SS a = 2.525 -4.347 a = 2.527 -4.405c = 4.065 c = 4.069
CoCr L11, R3̄m v = 11.263 -4.290 v = 11.608 -4.261

CoCr SS, tP30, a = 8.785 -4.172 a = 8.737 -4.231P42/mnm c = 4.553 c = 4.528

CoCr L10,P4/mmm a = 3.587 -4.316 a = 3.592 -4.315b = 3.568 b = 3.572

CoCr HCP SS a = 2.549 -4.317 a = 2.543 -4.362c = 4.103 c = 4.094
CoCr B2,Pm3̄m 2.872 -4.124 2.870 -4.016
Co0.3Cr0.7 BCC SS 2.868 -4.160 2.875 -4.150

CoCr3 hP8,P63/mmc a = 5.183 -4.094 a = 5.130 -4.040c = 4.158 c = 4.116

247



Figure B.3: The cohesive energies of selected NiCoCr solid solutions as a function
of volume. (Figure by courtesy of Prof. Howard Sheng.)

Now we consider the performance of our EAM potential on the ternary

NiCoCr solid solutions. The as-obtained potential has been tested for a num-

ber of physical properties of NiCoCr medium-entropy alloys. We first show

the performance of the potential in describing NiCoCr alloys in a large phase

space. Fig. B.3 shows the comparisons of the energies of NiCoCr solid solu-

tions estimated by EAM and ab initio treatments. As seen, the EAM results

are highly consistent with the DFT results, suggesting a high accuracy of our

EAM potential.

The as-developed potential has been utilized to evaluate the physical prop-

erties of NiCoCr solid solutions in the entire compositional range, which
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would otherwise be impossible with the DFT calculations, as shown in Fig.

B.4. a large system containing 72,000 atoms with the desired composition

was created with atoms randomly arranged on an FCC lattice, followed by

conjugated-gradient energy minimization to find the lowest energy mini-

mum. The elastic constants were analytically calculated based on the second-

derivatives of the potential energy. It can be seen that the EAM potential is

applicable to study FCC NiCoCr in the entire compositional range, and all the

configurations are found to be mechanically stable based on the Born criterion

C11 − C12 > 0 and C44 > 0. In terms of cohesive energy and lattice constant,

it is found that both quantities can be described by the rule of mixture for

FCC NiCoCr solid solutions, where the deviations of the cohesive energy

and the lattice constant from the rule of mixture are within 1.2% and 0.3%,

respectively.

The generalized stacking fault energy (GSFE) of random NiCoCr alloy (Fig.

B.5) was also evaulated for the newly developed EAM potential. Random

solid solutions of equi-atomic NiCoCr alloy with the [111] direction aligned

along the z-axis were constructed. Periodic boundary conditions were only

applied in the x, y directions. The size of the x-y plane is set to 12.43 × 12.92

Å. The upper half of the crystal was displaced along the [112̄] direction on the

(111) slip plane. The GSFE line shape was obtained by conducting statistical

GSFE analysis on >10,000 random configurations. The position dependent

intensity indicates the probability for a GSFE line to be located. For a specific

cross-section along the line, we can also derive the distributions of the fault

energies. For example, the cross-section for intrinsic stacking fault energy
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Figure B.4: EAM predictions on physical properties of NiCoCr alloys in the entire
compositional range. (a–b) FCC phase of NiCrCo in the entire composition region is
mechanically stable, based on the Born criterion C11 − C12 > 0 and C44 > 0. (c) lattice
constants a. (d) deviations of calculated a from that of rule of mixture. (e) cohesive
energies Ec. (f) deviations of calculated Ec from that of rule of mixture. (c–f) suggest
that Vegard’s law is obeyed by the Ni-Co-Cr solid solutions, i.e., the a and Ec of an
FCC NiCoCr SS is approximately equal to the geometric mean of the constituents’ a
and Ec. (Figure by courtesy of Prof. Howard Sheng.)
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Figure B.5: Line Line broadening of generalized stacking fault energy curve for
random solid solutions at 0 K. The stacking fault energy has a finite distribution,
which is a hallmark signature of HEAs. The wide distribution of the stacking faults
has important implications for the mechanical properties of the chemically disordered
crystal. The unit length along the displacement direction is a

√
6/2, where a is the

lattice constant. (Figure by courtesy of Prof. Howard Sheng.)

suggests a wide distribution of the intrinsic stacking fault energy with a

mean negative value, which is consistent with previous work [16, 17], further

validating the accuracy of our EAM potential.

Phonon dipersion curve was also evaluated for the NiCoCr random solid

solution, see Fig. B.6. The line shape of the phonon dispersion curves were

obtained based on over 50,000 different atomic configurations of random

NiCoCr. The temperature-dependent effective potential method (TDEP) [18]

was used to obtain the effective interatomic force constants (IFCs) of a supercell

(108 atoms) of NiCoCr random solid solution. Classical MD simulations

were carried out at 300 K to derive atomic displacements and atomic forces.

The IFCs were optimized with the alamode code [19] based on the force and

251



Figure B.6: Phonon dispersion line broadening in homogeneously disordered
NiCoCr MEA due to mass disorder and force-constant disorder, obtained with
the newly developed EAM interatomic potential. (Figure by courtesy of Howard
Sheng.)

displacement relationship. Having obtained the IFCs, the dynamical matrix

was derived by assuming an averaged atomic mass occupying the FCC unit-

cell following the above equation. This method provides a rapid route to map

out the phonon dispersion. Line-broadening of the phonon dispersion curves

has been known for homogeneously disordered solid solutions [20–22], due to

mass disorder and force-constant disorder. There is also increasing evidence

to show that the local chemical order has an effect on the lattice dynamics,

hence the stability of the crystals [20]. Correct interpretation and prediction of

the lattice dynamics of HAE are therefore important.

The chemical ordering trend with decreasing temperature is shown in Fig.

B.7. Employing the newly developed NiCoCr EAM potential, we carried out
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hybrid MD/MC simulations to investigate the chemical ordering of that equi-

atomic NiCoCr medium-entropy alloy quenched from high temperatures. At

each temperature, the atoms in the system were swapped periodically based

on the Metropolis algorithm to facilitate atomic diffusion kinetics. Naturally,

the system would evolve toward more thermodynamically stable states with

different degrees of chemical ordering. To better assess the energy states of the

atomic configurations, we conducted energy minimization to remove the ther-

mal vibrations. The energies of the as-obtained configurations were subjected

to high-precision ab initio calculations for cross-checks. The comparisons of

the energies of the chemically ordered structures calculated by EAM and ab

initio treatments are shown Fig. B.7. As seen, Upon increasing chemical order-

ing, the EAM potential predicts a similar trend in cohesive energy change to

that from DFT calculations. This suggesting that the as-developed NiCrCo

potential is capable of capturing the increasing stabilities with increasing

chemical ordering.

Chemical ordering is a common phenomenon associated with concen-

trated solid solutions [23–25]. How to correctly predict and characterize the

ordering states in these alloys under different thermodynamic conditions

remains a long-standing materials science problem. The chemical ordering of

different species is dictated by the thermodynamics of the systems, which is

a manifestation of interatomic interactions. Hence, the prediction of chemi-

cal ordering would require accurate descriptions of the atomic interactions,

which, however, is highly challenging for multicomponent systems because

many different types of atomic pairs are involved, and the many-body type
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Figure B.7: Comparisons of the energies of NiCoCr alloy with different degrees
of chemical ordering by EAM and ab initio calculations respectively. The chemical
ordering in the alloy was achieved by conducting hybrid MD/MC simulations in a
360-atom ensemble quenched from 1500 K, employing the as-developed empirical
EAM potential. (Figure by courtesy of Prof. Howard Sheng.)

interactions are complex. As such, the correct trend of chemical ordering may

serve as a reliability test for the validation of the interatomic potentials.

As for the magnetic effects, we think the as-developed EAM potential

can adequately describe the NiCoCr alloy. Firstly, the equi-atomic NiCoCr

alloy was reported to have a very low ferromagnetic transition temperature

(below 2 K) [26], which is in line with our focus on the paramagnetic state

of NiCoCr in this work. We have conducted additional DFT calculations to

evaluate the local magnetic moments of Cr, Co and Ni in the NiCoCr alloys in

the paramagnetic state, based on the disordered local moment (DLM) model

implemented in the EMTO-CPA package [16]. Our results indicate that all the

local moments of the atomic species are essentially zero. We conclude that
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the magnetic contribution to NiCoCr random solid solution can be left out.

Secondly, for the NiCoCr alloys with different levels of local chemical ordering

(Fig. B.7), we carried out spin-polarized calculations to examine the magnetic

states of the alloys. Our results show that all the ordered configurations

encountered in Fig. B.7 have nearly zero magnetization, strongly suggesting

that the non-magnetic treatment is sufficient for the current work.
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