
 

 

Frontiers Of Dealloying – Novel Processing For Advanced Materials 

 

by 

Ian McCue 

 

 

 

A dissertation submitted to Johns Hopkins University in conformity with the 

requirements for the degree of Doctor of Philosophy 

 

 

Baltimore, Maryland 

October, 2015 

 

 

 

 

 

© 2015 Ian McCue 

All Rights Reserved 



ii 

 

Abstract 

Dealloying is the selective dissolution in a liquid environment of one or more component 

sfrom a multicomponent metal alloy, leaving behind a material enriched in the remaining 

component(s). This process can be broken down into two competing kinetic reactions: surface 

roughening from dissolution, and surface smoothening from diffusion of the remaining 

component(s) along the metal/liquid interface. When both rates are approximately equal 

porosity evolution can occur, leading to the formation of a porous metal with a characteristic 

ligament and pore size. Previous work in this field has heavily focused on using the dissolution 

rate to control porosity evolution, but in this dissertation we study how surface diffusivity 

affects dealloying and use it as a dial to control the resulting structure. 

Starting with finite systems we use kinetic Monte Carlo simulations to study how particle 

size affects porosity evolution. Dealloying is used extensively to fabricate next-generation 

catalysts, however this process isn’t well-understood at small particle sizes. We report that 

changes to the chemical potential due to high curvatures increases the surface diffusivity, 

making it more difficult to evolve porosity in nanoparticle systems. It follows that higher 

dealloying potentials are required to overcome this increased surface diffusion rate. 

We then turn to the fabrication of porous refractories where the surface diffusivity is very 

low. Electrochemical dealloying of refractory alloys does not lead to porosity evolution 

because the homologous temperature (reaction temperature normalized by the melting point of 

the remaining component) is too low. To solve this we extended the concept of dealloying to 

a liquid melt where we can reach much higher temperatures in order to fabricate porous 

structures. We studied the morphology, dealloying rate and ligament size as functions of 

composition, temperature, and time, and developed a model for liquid metal dealloying. 
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Lastly, in addition to studying the kinetics of porosity evolution we used this new technique 

to fabricate refractory-based composites and report the first bicontinuous metal/metal 

composite materials. We were able to fabricate bulk quantities (~ 1 cm3) and studied their base 

mechanical properties, e.g. the yield strength. The materials show size-dependent 

strengthening and provide a new processing route to fabricate bulk nanostructured materials. 
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composition range.  (center)  Ti/Cu; during LMD, Ti is dissolved from the Ti/Ta 

ingot and dissolved (up to 70 at. %) in molten Cu alloys.  (right) Ta/Cu; during 

LMD, the remaining Ta does not dissolve in Cu, even molten copper, and 

reorganizes itself into a porous network via interface diffusion between itself and 

the melt.................................................................................................................. 42 
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Figure 3.4 Bulk composites made by liquid metal dealloying. (a) Scanning electron microscopy 

(SEM) micrograph of a polished a Ta-Cu composite, showing a grain boundary 

triple junction. (b) SEM micrograph of a Ta-Cu composite with the Cu matrix phase 

dissolved away to reveal the nanoporous refractory dealloyed phase and a Ta-rich 

grain boundary. (c) SEM micrograph of a polished Ta-Cu composite for elemental 

mapping, with an ~5 μm ligament size. (d) Elemental mapping overlay of (c): Green 

is Ta, red is Cu, and blue is residual Ti in the Cu-rich matrix phase. ................... 45 

Figure 3.5 Dependence of ligament size on temperature in Porous Ta. (a) SEM micrograph of 

porous Ta with ~100 nm ligaments, dealloyed in Cu32Ag68 ( 780mT C ). (b) SEM 

micrograph of porous Ta with ~50 nm ligaments, dealloyed in Cu20Ag40Bi40 (

600mT C ). ........................................................................................................... 46 

Figure 3.6 W-Cu nanocomposite fabricated by immersing Ti-W alloy in molten Cu. Due to its 

higher melting point, W rearranges into a porous structure with ~100 nm ligaments, 

compared to the 1 µm ligaments in Ta alloys dealloyed in molten Cu. ............... 47 

Figure 3.7 Morphology of TiTa samples at the dealloying interface (bottom of the images) at 

four different compositions. It is apparent that the structure becomes more 

connected as the Ta content increases. ................................................................. 48 

Figure 4.1 Dealloying depth versus time for the samples in this study. We studied four 

temperatures: triangle (1160 oC), diamond (1240 oC), circle (1305 oC), and square 

(1360 oC); four times (10-120 seconds); and three compositions: (a) Ti70Ta30 (blue), 

(b) Ti55Ta45 (purple), and (c) Ti40Ta60 (red). ......................................................... 55 
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Figure 4.2 Scanning electron microscopy (SEM) micrographs of Ti55Ta45 samples dealloyed 

in molten Cu for 20 seconds at four temperatures. The dealloying interface is sharp 

and flat, and the dealloyed region has a natural contrast due to the different 

compositions; the dark phase is Cu and the light phase is Ta. The top two images 

were taken at 200x magnification and the bottom two were taken at 270x 

magnification, but it can be seen that dealloying depth increases with increasing 

time. ...................................................................................................................... 56 

Figure 4.3. Illustration of liquid metal dealloying. The dealloyed region (dashed lines) is 

bounded on the left by molten Cu (orange) and on the right by undealloyed Ti-Ta 

(gray). The interface between the solid and the liquid Cu is initially at 0x  , and 

when 0t   molten Cu dissolves Ti out of the solid, moving the interface,  s t , 

towards the right (  
t

s t 




 ). The Ta atoms are left behind, reorganizing into a 

porous network...................................................................................................... 58 

Figure 4.4. Comparison of Ti concentration in the Cu phase versus distance away from the 

dealloying interface between the experimental data (blue markers) and the 

analytical model (dashed lines) using the two different boundary conditions. The 

analytical model matches well if we assume the Ti concentration at the edge of the 

sample is always zero, which is the result of electromagnetic stirring caused by 

induction melting. The deviation between the model and the experimental data at 

distances far from the interface is due to ligament coarsening, which adds extra Ti 

to the Cu bath. ....................................................................................................... 61 
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Figure 4.5. Ti Concentration versus distance away from the dealloying interface for Ti70Ta30 

at 1240 oC. Experimental data (blue markers) compared with Eq. (B.5) at different 

times: (a) 10 seconds, (b) 20 seconds, (c) 40 seconds, and (d) 70 seconds. Eq. (B.5) 

was simultaneously fit across all times yielding   5 2 11240 6.5 10LD C cm s   , 

agreeing well with the literature value 5 2 1(1240 ) 7.0 10Ti CuD C cm s 

   . ................ 62 

Figure 4.6 Collapsed dealloying depth versus scaled time  0 exp a Bt t D E k T      for Ti40Ta60 

(red), Ti55Ta45 (purple), and Ti70Ta30 (blue). The symbol shape corresponds to the 

experimental temperature: triangle (1160 oC), diamond (1240 oC), circle (1305 oC), 

and square (1360 oC). Dashed lines: fits to the data using the relationship 

   24
n

Ls t D t . The values of  ,
0D ,

aE , and n were determined for each data set 

and are listed in Table 4.1. .................................................................................... 65 

Figure 4.7. Effect of grain boundaries on dealloying kinetics. Ti65Ta35 (dealloyed depth data 

not included in this work) sample dealloyed at 1160 oC for 120 seconds. The grains 

in this structure are small, causing an inhomogenous dealloying interface, 

contrasting with Figure 4.2. It can also been seen that the boundaries dissolve faster 

than the interior of the grains. ............................................................................... 66 

Figure 4.8. Ligament coarsening during LMD using Ti40Ta60 as an example. (a) SEM 

micrograph of the dealloying interface (bottom of the image) showing ligaments 

~80 nm at the interface. (b) SEM micrograph of the edge of the sample (bottom of 

the image) showing ~1.5 µm ligaments at the edge of the sample. (c) Ligament size 

versus distance from interface. (d) Ligament size versus estimated time............. 71 
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Figure 4.9. Difference in morphology at the edge of samples dealloyed for 20 seconds at 1305 

oC as a function of alloy composition: (A) Ti70Ta30 showing mostly disconnected 

blobs, (B) Ti55Ta45 showing a mixture of disconnected blobs and connected 

ligaments, and (C) Ti40Ta60 showing a highly connected structure. ..................... 72 

Figure 5.1. Hardness and yield strength data versus ligament diameter for three different 

densities from References (46, 56, 66). It is apparent that the strength increases with 

decreasing feature size, with a power-law exponent similar to that in single crystal 

micropillars. .......................................................................................................... 80 

Figure 5.2. Corrected and normalized yield strength data for np-Au and all nanoporous metals.

............................................................................................................................... 83 

Figure 5.3. Bulk nanocomposites made by liquid metal dealloying. (A) Examples of as-made 

Ta-Cu nanocomposites; ~1 cm3 ingot (left), compression testing sample (center), 

microtensile sample (right). .................................................................................. 90 

Figure 5.4 Bicontinuous metal/metal composite. This is a new microstructure, featuring two 

interpenetrating phases. Unlike precipitation hardening the secondary phase is 

continuous, and unlike multilayered materials the phases are constrained in two 
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Figure 5.5. Mechanical characterization of the Ta-Cu composites in compression. (a) Stress-

strain curves for Ta-Cu composites with different ligament sizes. Curves were cut 

off at 20% strain; strains to failure are indicated next to each curve. (b) Plot of yield 

strength vs. ligament size: (black diamonds) experimental measurements on Ta-Cu 

composites from compression experiments; (black squares) experimental 
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measurements on Ta-CuAg composites from nanoindentation experiments; (large 

dashes) strength estimate using the single-arm dislocation source model with a 

linearly decreasing dislocation density at yield    ; (fine dashes) strength estimate 

using the Hall-Petch model. .................................................................................. 92 

Figure 5.6. Ta composites were fabricated with smaller ligament sizes using a CuAg (~780 oC 

melting point) liquid metal bath. (A) ~500 nm Ta-CuAg nanocomposite. (B) ~70 

nm Ta-CuAg nanocomposite. The 50 nm final polishing step can cause damage to 

surface ligaments when the ligaments are of a comparable size. ......................... 93 

Figure 5.7. Deformed Ta-Cu composites. (a) SEM micrograph of the deformed composite. (b) 

SEM micrograph of the dealloyed Ta phase, excavated after deformation. (c) SEM 

micrograph of a deformed Ta-Cu composite near to failure, showing delamination 

between the Ta and Cu phases. ............................................................................. 98 

Figure 5.8. Example of microtensile test showing ductile behavior for a Ta/Cu composite. Note 

the necking and cup/cone shape in the failed region. ......................................... 100 

Figure 5.9. Example of microtensile test showing a ductile behavior for a Ta/Cu composite. 

Note the sharp crack at ~45o angle and lack of plastic deformation in the sample.

............................................................................................................................. 101 

Figure 5.10. Comparison stress strain curve from microtensile testing: composite sample 

(blue), pure tantalum (pink), and pure cu (teal). The composite is stronger than 

either component but surprisingly less ductile. This is not a rigorous comparison 

but meant to illustrate that the material – at the very least – is not weaker than the 

pure components. ................................................................................................ 102 
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Chapter 1 Introduction/Background 

 

1.1 Chapter Summaries 

Dealloying was originally resitricted to corrosion, but now it is considered a facile self-

organization technique to fabricate high surface area, bicontinuous nanoporous materials 

(Figure 1.1). Owing to their high interfacial area and the versatility of metallic materials, 

 

Figure 1.1. SEM and optical (inset) micrographs of nanoporous gold (np-Au) formed by free corrosion 

dealloying of homogeneous Ag65Au35 alloy in concentrated nitric acid. After initial dealloying for 24 

hours the system exhibits ~30 nm features (a) which coarsen to ~60 nm after an additional 100 hours in 

nitric acid (b) or several micrometers after heating to 800°C for 10 minutes (c). Inset scale bars are 100 

μm. 
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nanoporous metals have found application in catalysis, sensing, actuation, electrolytic and 

ultra-capacitor materials, high temperature templates/scaffolds, battery anodes, and radiation-

damage tolerant materials (1–7). Despite the fact that the kinetics of formation dictate the 

composition, morphology, and ligament crystal orientation of the resulting nanoporous metal, 

the majority of the research on nanoporous metals has focused on the characterization and 

properties of dealloyed materials. 

The aim of this thesis is to examine the fundamental kinetic processes involved in the 

formation of nanoporous metals made by dealloying, and use this knowledge to fabricate new 

nanomaterials. We will show that porosity evolution via dealloying is not limited to 

electrochemical techniques and can be generalized into any liquid-mediated dissolution. We 

will first start with examining the kinetic reactions that result in porosity evolution in the 

context of electrochemical dealloying, extend the kinetic theory to dealloying in a liquid metal, 

and finally examine some applications of these materials. 

In Chapter 2 we examine dealloying in finite volumes by studying binary alloy 

nanoparticles using kinetic Monte Carlo methods. Elemental metal nanoparticles were shown 

to be less stable with decreasing particle size, however we observed that porosity evolution 

became more difficult with decreasing particle size. This is explained by noting that the surface 

diffusion rate increases with decreasing particle size, effectively passivating the surface. In 

order for porosity to evolve the dissolution rate (a function of the applied potential) needs to 

increase to overcome this surface passivation.  

In Chapter 3 we introduce the concept of liquid metal dealloying as an alternative method 

to produce porous structures. Corrosion can occur in any type of liquid medium, but only 

recently has this idea extended to porosity evolution. We develop a liquid metal dealloying 
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system that is used in the following chapters and present the initial proof of concept. We 

demonstrate that we are able to precisely control the morphology and ligament size of the 

resulting structures. 

In Chapter 4 we examine the fundamental kinetic parameters in liquid metal dealloying in 

order to gain a better understanding of how to fabricate bulk nanostructures. We study how the 

dealloying depth, ligament size, and concentration of the liquid phase change as a function of 

time, temperature and composition. Additionally, we introduce a dealloying model to relate 

these parameters together and compare it to our experimental results. This work demonstrates 

that the rate-limiting step is diffusion of the dissolving component out of the dealloyed 

structure and provides a framework for future work on liquid metal dealloying. 

In Chapter 5 we report the baseline mechanical properties of bicontinuous composites 

produced using liquid metal dealloying. These materials offer a solution on how to assemble 

bulk microstructures and are an interesting model to study mechanical properties in confined 

systems. The majority of size-dependent studies have been performed on micropillars and 

nanowires, but both of these systems have free surfaces and undergo rapid strain bursts. The 

bicontinuous composites in this chapter are effectively constrained pillars/nanowires and as a 

result their deformation behavior is similar to bulk materials. This allows the material to 

undergo significant work hardening and possibly achieve very high dislocation densities prior 

to failure. 

The remainder of this introduction is dedicated to the fundamentals of dealloying as defined 

in the literature, liquid metal dealloying, and finally the mechanical properties of nanoporous 

materials. 
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1.2 Dealloying Mechanism  

Dealloying refers to the selective dissolution of one or more components from an alloy, 

leaving behind a material enriched in the more-noble alloy component (8, 9).  Under conditions 

where the dissolution rate is fast enough relative to the surface diffusion rate of the undissolved 

component, it is well-established that a nanoscale pattern forming instability arises that drives 

the formation of nanoporosity during dealloying of bulk alloys, where the intrinsic lengthscale 

of this pattern forming instability is on the nanometer scale (10, 11). The pore and ligament 

size can be dialed-in during the dealloying process by controlling the surface diffusion rate 

(e.g. using a different electrolyte solution) or by controlling the dissolution rate (e.g. changing 

the applied potential). Alternatively, the dealloyed structure can be coarsened after fabrication 

in an electrolyte solution or in a gas environment (air, N2, Ar) at an elevated temperature. The 

smallest reported ligament and pore size is around 2 nm (12), and the largest reported structures 

are tens of microns (13). This tunability and ease of fabrication are the two largest reasons for 

the popularity of nanoporous metals. 

The concept of dealloying has been well-known for over a century, but in the context of 

corrosion as a materials phenomenon to be avoided. Depletion gilding, enriching the surface 

of Cu-Au alloys, is a form of dealloying that dates as far back as pre-Columbian Andean 

cultures (14). More recently, dealloying has been studied in the context of dezincification of 

Zn-Cu and Al-Zn brasses. Despite being studied extensively, the mechanism by which porosity 

evolves has only recently been solved. Pickering and Wagner (15) were the first to introduce 

a dissolution model in the 1960’s, arguing volume diffusion was the mechanism for pit 

formation, however, this required unphysical bulk diffusion rates. Forty in the 1970s suggested 

surface diffusion may play a role, but bulk diffusion was still considered the primary 
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mechanism (16). Pickering, Wagner and Forty contributed significantly to the field of 

corrosion, but they were unable to elucidate the correct mechanism of porosity evolution 

because surface diffusion rates in electrochemical solutions were assumed to be similar to 

surface diffusion rates for metals in vacuum (very low). This idea changed in the 1990s when 

scanning tunneling microscopy was used to directly measure surface diffusivities in electrolyte 

solutions. As a comparison, the surface diffusivity of a metal in vacuum is approximately 

19 2 110 cm s   at room temperature, but surface diffusivity in electrolyte solutions was found to 

be approximately 14 2 110 cm s   (17). This 4-5 order of magnitude increase in an electrolyte 

allows surface diffusion to be the primary diffusion mechanism during dealloying without 

introducing unrealistic bulk diffusion rates or vacancy concentrations. 

The working model for electrochemical dealloying was introduced in 2001 by Erlebacher 

et al. using a combination of kinetic Monte Carlo (KMC) simulations and numerical solutions 

(9). In this model the interface evolution (leading to porosity evolution) is described as the 

result of two competing kinetic processes: surface roughening (caused by dissolution of the 

less noble component, LN) and surface smoothening (caused by the remaining more noble 

component, MN, passivating the surface). 

The mechanistic model is illustrated in Figure 1.2. Thermodynamically, dealloying is 

favorable above a particular critical electrochemical potential, cV , which balances the free 

energy reduction associated with dissolution into solution with the energetic penalty associated 

with any new roughness and surface area created (18). During dissolution, LN atoms from low-

coordination surface sites are easily solvated and dissolve into the electrolyte, Figure 1.2a (19). 

Dealloying is analogous to crystal growth, where the dealloying interface advances through 

layer-by-layer dissolution compared to layer-by-layer growth in thin film systems. It follows 
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that the rate-limiting step of nanoporosity evolution is the dissolution of an atom from a high-

coordination site such as a terrace (20), which leads to the creation of a terrace vacancy that 

then grows laterally into a vacancy cluster as lateral near-neighbors are subsequently dissolved. 

 During dissolution the MN component is left on the surface as adatoms at high 

concentrations, Figure 1.2b. Using a regular solution model, it was shown that the equilibrium 

concentration of adatoms on the surface is very low (19)  and the MN component will diffuse 

with the receding step edge. The MN atoms form island clusters, which grow into mounds as 

the dealloying process continues, Figure 1.2c. This a type of interfacial uphill diffusion 

(adatoms moving from low concentration areas to high concentration areas) mathematically 

describable by Cahn-Hilliard diffusion kinetics usually associated with spinodal 

decomposition (8). Eventually, the path length for diffusing MN atoms to travel to the MN-

passivated mounds becomes too large and new MN-rich regions develop, bifurcating the pores, 

Figure 1.2d. Following this process of mound nucleation and bifurcation, porosity proceeds 

into the bulk and a bicontinuous structure is formed with a characteristic ligament and pore 

size, Figure 1.2e. At some point, it may be thought that transport of dissolved cations out of 

the porous layer becomes rate-limiting, but in practice this diffusion rate is nearly ten orders 

of magnitude faster than interface diffusion and electrolyte diffusion has never been observed 

to be rate limiting. Nanoporous metals, however, are metastable structures and, if left in 

solution, nanoporous metals will undergo post-dealloying coarsening, Figure 1.2f, to reduce 

their large interfacial area. As a result, the average ligament size increases and LN atoms left 

in the interior of the ligaments are exposed and dissolved. In an extreme case (as t  ), the 

structure will coarsen into a large lump consisting only of the MN component. 
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Figure 1.2. Illustration for selective dissolution and porosity evolution. (a) Dissolution of the less noble (LN) 

atoms from the parent alloy. (b) Surface diffusion of remaining more noble (MN) atoms attempting to 

passivate the surface. (c) Over time MN-rich island clusters form into mound, while their bases have a 

composition closer to the initial alloy. (d) The diffusion path length for future dissolution events becomes too 

large and new mounds are nucleated. (e) The resulting porous network has a characteristic ligament and pore 

size, with a MN-passivated surface, and LN-rich interior. (f) Over time, post-dealloying coarsening leads to 

an increase in the average ligament size and the ligament enrich in the MN component. 
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1.3 Parting limit critical potential, bicontinuous structure 

Historically, dealloying systems have been characterized by two key parameters: the 

parting limit, or percolation threshold cp , defined as the fraction of the LN species above 

which dealloying occurs, and the critical potential, CV , defined as the minimum potential 

required for bulk dealloying. The parting limit and critical potential were defined early in the 

development of dealloying theory (21), but the understanding of both concepts have been 

refined in the last decade. 

 

1.3.1 The Parting Limit 

The parting limit is the critical alloy composition necessary for a structure to fully dealloy; 

this does not necessarily imply porosity evolution and only asks the question whether or not 

the dissolving liquid can travel from one end of the sample to the other. Another way of 

considering this problem is whether there is a network/chain of atoms (of the LN component), 

which goes through the entire sample. If the composition is below the parting limit the structure 

will not fully dealloy, and if the composition is above the parting limiting it will fully dealloy. 

For electrochemical dealloying of AgxAu1-x the parting limit is ~55 at.% Ag, however the 

percolation threshold for an fcc lattice is only ~20 at.%. Recent work by Artymowicz showed 

that this difference can be explained by considering high-density clusters (22). Specifically, 

the study examined the high-density percolation threshold  cp m , which denotes that a 

percolation chain/path exists composed of Ag atoms with at least m Ag near-neighbors. If we 

assume Ag atoms only need one Ag near-neighbor,  1cp , the critical threshold is ~20 at.%. 

If, however the number of near-neighbors is increased to nine the threshold isn’t observed until 
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the Ag composition is at least ~ 60 at.%, i.e.  9 60cp   (a value very similar to the observed 

parting limit). The percolation clusters at these higher concentrations are 2-3 atoms wider than 

 1cp , and it is thought that there is a geometric requirement for ion solvation; if the chain is 

too small the LN component is unable to coordinate with anions in solution and dissolve. 

Kinetic factors such as surface diffusion and dissolution can alter the observed threshold, 

however this has not been extensively studied. 

 

1.3.2 The Critical Potential 

The idea of a critical potential, CV , is grounded in the field of corrosion science (10, 23, 

24) and is an important concept because it represents the onset of selective dissolution. This 

has implications in corrosion and pitting corrosion of the important aluminum alloy 2024 as 

well as stress-corrosion cracking in brass and stainless steel alloys (25). The critical potential, 

however, is poorly defined by a potential sweep as can be seen in Figure 1.3. It is clear that as 

the potential increases, the current - associated with dissolution of the LN component - 

eventually increases exponentially. Unfortunately, the exact value of “the onset of selective 

dissolution” is unclear; empirically, it has been defined as the value when the current is above 

~ 21 mA cm . Going back to our model in section 1.2, the critical potential is the value where 

the surface dissolution rate (itself a function of the applied potential) overcomes the passivation 

of the MN component (where the surface diffusivity is not a function of applied potential). The 

critical potential is a function of alloy composition, typically decreasing with decreasing LN 

composition. However, as the composition varies toward 100% of the LN component, the 

critical potential does not tend toward the reversible dissolution potential for that element, as 

would be expected, and instead was typically a few hundred millivolts higher (18). Erlebacher 
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(19) and Corcoran et al. (26) suggested that the critical potential usually observed was an 

artifact of the potential sweep rates used experimentally (25), and suggested an experimental 

protocol employing the observation of steady-state dissolution currents at different potentials 

to get at an “intrinsic” critical potential. The intrinsic critical potential is lower than earlier 

measurements with practical implications that the corrosion stability of alloys might be less 

than expected. Later, Rugolo and co-workers (18) developed a model for the intrinsic critical 

potential that gives its origin as that potential above which it is thermodynamically favorable 

to dissolve a region of volume corresponding to a pore diameter one atom deep in the dealloyed 

material. 

1.3.3 Bicontinuous Structure and Coarsening 

The structure of nanoporous metals is quite unique. Dealloying occurs within the initial 

grain structure of the metal so the grain structure of the parent alloy is preserved. To further 

illustrate this point, if the parent alloy has 1 mm diameter grains, then the dealloyed material 

 

Figure 1.3. Potential sweep curve for a binary dealloying system. As the potential increases the current 

eventually dramatically increases, representing the onset of dissolution (the critical potential). This onset, 

however, is poorly defined and can depend on the sweep rate, electrolyte, and electrolyte concentration. 

As a result there have been refinements as to how the critical potential is defined by holding at fixed 

potentials and observing the current decay over long periods of time. 
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will also have 1 mm diameter grains, where each grain is nanoporous with ligaments 

maintaining the same crystal orientation throughout. Nanoporous metals have been compared 

to sintered structures, however, this is an incorrect statement because the porous networks are 

single crystalline within each grain and lack internal boundaries. Due to this feature, diffusion 

pathways are very large. This imparts unique geometric features to nanoporous metals: namely 

that they possess regions of positive, negative, and saddle point curvature in a topologically 

complex network. Such complex topologies have been of significant recent interest (27–32), 

and methods have been developed to describe the topology of nanoporous metals (33, 34), 

while the dynamics of topology evolution have been studied by KMC and MD (35, 36).  

Coarsening of nanoporous metals is driven by thermodynamic surface energy reduction 

(35–37). The results of these studies indicate that structure evolution tends to proceed via 

pinch-off Rayleigh instabilities which reduce the local genus (the number of “handles” in the 

structure). One implication is that inverse Rayleigh instabilities - a tunnel breaking up into a 

series of voids - can also occur, which in turn explain the TEM observations of large voids 

within the ligaments of np-Au reported in (38). 

 

1.4 Conditions for electrochemical dealloying/limits of tunability 

One reason for the growing popularity of studying dealloyed nanoporous metals is that they 

are very easy to make.  A homogeneous alloy precursor, of whatever shape or form factor, is 

simply immersed into an acid that selectively dissolves one component away.  As long as the 

remaining component is free to diffuse along the acid/alloy interface, porosity generally forms. 

However, the major drawback to this technique is that there are several requirements for 

porosity evolution (19): 
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1. The electrochemical reduction potential between the MN and LN components 

needs to be several hundred millivolts. For instance, in the Ag-Au system, the 

difference between the standard reductions potentials of Ag and Au is ~1V . 

However, in the Ni-Cu system – which does not evolve porosity – the difference in 

the two standard reduction potentials is ~500 mV . The critical potential of an alloy 

system typically sits between the reduction potentials of the two elements; in the 

case of Ni-Cu it is difficult to perform selective dissolution, and both elements 

simultaneously dissolve. Certain chemical tricks can be used to achieve potential-

independent selective dissolution, but this has only been reported for one system. 

2. The parting limit imposes a restriction on the composition range to fabricate a 

porous material. Below the parting limit the system is passivated and porosity does 

not occur. There is also an upper limit on the alloy composition where if there is 

too little of the MN component the structure does not hold together. This is difficult 

to predict a priori and the parting limit can vary system to system. For instance, Zn-

Cu systems only require 20 at.% of the LN component for porosity evolution to 

occur. 

3. The alloying components must form a homogeneous solid solution. This is not a 

strict requirement, in fact intermetallic and glassy alloys have been dealloyed, but 

these structures do not have uniform ligament sizes. As a result, reporting size-

dependent properties becomes difficult. 

4. The final requirement is that the surface diffusivity of the MN component needs to 

fall within a certain window, i.e. a Goldilocks Principle: If the surface diffusivity 
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is too low the MN clusters, and subsequent mounds (Figure 1.2), are unable to form. 

The system will dealloy but porosity evolution will not occur. Conversely, if the 

surface diffusivity is too high the structure will passivate and bulk dealloying will 

occur. 

 

Due to these requirements, dealloying has been restricted to noble-metal systems, Figure 

1.4, which are often expensive and are limited to catalysis applications. This figure illustrates 

the lack of diversity of porous materials at the start of my PhD studies (2010) and will be 

compared with the current state of dealloyed materials in Chapter 6. 

1.5 Liquid Metal Dealloying 

The requirements laid out in section 1.5 demonstrate that although electrochemical 

dealloying is an easy technique, it can only be applied to metal systems that meet certain 

requirements. Elements that are prone to oxidation, such as Ti or Al, can never be fabricated 

 

Figure 1.4. Periodic table showing the elements (highlighted blue) which have been successfully 

fabricated into nanoporous metals via dealloying. Note that all of the elements are noble metals, 

demonstrating the limitations of current dealloying techniques. 
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by electrochemical techniques, and atoms with slow surface mobilities (e.g. Ta, W), will not 

diffuse fast enough to form porous structures. The concept of dealloying has recently been 

generalized to be any form of liquid-mediated dissolution, representing a paradigm shift in this 

community. 

Harrison & Wagner (39) first examined this idea in 1959 by looking at metal alloy 

corrosion in molten metals and salts, but this idea did not catch on until Kato and coworkers 

(40) reported making porous Ti in 2011 by dealloying Ti-Cu alloys in molten Mg. Analogous 

to the critical potential, the dissolving component has a negative enthalpy of mixing with the 

liquid phase, which thermodynamically drives the dissolution process. Unlike electrochemical 

dealloying, dissolution is always favorable and there is no critical potential. Preliminary studies 

of liquid metal dealloying (LMD) have shown that the morphologies are similar to 

electrochemical dealloying, which is to be expected as long as the two competing mechanisms 

(dissolution and surface diffusion) are the same (41, 42). We will come back to this concept in 

Chapter 3 for the development of new alloy systems. 

 

1.6 Mechanical Properties 

Nanoporous metals are an attractive material for structure applications because they consist 

of ~1018 nanoscale objects (for 10 nm ligaments in 1 cm3 of material), and should have similar 

size-dependent strengthening – increasing strength with decreasing size – as is seen in 

micropillar and nanowire systems. The wealth of the work on the size-dependence of the yield 

strength in nanoporous metals has been performed on np-Au, however, the scaling laws are 

expected to be the same for all bicontinuous nanoporous metals. The mechanical properties of 

np-Au have been examined by many research groups using a variety of mechanical techniques  
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including tension, compression and hardness testing (43–69). A compilation of the data is 

given in Table A.1 and Figure 1.5. There is significant scatter (addressed below), however the 

data demonstrates an overall increase in strength with decreasing ligament size, suggesting that 

there is an expression to relate the strength of the porous material to its feature size. 
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Figure 1.5. Yield strength versus ligament size for reported values of np-Au in the literature from various 

mechanical tests: hardness values (square), compression values (circle), thin film stress values 

(pentagon), tension values (triangle), simulation values (diamond), and deflection tension testing 

(upside-down triangle). It is apparent that there is a trend of increasing strength with decreasing ligament 

size, however there is a large amount of scatter associated with samples having different relative 

densities. 
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1.6.1 Scaling Laws and Gibson-Ashby Relations 

Despite being a network of connected nanostructures, nanoporous metals are still high-

density foams and have decreased mechanical properties compared to their fully dense 

nanowire, micropillar, or nanocrystalline counterparts. The underlying strength of nanoporous 

metals are commonly estimated using the empirical Gibson-Ashby (GA) relations for foams 

(70). The GA equations for the yield strength and elastic modulus of a foam are given by 

 
n

foam bulk

y yC


                    (1.1) 

  En
foam bulk

EE C E                 (1.2) 

Here, C and EC  are geometric constants taken to be 0.3C   and 1.0EC   , bulk

y  and 

bulkE are the bulk yield strength and elastic modulus,    is the relative density of the material 

( foam bulk    ), and both n  and En  are exponents dependent on the microstructure of the 

solid material, but taken to be 3 2  and 2 , respectively, for bending-dominated behavior. 

It has been noted in simulations by Sun et al. (71) that ligaments in np-metals undergo both 

bending and tensile deformation, and the values for C , EC , n , and En  need to be carefully 

considered when being applied to a particular system of materials. The values of C and n

will be addressed in Chapter 5. 

Previous work by Hodge and coworkers (46, 49) expressed the size-dependence using a 

Hall-Petch relationship, but individual ligaments are not constrained by adjacent grains and the 

ligaments are more aptly compared to micropillars/nanowires as suggested by several other 

research groups (43, 57, 61, 66, 67). The equation for the yield strength as a function of 

ligament size is given by 

m

y o A    ,                (1.3) 
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where o  is the scale-independent yield strength,   is the ligament size, and A  and m  

are empirical constants. The first term is very small and can be neglected (72), and the yield 

strength becomes 

m

y A  .                (1.4) 

Combining the yield strength and Gibson-Ashby relation yields the equation 

 
n

foam m

y C A


    .               (1.5) 

Note, however, that the power-law relationship is grounded in statistics. Specifically, the 

power-law relationship in micropillars is linked to the probability of finding the maximum size 

of a dislocation source in a material with a given diameter and dislocation density, as discussed 

in recent work by El-Awady, who established a size-dependent Taylor-strengthening law for 

dislocation-mediated plasticity in micropillars (73).  El-Awady points out that the 

strengthening mechanism relies heavily on the dislocation density in the material and, in the 

case of plasticity, knowledge of the kinetic evolution of the dislocation density of the material 

during deformation. Unfortunately, to our knowledge there have only been two qualitative 

studies of dislocation microstructure in micropillars (74, 75), let alone for nanoporous metals, 

and we cannot compare Eq. (1) with this more rigorous model. 

There is no size-dependent scaling law for the elastic modulus of nanoporous metals 

because it is not expected to change dramatically above 10 nm as pointed out by Weissmuller 

et al. (48).  Large sample (mm-scale) experiments have shown dramatic manifestations of 

elastic behavior such as macroscopic actuation caused by electrocapillary forces (changes in 

surface stress with applied electrochemical potential) in solution and gas-phase environments 

(3, 76–80).It has been suggested that excess elasticity on the surface might decrease or increase 

the elastic modulus, and was reported in simulations of materials with 2-4 nm ligaments by 
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Sun et al. and Farkas et al. (62, 71), but experiments in nanoporous metals generally show no 

change in modulus.  One set of experiments by Mathur & Erlebacher inferred the modulus of 

np-Au by examination of the buckling of thin films (81), showing an increase in the modulus 

with decreasing ligament size, but the authors argued that it was a geometric manifestation and 

did not originate from the ligaments. The effects of capillary forces and altering the surface 

stress of nanoporous metals have been discussed in detail previously and can be found in 

Reference (48) and those therein. 

 

1.6.2 Dislocation Activity 

Dislocation activity in nanoporous metals is expected to be different because individual 

ligaments are observed to be ductile, but the bulk structure tends to be brittle (at least in 

tension). This was first observed in a fracture toughness study by Li and Sieradzki (82) where 

a ductile-brittle transition was observed in np-Au when the sample size was significantly larger 

than the ligament size. Pure tension tests confirmed this brittle behavior (58, 61, 69), 

contrasting with the ductile behavior observed in compression and hardness testing. This 

tension-compression asymmetry was observed in MD simulations by Farkas et al. (62), but 

only for ligaments below 15-20 nm and was attributed to the surface stress response of the 

ligaments. 

TEM experiments, MD simulations, and an EBSD study all showed significant dislocation 

activity inside the ligaments, even at sizes as small as 3 nm (60, 62, 63, 67, 71). Due to the 

small ligament sizes in these samples, perfect dislocations are not observed but there is a large 

density of twins, stacking faults, and Shockley partial dislocations. MD simulations showed 

that Shockley partials are emitted from the surface, and quickly pass through ligaments, leaving 
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behind twins and stacking faults. TEM studies confirm these observations and noted that this 

behavior is similar to pure Au wires 50 nm in diameter. In fact, dislocations don’t always 

terminate on the surface, and can move through ligaments and eventually into nodes. An EBSD 

study on 55 nm ligament np-Au by Jin and coworkers (56) demonstrated the evolution of a 

dislocation cell structure, suggesting dislocations in porous metals were able to move a 

distance larger than the ligament diameter and can be stored.  

All of this work suggests that nanoporous metals are ductile, at least locally, and it is 

difficult to have coherent, macroscopic plasticity where a dislocation can travel large distances 

though the highly porous network.  Dislocations easily terminate on surfaces and uniform 

deformation is impossible. This informs understanding of the brittle behavior in tension, 

whereas compression testing masks this lack of coherency either through densification or 

inherently preventing early catastrophic failure. We will discuss these limitations and design 

strategies for new bicontinuous structures in Chapter 5. 
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Chapter 2 Dealloying in Finite Systems 

 

2.1 Summary 

In this chapter we examine dealloying in binary nanoparticles in order to understand how 

porosity evolves in confined systems where the chemical potential term dominates. The Gibbs-

Thomson effect (the reduction of local chemical potential due to nanoscale curvature) predicts 

that nanoparticles of radius r  dissolve at lower electrochemical potentials than bulk materials, 

decreasing as 1 r .  However, we show here that if the particle is an alloy –susceptible to 

selective dissolution (dealloying) and nanoporosity evolution – then complete selective 

electrochemical dissolution and porosity evolution requires a higher electrochemical potential 

than the comparable bulk planar material, increasing empirically as 1 r .  This is a kinetic 

effect, which we demonstrate via kinetic Monte Carlo (KMC) simulation.  Our model shows 

that in the initial stages of dissolution, the less noble particle component is easily stripped from 

the nanoparticle surface, but owing to an increased mobility of the more noble atoms, the 

surface of the particle quickly passivates.  At a fixed electrochemical potential, porosity and 

complete dealloying can only evolve if fluctuations in the surface passivation layer are 
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sufficiently long-lived to allow dissolution from percolating networks of the less-noble 

component that penetrate through the bulk of the particle. 

 

2.2 Background 

Porosity evolution can occur during dealloying when the dissolution rate is fast enough 

relative to the surface diffusion rate of the undissolved component, with ligament and pore 

sizes in some cases less than 5 nm. Dealloying has been used to fabricate bulk metals for 

catalysis with high surface areas, however this form factor is not always useful (12, 83, 84). In 

the case of bulk np-NiPt, the mass activity for oxygen reduction drops as porosity extends into 

the bulk of the material. A function of the overpotential, oxygen will diffuse an average 

distance before being reduced to water. This suggests that there is an optimum dealloying depth 

for a porous catalyst and it is useful to consider finite systems. In the case of a nanoparticle, 

the diameter can be finely tuned and it can be dealloyed to produce a nanoporous nanoparticle.   

Dealloyed nanoparticles are potentially excellent electrocatalysts (85, 86), combining the 

high surface area/volume features of traditional nanoparticles with the ability to tune 

composition and morphology for improved functionality. Nanoporous particles offer 

additional functionality because the porous region can be filled with secondary phases to form 

nanoreactors (12).  Nanoporous metals generally exhibit unusual physical behavior associated 

with their structure including nanoscale manifestations of thermodynamic surface stress (87) 

and high magnetoresistance (88). Typically dealloying of nanoparticles is accomplished by 

electrochemical potential cycling between prescribed voltage limits, sometimes yielding a 

variety of dealloyed nanoparticle types including core-shell and nanoporous structures.  
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Thermodynamically, dealloying is favorable above a particular critical electrochemical 

potential Ecrit that balances the free energy reduction associated with dissolution into solution 

with the energetic penalty associated with any new roughness and surface area created (18).  

The energy gain associated with electrochemical dissolution is a strong function of the 

curvature of the surface, and for single component materials the electrochemical potential 

decreases with particle radius r as a function of 1/r due to the Gibbs-Thomson effect (89, 90). 

The electrochemical stability of nanoparticles has been previously studied, and the relationship 

for the dissolution voltage (in millivolts) is given as: 

   2n
n

M M
M M

M M
E r E r

nF







                                         (2.1) 

where  nM M
E r is the size-dependent standard reduction potential of the metal species M, 

nM ME   is the bulk standard reduction potential, M  is the surface energy, M  is the molar 

volume, n  is the number of electrons per mole product, F is the Faraday constant, and r is the 

radius of the nanoparticle. Using standard values for 2 2Pt e Pt  , the relationship 

becomes: 

 2 1011 133 2
Pt Pt

E r mV                    (2.2) 

An experimental plot of the stability of Pt nanoparticles can be seen in Figure 2.1. The effect 

does not become dramatic until the radius is smaller than 2 nm, however there is a 200 mV

difference between the bulk value and a 2 nm radius particle, which is significant for an 

industrial application. 
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It might be expected that the potential at which porosity forms in a nanoparticle should also 

decrease with decreasing radii, but here we report the results of kinetic Monte Carlo 

simulations (KMC) showing that this potential actually increases with 1/r in alloy 

nanoparticles.  The origin of this effect lies in the details of nanoparticle alloy dissolution – 

generally, regardless of potential, dealloying nanoparticles initially and quickly tends to form 

noble-metal passivated particles.  Porosity only forms over longer timescales if the dissolution 

rate is high enough to form pits during transient surface fluctuations that expose less-noble 

atoms buried under step edges to the external environment.  Such surface fluctuations increase 

in frequency but decrease in duration with smaller particle size because of the rise in surface 

mobility associated with the Gibbs-Thomson effect (such fluctuations can be considered the 

initial manifestation of the melting point suppression in nanoparticles). 

 

 

Figure 2.1. Electrochemical dissolution potential versus 2 r  for Pt nanoparticles from Ref. (89). This 

decrease in stability reflects a lower limit on Pt nanoparticle size for catalytic applications. 
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2.3 Experimental Methods 

To study selective dissolution in alloy nanoparticles, we used the KMC simulation code 

MESOSIM, a full description of which can be found in Ref. (19).  Briefly, MESOSIM has 

been optimized to reflect time and energy scales associated with the prototypical Ag-Au 

dealloying system (leading to np-Au), but the general trends here should be applicable to 

dealloyable systems that remain single phase.  Simulations are initialized by placing atoms on 

a 3-dimensional fcc lattice and the type of atom (Ag or Au) is assigned at random based on a 

weighted probability determined by the composition of the alloy.  The time evolution of the 

system is governed by the KMC algorithm.  In KMC, if there are N total events that can occur, 

each one indexed by i and possessing rate ki , the time for a single event to occur is 

1

ln
N

i

i

t k


    where ξ  is a random number in (0,1].  Within this time the probability of an 

event occurring is 1

1

N

i i j

j

P k k 



   .  KMC simulations progress by picking a random event 

according to its weighted probability (more unstable events are weighted heavier than stable 

ones) and then the time is incremented accordingly.  Our model here draws on the model 

introduced in Ref (91) and uses a simple bond-breaking model to capture the generic 

morphological evolution physics occurring over experimental timescales.  Specifically, rates 

for surface diffusion and dissolution at a potential   are given by the expressions 

1 exp B
diff

b

nE
k v

k T

 
  

 
, and 2 exp B
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b

nE
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, where 

13 1

1 10 secv  , 
4 1

2 10 secv   , 

0.15eVBE    for all bond energies,  and n is the number of bonds.  These parameters have 

been shown in other studies to accurately model dissolution current vs potential behavior (8, 

91, 92) the parameters also successfully model coarsening in nanoporous nanoparticles (35) 
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that agree with timescales of experimental studies of coarsening of np-Au (which we note are 

generally much longer than any of the timescales discussed in this work) (93); and recently an 

experimental measurement of the activation barrier for dissolution of Ag from a terrace site 

was measured, and found to be consistent with a bond energy between 0.1-0.2 eV (20). 

 

2.4 Results and Discussion   

 Figure 2.2 shows a representative time evolution of a simulated nanoparticle of radius 

30 and composition 75 at. % Ag.  Overall, three different compositions were examined: 65, 

75, and 85 at. % Ag; and four different nanoparticle radii: 8, 11, 18, 30   1 atom diameters.  

These values approximately correspond to nanoparticle diameters of ~4, 6, 10, and 17 nm.  The 

compositions were chosen to be representative of the composition range typically found in 

porosity-forming dealloying systems (8, 19).  Smaller particles were not studied because the 

roughness that evolved in the initial stages of dissolution was greater in amplitude than the 

particle diameter, and porosity never evolved.  Particles were dealloyed under constant 

potential at 300K  and ran between 104-105 simulated seconds or ~5x108 iterations.  The 

behavior exemplified by the particle in Figure 2.2 shows the following characteristics:  (a) at 

short times, t < 102 sec., the outmost silver atoms are quickly stripped.  Unlike the case of a 

bulk, planar surface, there are always low-coordination Ag atoms sitting at step edges at facet 

boundaries that facilitate such stripping; (b) at intermediate times t < 103 sec. , the particle is 

passivated with a monolayer of gold, which surface diffuses until the particle approaches the 

equilibrium Wulff shape (if we start the simulations with particle shapes already equilibrated 

to the Wulff shape rather than a sphere, our results are unchanged); (c) over long time periods, 

regions of the bulk are exposed to the external environment due to fluctuations in the outermost 



27 

 

layer; (d) in some cases, these fluctuations are long-lived enough to allow further attack into 

the interior of the nanoparticle.  An important point here is that fluctuations exposing the 

interior also appear in stage (a), but the concurrent dissolution of the outermost silver is 

roughening the surface so quickly that there are always nearby gold atoms that can diffuse into 

terrace vacancies resulting in transient passivation.   

 In dealloying of bulk planar materials, the critical potential is a sharp threshold 

separating porosity formation from surface passivation (25). Analogously in nanoparticles, we 

find an increase in the propensity for porosity evolution to exist as the electrochemical potential 

 

Figure 2.2. Time evolution of a simulated Ag-Au (white spheres: Ag; dark spheres: Au) nanoparticle (r 

= 30, 75 at. % Ag) under constant potential ( 0.98 eV  ).  Initially the surface is Ag rich; it is easily 

stripped off and the surface roughens.  The remaining Au atoms quickly form a passivating monolayer 

and a pseudo-equilibrated Wulff shape; eventually, a long-lived surface fluctuation reveals a percolating 

network of silver atoms in the bulk that dissolves to form a nanoporous nanoparticle. 
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increases, but this threshold is not sharp.  To quantify this observation, for each particular 

radius and electrochemical potential we generated a histogram over the course of many runs 

(Figure 2.3), typically many thousand, showing the final volume of the particle after being 

subjected to a dissolution potential for some fixed, but long, period of time (104 sec). 

 

Near a potential for porosity evolution PE , distinct from and larger than the critical potential 

for the bulk planar alloy, we see two Gaussian distributions corresponding to two final particle 

volumes.  The distribution at smaller volume corresponds to fully dealloyed and porous 

particles that have lost the majority of their less-noble component mass, and the other 

corresponds to particles that have undergone only superficial surface dealloying and become 

passivated with the noble component.  For this latter case, there is still a significant amount of 

 

Figure 2.3. Histogram data of 2000 runs of a r = 18 particle, 85 at. %Ag, under constant dissolution 

potential 0.975 eV  .  The Gaussian at smaller number of atoms corresponds to dealloyed and  porous 

nanoparticles while the Gaussian at larger number of atoms corresponds to passivated, but non-porous 

nanoparticles. The initial number of atoms for this particle radius was approximately 43.68 10 . 
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the less noble component buried in the particle.  We define 
PE  as that potential where the area 

of each Gaussian distribution is equal.  We note that by the particular time at which the mass 

distribution was assessed (104 sec.), the distribution had reached a steady state; that is, we 

occasionally checked that non-porous particles subjected to the potential 
PE  over a time 104 

do not dissolve further even if the simulations are run for an order of magnitude in time longer. 

 Figure 2.4 shows 
PE  for the three compositions plotted against the inverse particle 

radius.  For reference, bulk values for the critical potential reported in Ref. (19) are plotted at

1 0r  . Most notably, the potential associated with porosity evolution PE  is seen to increase 

as the particle size decreases.   

 

Figure 2.4. Simulation and model data for the potential for porosity evolution 
PE  versus 1 r . (closed 

symbols) measured simulation values (symbols at 1 0r  correspond to values of the critical potential 

reported in (19)); (open symbols) predicted values of EP using the model, Eq. (2); (grey symbols) 

simulation values for the critical potential for bulk porosity evolution (from Ref. (19)). Linear fit of the 

predicted values of 
PE  using Eq. (2) (dashed lines), shows an approximate 1 r dependence, and also 

shows that 
PE  generally sits at a potential higher than the bulk critical potential. (inset): the number of 

silver atoms in 9- coordinated sites  0AgN as a function of radius for a 75 at.% particles. 
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This observation should not be interpreted to mean that it is more difficult energetically to 

dissolve silver atoms from smaller particles than from larger ones.  All the particles here 

quickly lose silver from their initial surface, and, in accordance with the Gibbs-Thomson 

effect, at fixed potential smaller particles tend to lose their surface silver more quickly because 

they have a higher fraction of low-coordinated step and kink sites (90). However, for the same 

reason, the gold atoms left behind on the alloy particle surface are much more mobile on the 

smaller particles and thus quickly passivate the interior.  It is possible that reduction of the 

ratio diff dissk k  could reduce such passivation at a fixed particle size and potential, but it is 

unclear how to experimentally achieve this. 

 We necessarily conclude that PE  is fundamentally kinetic in origin, containing a 

complex choreography of surface composition fluctuations convoluted with the geometric 

connectivity of the more reactive component under the passivating gold surface.  The 

ingredients that need to be included in a kinetic model for PE  include:  

 (i) An observation that the initial stage of porosity evolution in particles must be gold-

passivated particles and not a surface with an appreciable concentration of silver.  After this 

initial stage, there are a few silver atoms exposed on the surface on the low-index facets, but 

the majority of silver atoms still on the surface sit along facet boundaries in 10- and 11-

coordinated sites (see, for instance, Figure 2.5).  For this reason, the number of exposed silver 

atoms at this stage of evolution increases approximately linearly with the particle radius. 
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 (ii) The majority of surface diffusion events that can lead to further exposure of silver 

to the electrolyte, or reduction of silver coordination, are fluctuations at step edges that reduce 

the coordination of 10- and 11-coordinated silver atoms to 9-coordinated terrace sites 

susceptible to attack by electrolyte.  Over long periods of simulated time, of order 104 sec, 

many Ag atoms are transiently exposed to the electrolyte.  The 9- coordination number 

corresponds geometrically to a terrace atom in a (111)-oriented surface, and it has been shown 

that this is likely the maximum coordination for which dissolution occurs (20, 22); physically, 

more highly coordinated atoms are thought not to be sterically complexable by anions in 

solution. Within the model, the lifetime of the fluctuation exposing Ag atoms is independent 

 

Figure 2.5. Snapshots of passivated particles as a function of particle size. As the particle size increases 

the fraction of silver atoms on terrace sites decreases and the majority are found underneath step edges. 
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of the dissolution potential.  At the very least, for porosity to form, this lifetime must be larger 

than the average time to dissolve silver from such a terrace site (Figure 2.6). 

 (iii) Finally, assuming the Ag atom is dissolved within the lifetime of a surface 

fluctuation, porosity can form only if the surface Ag atom is connected to a percolation network 

of other Ag atoms through the bulk of the particle.  In contrast to the early stages of dissolution, 

 

Figure 2.6 Surface fluctuation lifetime data for r = 8 particles (top) and r = 30 particles (bottom).  The 

time interval t  is the lifetime of a 9 Ag atom coordinated terrace site.  The peak at 6~ 10   sec. 

corresponds to surface fluctuations associated with adatom motion, and the peak at ~10 sec. corresponds 

to fluctuations at kink sites.  We set  
kinkt  to the center of the latter peak, and the area under the kink 

distribution to 
kinkP  . 

 



33 

 

where there are many Au atoms diffusing on the surface that are readily available to passivate 

low-coordinate surface defects, the surface vacancies associated with dissolution of silver 

atoms during these surface fluctuations are very long-lived.  As a result, we observe that if a 

percolation network of silver atoms starts to dissolve after the particle has reached the pseudo-

equilibrated Wulff shape, the entire particle will almost instantaneously dealloy and become 

porous. It can be seen in Figure 2.7 that the error associated with the probability a surface atom 

is connected to a percolation network becomes quite large as the particle size decreases. This 

is result of having a finite system and represents the length scales below which the existence 

of high-density percolation networks disappears. This results in a distribution of dealloyed 

morphologies in nanoparticles including porous, core-shell, and passivated nanoparticles 

 

Figure 2.7 Probability that a surface silver atom is connected to a percolation pathway in the nanoparticle. 

If this atom is selected to dissolve the entire particle will evolve porosity. This probability is weakly size-

dependent, but most importantly dependent on the alloy composition. 
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Taken together, these observations lead to a first order master equation describing the rate 

of change of the number of exposed 9-coordinated silver atoms AgN : 

  
Ag

Agdiss kink perc

dN
k P P N

dt
                   (2.3) 

Here, 
dissk  is the dissolution frequency from a 9-coordinated site, kinkP  is the probability a 

kink site has fluctuated with large-enough amplitude to expose a silver atom, and percP  is the 

probability this silver atom is connected to a percolation network into the bulk.  Because a 

single dissolution event at this stage tends to lead to porosity evolution, the simplest criterion 

for PE  is determined by the condition that over a period of time t  equal to the lifetime of the 

step edge fluctuation the surface silver concentration decreases by one:    0 1Ag AgN t N  

.  Solving Eq. (2.3) under this condition and noting that the simulation rule 

 exp 9diss B P Bk E E k T     , we find PE  is determined by  
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vP P t N

  
        

              (2.4) 

The simulation model allows percP ,  0AgN , kinkP and t  to be quantitatively measured 

independently.  For percolation and  0AgN , particle dissolution was halted upon completion 

of the passivation layer, and 9-coordinated silver atoms were counted and checked to see 

whether or not they belonged to a percolation network.  A high-density percolation (HDP) 

threshold criterion was used to determine if a silver atom belonged to a percolation network, 

following Ref. (22), requiring Ag atoms to be counted in the percolating network if at least 

nine of its twelve potential neighbors are also silver.  As discussed in Ref. (22), this criterion 
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is equivalent to the physically reasonable requirement that there be enough free volume around 

a surface silver atom for it to be solvated and dissolved by the electrolyte.   Not surprisingly 

over the particle sizes examined, we find little size dependence of the probability of belonging 

to such a percolation network, with the probabilities equaling ~42%, ~81%, and ~97%, for 

compositions of 65, 75 and 85 at. % Ag, Figure 2.7.  For  0AgN , we find a weak linear 

dependence (see inset of Figure 2.4) on the particle radius, reflecting how most of the exposed 

silver atoms sit on facet boundary regions, the length of which increases linearly with particle 

radius. 

 The largest particle size-dependence is found for kinkP and t  , the measures associated 

with fluctuations that lead to transient exposure buried of surface silver atoms.  To quantify 

this effect, gold-passivated particles were again generated, but then silver atoms were not 

allowed to dissolve or diffuse during the further course of the simulation.  These simulations 

tracked the time interval between a silver atom becoming 9-coordinated, and then becoming 

buried (i.e., re-passivated) by surface diffusing gold.  Histograms of these time intervals for 

radius 8 and radius 30 particles are shown in Figure 2.6, and exhibit a rich complexity.  For 

both particle sizes shown, we see that the majority of fluctuations are short-lived – 10-6 to 10-

7 sec. – with a slight shift as the size increases to radius 30.  These fluctuations are associated 

with gold adatoms moving over silver atoms embedded in terraces.  Longer-lived fluctuations 

are associated with surface diffusion of gold with increasing coordination, so, for instance, the 

peak centered around 1 to 10 seconds corresponds to particular fluctuations of interest 

involving atoms at kink sites that expose 9-coordinated silver atoms.  The difference in 

frequency distribution with particle size is straightforwardly explained as a Gibbs-Thomson 

effect:  Surfaces on the 8r   particles are extremely unstable and Ag terrace passivation is 
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controlled by adatom events, but as the radius increases the concentration of highly mobile 

low-coordination surface atoms decreases and a majority of the passivation events become 

controlled by lower-coordination surface atoms participating in attachment/detachment events 

at kink sites.  As the longer-lived fluctuations are the ones that ultimately lead to porosity 

evolution, we associate kinkP  and t  with the longer-lived kink-site fluctuations, kinkP  being 

the area under the peak associated with 
kinkt . 

 Using the independently measured values for the time interval, percolation and kink 

probabilities, and terrace concentration data into Eq. (2.4) we find good agreement with the 

model and the measured values of PE  (see Figure 2.4).  The slopes for both the simulation and 

analytical models for 65 and 75 at.% Ag are approximately the same, but the slope for the 85 

at. % simulation data is steeper than that predicted by Eq. (2.4).  We resolve this discrepancy 

by noting that at high silver fractions, the pseudo-Wulff particle has approximately 15% of its 

surface silver atoms on (001) facets, in addition to the majority (111) positions. This means 

the average activation barrier for dissolution in this case is slightly smaller than 9 b PE E .  In 

fact, we find good agreement between model and simulation using 8.9 b PE E  in Eq. (2.4) at 

the 85 at. % composition, as shown in Figure 2.4.    

 

2.5 Conclusions 

The work presented in this chapter impacts tuning the composition and morphology of 

dealloyed nanoparticles in the following ways.  First, it may require surprisingly high 

electrochemical potentials to both fully dealloy a nanoparticle and ensure that every particle in 

a batch is porous.  In experiments, this is often accomplished by electrochemical cycling which 

has the effect of “artificially” increasing the magnitude, lifetime and frequency of surface 
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compositional fluctuations.  Second, the work here suggests that stymieing the surface mobility 

of the more noble (passivating) component can lead to more facile porosity evolution in 

nanoparticles, perhaps by adsorbing a self-assembled monolayer or dealloying under 

conditions where this component forms a stable oxide (94, 95). 

 To summarize, the size dependence of surface site duration, percolation probability, 

and concentration of surface sites has been examined for binary alloy fcc nanoparticles.  A first 

order rate equation provides a reasonable explanation of the increase in the electrochemical 

potential necessary for porosity evolution, and we identify the primary source of the increase 

to be a Gibbs-Thomson effect acting upon the gold-passivation layer on the particle.  While 

for small particles there are many small fluctuations in the surface morphology, these 

fluctuations are too short-lived to lead to further dissolution.  Porosity evolution occurs when 

fluctuations are long-enough lived to allow silver dissolution, and surface fluctuation lifetime 

increases with particle radius. The results presented in this chapter have been published in (96) 
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Chapter 3 Liquid Metal Dealloying: A New Concept in Porosity 

Evolution 

 

3.1 Summary 

Dealloying is typically considered an electrochemical process, but corrosion can occur in 

a variety of liquid environments, including liquid metals and molten salts. Liquid metal 

embrittlement is relevant for a variety of applications, such as galzanized coatings, solders, 

brazes, and weld-metals (97–100), but the concept of using this process for porosity evolution 

has never garnered interest or been extensively studied. In this chapter we challenge the notion 

that dealloying is restricted to electrochemical systems, and extend liquid metal corrosion to 

the fabrication of porous structures. 

 

3.2 Background 

3.2.1 Liquid Metal Dealloying 

Liquid metal embrittlement is generally concerned with grain boundary weakening, and 

the accepted mechanism is that the liquid metal forms an intermetallic compound with the 
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parent metal at the grain boundary, destroying the internal interface and lowering the energy 

of the system (97–100). This field of study focuses on corrosion along grain boundaries and 

not within the grains themselves, and only considers alloy systems where the concentration of 

the dissolving component is very low. The idea of using a liquid metal to selectively dissolve 

a binary alloy (where the concentration of the dissolving component is higher) was introduced 

by Harrison & Wagner in 1959 when they dissolved noble metal alloys such as Cu-Au and Cu-

Ni in metal baths of Bi and Ag, respectively (39). They observed a rough interface and the 

formation of a porous structure but this idea did not catch on as a fabrication method – 

presumably because the ligaments of the porous structure were hundreds of microns. As a 

result the idea remained untouched until 2011 when Kato and coworkers fabricated porous Ti 

using liquid Mg as a dealloying medium. As mentioned in Chapter 1, it is very challenging to 

fabricate porous materials out of elements with low standard reduction potentials such as Ti; 

there are very few alloying components that have a substantially lower reduction potentials 

and elements in this reduction potential range are prone to oxidation, inhibiting porosity 

evolution. 

 Another drawback to electrochemical dealloying mentioned in Chapter 1 is that the 

surface diffusivity of the remaining component cannot be too fast or too slow. To illustrate this 

point, a primary goal of this dissertation was to fabricate porous Ta by electrochemically 

dealloying V-Ta precursors (Figure 3.1). This alloy system met the first three requirements 

listed in section 1.4, however (in the opposite case of Chapter 2) the surface diffusivity of Ta 

was too low for porosity to evolve. A recent publication by Chen & Sieradzki provided a 

framework for porosity evolution as a function of the homologous temperature (reaction 

temperature normalized by the element’s melting point), demonstrating that Pt is the highest 
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melting point element that can be fabricated at room temperature using electrochemical 

dealloying (101). Unfortunately, this work was not published until three years after this 

electrochemical dealloying experiment and there was no literature value for the surface 

diffusivity of Ta in electrolyte solutions. As a result, we did not fully understand the challenges 

of electrochemically dealloying V-Ta alloys and why porosity evolution did not occur.  

Liquid metal dealloying (LMD) overcomes this surface diffusivity challenge because the 

homologous temperature is much higher – metals are liquid at temperatures hundreds of 

degrees higher than electrolyte solutions – which enables porosity evolution. Instead of a 

critical potential, LMD uses enthalpies of mixing to control dissolution (41, 42). Specifically, 

the liquid metal is chosen to have a negative enthalpy of mixing with the dissolving 

component(s) and a positive enthalpy of mixing with the remaining component(s). A schematic 

of LMD can be seen in Figure 3.2. Kato & Wada have since published several manuscripts 

 

Figure 3.1. Failure of dealloying V-Ta. This systems meets the first three requirements of laid out in 

section 1.4: (a) Ta and V have a large distance between their onset potentials (greater than 1V ), is a 

solid solution, and we should expect to see dealloying over a similar composition range as the Ag-Au 

system. (b) The fault of this system is that the surface diffusion rate is too slow and the alloy falls apart 

when V is dissolved. The dark region is undealloyed Ta-V, and the white region is cracked Ta. 
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describing different LMD systems, focusing on dealloying in molten Mg to produce porous 

Fe, Cr, Nb, and Si. 

3.2.2 The Ti-Refractory Element System 

The remainder of the chapters in this thesis are centered on Ti-X alloys. Using Kato’s work 

as inspiration we developed a unique liquid metal dealloying system by immersing Ti-rich 

refractory alloys into liquid Cu. Parent alloys of Ti-X, where X is a refractory element/alloy 

(e.g., W, Re, Os, Mo, Nb, V), are immersed in a bath of molten Cu. Cu has high Ti solubility 

but is immiscible with X. This concept is easily understood by examining a collage of Ti-Ta-

Cu binary phase diagrams, Figure 3.3. Molten Cu dissolves Ti out of the alloy while allowing 

the refractory component to diffuse along the metal/liquid interface and reorganize into a 

porous network. Copper remains in the pores and fills the dealloyed phase volume as it 

penetrates into the parent alloy. The dissolved Ti diffuses out of the sample into the much 

larger Cu bath, which acts as a reservoir, effectively diluting it within the composite. After the 

dealloying process is completed, a dense bicontinuous composite with a characteristic ligament 

 

Figure 3.2. Schematic of liquid metal dealloying. (a) Parent alloy (dark gray) is immersed into a liquid 

metal bath (orange). (b) Zoom-in of the dashed region in (a) showing the dealloyed region (light gray) 

and the direction of the dealloying front (into the parent alloy). 

 



42 

 

diameter   is formed upon cooling. A nanoporous structure can be excavated by 

electrochemically dissolving the Cu phase, and the low surface mobility of Ta at room 

temperature in an electrolyte prevents the material from coarsening while sitting in solution. 

Referring back to the idea of the homologous temperature, the ligament size can be tuned by 

altering the temperature of the bath. Generally, micron-sized ligaments are formed in Cu melts, 

but we can fabricate smaller ligaments by adding constituents to the bath, lowering its melting 

point. Specifically, by adding Ag and Bi to molten Cu we can fabricate molten baths with 

lower melting points across the range 400-1000 oC. 

Our dealloying strategy is general to all the refractory elements, but this chapter focuses 

on Ti-Ta and Ti-W alloys. It should be clarified that the bicontinuous structure is the result of 

a pattern forming instability during dealloying (identical to electrochemical dealloying) and all 

of the parent Ti-X alloys are homogenous, solid solution BCC alloys across the composition 

range at all processing temperatures. 

 

   

Figure 3.3 Relevant phase diagrams to understand liquid metal dealloying to make np-Ta.  (left) Ti/Ta; 

this system forms a homogeneous solid solution over its entire composition range.  (center)  Ti/Cu; during 

LMD, Ti is dissolved from the Ti/Ta ingot and dissolved (up to 70 at. %) in molten Cu alloys.  (right) 

Ta/Cu; during LMD, the remaining Ta does not dissolve in Cu, even molten copper, and reorganizes itself 

into a porous network via interface diffusion between itself and the melt. 
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3.3 Experimental Methods 

Ti65Ta35, Ti75Ta25, Ti85Ta15, and Ti75W25 (99.9 wt.% Ti, 99.9 wt.% Ta, and 99.9 wt.% W) 

alloy buttons were prepared via arc melting Ti, Ta, and W powders by the Materials 

Preparation Center at Ames Laboratory, which is supported by the US DOE, Basic Energy 

Sciences. A ~30g Ti95Ta5 alloy was prepared in-house by radio-frequency (RF) induction using 

an Ambrel Ekoheat 45 kW system by melting Ti (99.995 wt.%), and Ta (99.95 wt.%) pellets 

from Kurt Lesker in a water-cooled copper crucible from Arcast Inc. under flowing Ar (99.999 

wt.%).  1 cm3 (~9 g) ingots were cut using wire electrical discharge machining (EDM), and 

then annealed via induction melting in an ultra-high vacuum (10-8 torr) environment at ~ 1500 

oC for 72 hours in a ultra-high purity alumina crucible cast in-house using materials from 

Cotronics Corp. These ingots were then rolled into a foil 150 micrometers thick and 1-cm×1-

cm foils were cut from this master foil. The smaller foil was then annealed in a cast alumina 

crucible for 8 hours via induction melting in an ultra-high vacuum (10-8 torr) environment at ~ 

1500 oC. 

Separately, the liquid metal bath (consisting of some ratio of Cu, Ag, and Bi, all 99.99% 

purity) was pre-melted in a graphite crucible using radio-frequency induction heating under 

flowing Ar gas and solidified to form a 5-10 g ingot. The annealed Ti-X foil was then placed 

in a different cast alumina crucible, the Cu/Ag/Bi ingot was placed on top of the foil, and the 

crucible was heated slowly using radio-frequency induction heating under flowing 5% H2-

95%Ar gas until the copper melted (see Figure 3.2 for reference to this experiment).  The melt 

was maintained at the same power to keep the temperature constant, and power was applied 

for a fixed time (anywhere between 1 and 60 minutes). After this time the power was turned 

off and the system was allowed to cool to room temperature. 
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Dealloyed samples were examined using a JEOL scanning electron microscope (SEM) and 

energy-dispersive X-ray spectroscopy (EDS) was used to determine the composition of each 

phase. We examined both the composites formed after dealloying and the underlying porous 

refractory by chemically dissolving the Cu/Ag/Bi phase. The porous metals were smooth and 

easy to image, however the composites needed to be polished for imaging. Composite samples 

were mounted in Struers PolyFast conductive epoxy, and underwent: grinding steps of 400 

grit, 600 grit; diamond polishing steps of 9 µm, 3 µm, 1 µm; and a final polishing step. 

 

3.4 Results and Discusison 

3.4.1 Proof of Concept 

To test the idea laid out in section 3.2.2 we immersed a Ti-Ta sample into molten Cu for 

~5 minutes and examined the dealloyed material. Figure 3.4.a shows the resulting Ta/Cu 

composite, where the light region is Ta and the dark region is Cu. In order to excavate the 

porous structure we immersed the sample in dilute nitric acid to dissolve out the Cu phase, 

Figure 3.4b. We performed an EDS map (Figure 3.4c,d), which confirmed our initial 

hypothesis that the Ta and Cu phases will not mix; there was, however, residual Ti in the Cu 

phase which will be addressed in Chapter 4. The structures created using molten Cu have large 

features, with ligaments on the order of 1 m . We will address ligament refinement below. 
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3.4.2 Temperature Effects 

As mentioned in section 3.2.2, lowering the homologous temperature, and thus the 

surface diffusivity of the remaining component, will refine the ligament size in these materials; 

surface diffusivity has an Arrhenius dependence and will be suppressed at lower temperatures. 

This can be done by fabricating a lower melting point bath or altering the melting point of the 

 

Figure 3.4 Bulk composites made by liquid metal dealloying. (a) Scanning electron microscopy (SEM) 

micrograph of a polished a Ta-Cu composite, showing a grain boundary triple junction. (b) SEM 

micrograph of a Ta-Cu composite with the Cu matrix phase dissolved away to reveal the nanoporous 

refractory dealloyed phase and a Ta-rich grain boundary. (c) SEM micrograph of a polished Ta-Cu 

composite for elemental mapping, with an ~5 μm ligament size. (d) Elemental mapping overlay of (c): 

Green is Ta, red is Cu, and blue is residual Ti in the Cu-rich matrix phase. 
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remaining component. To test this idea we immersed Ti-Ta samples into baths of Cu32Ag68 (

780mT C ) and and Cu20Ag40Bi40 ( 600mT C ), Figure 3.5. It was difficult to image the 

nanocomposite of these materials, e.g. Ta/ Cu32Ag68, so we chemically dissolved the Cu/Ag/Bi 

phase and imaged the nanoporous Ta, measuring approximate ligament sizes of 100 and 30 

nm, respectively. 

We can also choose an element that has a higher melting point than Ta such as W. To 

test this idea we immersed Ti-W samples in molten Cu. W oxidizes in solution so the material 

was imaged as a composite and it can be seen that the ligament size is approximately 100 nm. 

Additionally, the Ti-W parent alloy only had 25 at.% W and as a result the composite has a 

much higher ratio of the Cu phase, which can alter the mechanical properties of the material. 

This will be addressed in Chapter 5. 

 

 

 

Figure 3.5 Dependence of ligament size on temperature in Porous Ta. (a) SEM micrograph of porous Ta 

with ~100 nm ligaments, dealloyed in Cu32Ag68 ( 780mT C ). (b) SEM micrograph of porous Ta with 

~50 nm ligaments, dealloyed in Cu20Ag40Bi40 ( 600mT C ). 
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3.4.3 Morphology of the Dealloyed Structure 

The bicontinuous structure is the result of concurrent dissolution and surface smoothening 

events, and considered a characteristic of nanoporous metals made via dealloying. For 

electrochemical dealloying the morphology is ubiquitous and there is no composition effect on 

the morphology. Dealloying Ag60Au40 or Ag75Au35 alloys yield the same porous Au structure, 

with minor differences in the ligament composition and the ligament:pore ratio. This is not the 

case for liquid metal dealloying and we observe dramatically different structures in Ti-Ta 

alloys dealloyed in Cu. It can be seen in Figure 3.7 that the morphology evolves from droplets 

(5 at.% Ta) into a connected bicontinuous structure (35 at.% Ta) as the Ta concentration 

increases. 

 

 

 

Figure 3.6 W-Cu nanocomposite fabricated by immersing Ti-W alloy in molten Cu. Due to its higher 

melting point, W rearranges into a porous structure with ~100 nm ligaments, compared to the 1 µm 

ligaments in Ta alloys dealloyed in molten Cu. 
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We will only discuss this idea conceptually, but the kinetics of growth in LMD are 

governed by a competition of diffusion-coupled growth and interfacial spinodal 

decomposition. In electrochemical dealloying the initiation of porosity evolution is controlled 

by interfacial spinodal decomposition, but it is unclear how dealloying proceeds into the bulk 

of the material– owing to the short experimental time scales and difficulty in modeling the 

electrolyte solution. In contrast, liquid metal dealloying is easily captured using phase field 

modeling, which is a technique known for effectively modeling the solid/liquid metal interface. 

Using phase field modeling, it was recently shown that spinodal decomposition only occurs at 

the beginning of liquid metal dealloying (102). After the initial surface destabilization, bulk 

dealloying occurs by a diffusion-coupled growth mechanism (note that the Ta ligaments in the 

15 at.% Ta sample looks very similar to eutectic lamellae). Similar to eutectic growth, lateral 

diffusion of Ta controls the growth at the dealloying interface; depending on the alloy 

composition, Ta at the interface is either able to maintain diffusion-coupled growth (such as in 

 

Figure 3.7 Morphology of TiTa samples at the dealloying interface (bottom of the images) at four 

different compositions. It is apparent that the structure becomes more connected as the Ta content 

increases. 
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25 and 35 at.% Ta), or the dealloyed structure detaches (5 and 15 at.% Ta) and new Ta-rich 

regions need to be reformed by interfacial spinodal decomposition. It might be thought that the 

interface velocity plays a role in the morphology, however dealloyed structures are self-similar 

and we have not seen the morphology at the interface change in experiments ( 0 210 10  

seconds) or phase field modeling ( 9 610 10   seconds). 

This variety of morphologies has not been observed in electrochemical dealloying 

presumably because the dissolved species rapidly diffuses away into the electrolyte and does 

not remain near the surface of the porous structure. We have conducted preliminary LMD 

experiments which show that the concentration of the dissolved species in the liquid phase 

plays a role in the dealloying rate – increasing the concentration of the dissolved species lowers 

the driving force – and also the dealloyed morphology that forms – increasing the dissolved 

species results in a more connected structure although the mechanism is unclear.  A detailed 

study of the kinetics of LMD will be addressed in Chapter 4. 

 

3.5 Conclusions 

In this chapter we demonstrated that liquid metal dealloying can be used to fabricate new 

porous materials that were unable to be fabricated using electrochemical techniques. Using 

Kato’s work as inspiration, we developed a unique LMD system by immersing Ti-rich 

refractory alloys into molten Cu/Ag/Bi baths. During this immersion, Ti is selectively 

dissolved while the refractory element rearranges at the interface according to interfacial 

spinodal decomposition. This is identical to electrochemical dealloying, however, new 

morphologies in the dealloyed structure emerges due to the appearance of diffusion-coupled 

growth. Depending on the concentration of the remaining refractory component the resulting 
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structure can take the form of droplets, lamellae, or a connected porous network. In addition 

to tuning the morphology of the resulting structure the ligament size can be altered by changing 

the homologous temperature. The homologous temperature is a function of the reaction 

temperature, i.e. the bath temperature, and the melting point of the remaining component. The 

work laid out in this chapter has been included in a patent application and recently submitted 

work (102).  
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Chapter 4 Kinetics of Liquid Metal Dealloying 

 

4.1 Summary 

In this chapter we conduct an in-depth study of the kinetics and fundamental microstructure 

evolution mechanisms during liquid metal dealloying (LMD) using Ti-Ta alloys immersed in 

molten Cu as a model system. LMD has recently emerged as a novel technique to fabricate 

bulk nanostructures using a bottom-up self-organization process, however the literature lacks 

fundamental studies of this kinetic process. We developed a model that describes LMD after 

examining the effects of key parameters in our system by varying the alloy composition, 

dealloying duration, and dealloying temperature.  Liquid metal dealloying has been analogized 

to electrochemical dealloying, however this work demonstrates several key differences. In 

particular, the rate-limiting step in electrochemical dealloying is the dissolution of a terrace 

atom whereas the rate-limiting step in LMD is diffusion of the dissolving component away 

from the dealloying interface. 
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4.2 Background 

Liquid metal dealloying has recently been used to fabricate bulk nanoporous and 

nanocomposite materials for a variety of applications including electrochemical capacitors, Li-

ion battery anodes, and high-strength structural materials (4, 7, 40, 45, 103). A majority of the 

work on this subject has focused on the characterization and properties of nanomaterials made 

by LMD.  However, a recent phase field model has addressed some fundamental mechanisms 

of formation and the variety of morphologies that can be produced during LMD, which was 

briefly addressed in Chapter 3 [PA/Alain]. The purpose of this chapter is to experimentally 

investigate the kinetic parameters which affect dealloying, with an eye towards optimizing the 

fabrication of nanocomposite and nanoporous materials. For this study we chose our model 

LMD system of Ti-Ta alloys immersed in molten Cu. As demonstrated in the previous chapter, 

the Ti-Ta system is not limited to dealloying in molten Cu, and later in this chapter we briefly 

examine LMD of TiTa alloys in molten baths containing Cu, Ag, and Bi.  

 

4.3 Experimental Methods 

Experiments were carried out by immersing Ti-Ta alloy samples into Cu baths; we varied 

the alloy composition, immersion time and reaction temperature to investigate how these 

parameters affected the dealloying depth, ligament size, and concentration profile in the liquid 

phase. 

Ti-Ta alloys were prepared in-house by radio-frequency (RF) induction using an Ambrel 

Ekoheat 45 kW system by melting Ti (99.995 wt.%), and Ta (99.95 wt.%) pellets from Kurt 

Lesker in a water-cooled copper crucible from Arcast Inc. under flowing Ar (99.999 wt.%). 

After casting the ingots were annealed under flowing Ar (99.999 wt.%) for a minimum of 10 
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hours and checked for homogeneity using energy-dispersive X-ray spectroscopy (EDS). 

Master ingots of ~30 g were made of the following compositions: Ti70Ta30, Ti65Ta35, Ti55Ta45¸ 

Ti40Ta60, Ti30Ta70, Ti20Ta80. Approximately 1g samples (roughly 6x2x10 mm) were cut for 

LMD from the master ingots using wire electrical discharge machining (wire EDM). After 

cutting, Ta wires were spot-welded onto one end of the sample for the immersion experiments 

and samples were lightly sanded with 600 grit to remove the recast layer from wire EDM. 

Prior to immersion, a 40 g molten Cu (99.99 wt.%) bath was prepared in a high-purity 

alumina crucible cast in-house with materials from Cotronics at a preset temperature (1160, 

1240, 1305, or 1360 oC). Temperature measurements were made using a Ircon Modline 5 

infrared camera with a Yokogawa controller set to the emissivity of molten Cu. Prior to 

immersion, the sample was brought inside the RF coils –without touching the bath – and heated 

to avoid thermal gradients between the sample and the bath. The sample was then immersed 

into molten Cu for a fixed time (between 10 and 120 seconds) and then removed from the bath, 

halting the dealloying process. 

Cross sections of the nanocomposites were prepared using wire EDM. The cross sections 

were mounted in Struers PolyFast conductive epoxy, and underwent: grinding steps of 400 

grit, 600 grit; diamond polishing steps with grits of 9 µm, 3 µm, 1 µm; and a final polishing 

step of 0.05 µm. Composites were characterized using a JEOL scanning electron microscope 

(SEM) and ImageJ was used to measure dealloying depth and average ligament sizes. EDS 

was used to determine the composition of each phase as a function of depth. The dealloying 

depth was determined by averaging ~40 measurements taken from four images, which were 

from different regions of the sample. The average ligament size was determined by averaging 
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over ~20 measurements for a given depth. The composition for a given depth was determined 

by averaging over an area with a 1-5 µm diameter. 

 

4.4 Results and Discussion 

4.4.1 Dealloying Depth Data 

Figure 4.1 shows raw data for dealloying depth as a function of time for three different 

compositions and four different temperatures. Error bars are not included, but all depth 

measurements had an error below 30 µm and the majority had an error below 15 µm. Three 

obvious trends are apparent: the dealloying depth increases with time, the dealloying depth 

increases with temperature (at fixed time), and the dealloying depth decreases with increasing 

Ta composition. The data also appears to have a power-law relationship with time.  Below, we 

introduce a dissolution model to interpret our data and understand the dealloying depth’s 

functional dependence on time and temperature. Figure 4.2 shows a panel of SEM images with 

typical cross sections (here, of Ti55Ta45 dealloyed for 20 seconds at four different 

temperatures), illustrating our measurements of dealloying depth. 

 

4.4.2 Dissolution Model 

We treat the LMD process as a 1-D Stefan problem, the general class of free boundary 

problems where a phase boundary can move with time (104). The original Stefan problem 

described the temperature distribution in the liquid phase during the solidification/melting of 

ice, which is analogous to the Ti concentration profile in the liquid phase during LMD.  
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Figure 4.1 Dealloying depth versus time for the samples in this study. We studied four temperatures: 

triangle (1160 oC), diamond (1240 oC), circle (1305 oC), and square (1360 oC); four times (10-120 

seconds); and three compositions: (a) Ti70Ta30 (blue), (b) Ti55Ta45 (purple), and (c) Ti40Ta60 (red). 
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Figure 4.2 Scanning electron microscopy (SEM) micrographs of Ti55Ta45 samples dealloyed in molten 

Cu for 20 seconds at four temperatures. The dealloying interface is sharp and flat, and the dealloyed 

region has a natural contrast due to the different compositions; the dark phase is Cu and the light phase 

is Ta. The top two images were taken at 200x magnification and the bottom two were taken at 270x 

magnification, but it can be seen that dealloying depth increases with increasing time. 
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The PDE describing the Ti concentration distribution is discontinuous across the solid-

liquid phase boundary, but the Stefan condition allows for a solution by expressing the velocity 

of the boundary as a function of the flux across the interface. This construction allows us to 

solve for the position of the dealloying interface and the concentration profile in the liquid 

within the dealloyed region as functions of time, which are central to understanding how to 

fabricate nanomaterials using this process. 

Figure 4.3 illustrates LMD as a one-dimensional Stefan problem. Consider an isothermal 

system containing an infinite liquid bath of Cu and a semi-infinite block of Ti-Ta where  s t  

is the position of the interface between the two phases. When 0t  , the Cu phase dissolves Ti 

from the TiTa alloy, moving the interface into the solid. As the interface moves, the liquid 

phase collects the dissolved Ti, and the rate-limiting process is Ti diffusion away from the 

interface. If the rate-limiting process was Ti dissolution from a terrace site – as is the case in 

electrochemical dealloying – we would not expect to see a buildup of Ti inside the dealloyed 

region, however we show below that Ti accumulates in the dealloyed region and leads to a 

decrease in the dealloying velocity with increasing time. It is also possible that bulk diffusion 

in the solid may play a role, where the rate-limiting step is Ti diffusion from the bulk to the 

interface, but this is unlikely. This mechanism typically produces dendritic voids, a 

morphology not reported in this work, and the interdiffusivity in Ti-Ta is too slow. To compare, 

at 1200 oC 9 2 110S

Ti TaD cm s   and 
5 2 110L

Ti CuD cm s 

  (105, 106). 

The concentration of Ti in the liquid phase,  ,c x t , follows the diffusion equation: 

2

2L

c c
D

t x

 


 
                   (4.1) 
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where 
LD  is the diffusivity of Ti in liquid Cu. The Stefan condition at the moving boundary, 

 x s t , is 

    ,Ti Ti

S L L

ds c
c c D s t t

dt x


 


                 (4.2)

 

where Ti

Sc  is the concentration of Ti in the solid at the interface, and Ti

Lc  is the concentration 

of Ti in the liquid at the interface. 

 

 

 

Figure 4.3. Illustration of liquid metal dealloying. The dealloyed region (dashed lines) is bounded on the 

left by molten Cu (orange) and on the right by undealloyed Ti-Ta (gray). The interface between the solid 

and the liquid Cu is initially at 0x  , and when 0t   molten Cu dissolves Ti out of the solid, moving 

the interface,  s t , towards the right (  
t

s t 




 ). The Ta atoms are left behind, reorganizing into a 

porous network. 
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An expression for the concentration profile is derived in Appendix B.1 and is given by Eq. 

(B.6), repeated here: 
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                (4.3) 

Here, 
Tic  is the concentration in the Cu bath and λ can be fit experimentally or determined 

numerically from the analytical solution derived in Appendix B.2, Eq. (B.10), repeated here: 
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.                 (4.4) 

It is noted in Appendix B.1, but we would like to emphasize that Eq. (4.3) accounts for the 

effects of induction heating and the solution given by Eq. (B.4) should be used if the LMD 

experiment uses resistive heating. In the case of induction heating we assume that the edge of 

the sample will always have the same Ti concentration as the bulk liquid, i.e.  0, Tic x t c 

. We introduce this assumption because induction melting induces eddy currents, which add 

convection to system outside of the dealloyed region. The degree of convection could be 

backed out by immersing samples at different rotation rates, controlling the convection and 

measuring the concentration profile (this is similar to a rotating disc electrode setup in 

electrochemistry), but that is experimentally challenging and beyond the scope of this work. 

The inherent convection caused by induction melting creates a beneficial and serendipitous 

steep concentration gradient at the outer geometric surface of the sample; we predict an 

increase in the dealloying rate compared to dealloying in a typical resistive-heating furnace. 
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4.4.3 Concentration Profiles 

In general, Eq. 3 fits our data well, with one caveat.  As shown by example in Figure 4.4, 

our data deviates from our model near the original outer surface of our samples, where the raw 

data shows a relatively greater concentration of Ti. We believe this deviation is due to 

coarsening of the Ta-rich ligaments, and is analogous to post-dealloying coarsening in 

electrochemical dealloying where the ligaments enrich in the noble component (9, 107). 

During coarsening, Ti inside the ligaments become exposed to the surface through Ta-mediated 

surface smoothening and genus-reduction events, and then dissolve into the liquid phase (35). 

This surface diffusion process has an approximate 1 4t  dependence and has a minor effect on 

the dealloying velocity (section 3.4) (35, 37). The Ta-rich ligaments can be considered finite 

point sources of Ti, and it can be seen in Figure 4.5 that Eq. (4.3) better fits the concentration 

profile at later times when the ligaments near the edge of the sample become depleted in Ti. 

Using Eq. (B.5), we performed a least squares fit on the experimental data for 1240 oC for each 

composition (Ti70Ta30, Ti55Ta45¸ and Ti40Ta60), and obtained values for the diffusivity (Table 

4.1) very close to the literature value (106). The literature value is from a series of experiments 

by Shurygin & Shantarin where they measured Ti dissolution in molten Cu across the range 

1100-1400 oC using a rotating Ti rod to overcome connective transfer and determine a true 

diffusion coefficient for Ti in molten Cu.  We excluded the portion where the experimental 

curves deviate from the model due to ligament coarsening during the fit, however as shown in 

Figure 4.5 this region is quite small for the longer times and is not a significant source of error. 
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Figure 4.4. Comparison of Ti concentration in the Cu phase versus distance away from the dealloying 

interface between the experimental data (blue markers) and the analytical model (dashed lines) using the 

two different boundary conditions. The analytical model matches well if we assume the Ti concentration 

at the edge of the sample is always zero, which is the result of electromagnetic stirring caused by induction 

melting. The deviation between the model and the experimental data at distances far from the interface 

is due to ligament coarsening, which adds extra Ti to the Cu bath. 
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Figure 4.5. Ti Concentration versus distance away from the dealloying interface for Ti70Ta30 at 1240 oC. 

Experimental data (blue markers) compared with Eq. (B.5) at different times: (a) 10 seconds, (b) 20 

seconds, (c) 40 seconds, and (d) 70 seconds. Eq. (B.5) was simultaneously fit across all times yielding 

  5 2 11240 6.5 10LD C cm s   , agreeing well with the literature value 

5 2 1(1240 ) 7.0 10Ti CuD C cm s 

   . 
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4.4.4  Dealloying Depth 

An expression for the dealloying depth is derived in Appendix B.2, Eq. (B.11), repeated 

here: 

  24 Ls t D t .                   (4.5) 

We used Eq. (4.4) and the experimentally measured concentrations to determine λ for each 

composition, and backed-out the diffusivity and activation energy for each composition by 

collapsing the data from each temperature onto the curve   24s t t  , where Lt t D   ,

 0 expL a BD D E k T  , aE  is the activation energy for Ti diffusion in molten Cu, and T is 

the temperature of the reaction. The values determined from this fit are listed in Table 4.1, and 

activation barriers for all compositions less than Ta60 agree well with literature values.  

However, the fit 0D  values differ by two orders of magnitude from the literature value. We 

suggest this discrepancy is due to the additional Ti added to the bath from ligament coarsening: 

i.e., extra Ti at the edge of the sample reduces the driving force for Ti diffusion away from the 

dealloying front, and a more rigorous form of Eq. (4.5) would include a second, albeit minor, 

term with a 
1 4t  dependence to reflect this effect. It is also possible that the tortuosity of the 

dealloyed structure may interfere with Ti diffusion, increasing the diffusion path length from 

the dealloying interface to the edge of the sample. Thus, we hypothesize relaxing the form of 

Eq. (4.5) to 

   24
n

Ls t D t                    (4.6) 

and allow the exponent n  to be determined from the experimental fit. Figure 4.6 is a plot of 

the collapsed data versus t  and it can be seen that each data set has close groupings. 
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The values for the exponent were found to be close to 0.5n  , with
70 30

0.38Ti Tan  ,

55 45
0.41Ti Tan  , and 

40 60
0.45Ti Tan  . It is reasonable that the exponent for the Ti70Ta30 data set is 

lower than the Ti55Ta45 and Ti40Ta60 data sets because there will be more residual Ti in the Ta 

ligaments, which will lead to a larger effect from coarsening. Consistent with this idea, we see 

the exponent approach 0.5n   as we increase the Ta concentration. The values of 
0D  for all 

compositions using Eq. (6) to fit  s t  are within an order of magnitude of the literature value 

and agree much better than the fit using Eq. (4.5). The activation energies for Ti70Ta30, Ti55Ta45 

were found to be 0.67 eV  and 0.69 eV , respectively, which is very close to the literature value

0.715Ti CuE eV  . Interestingly, the value for Ti40Ta60 , 1.29aE eV , was much higher than 

samples at lower Ta composition, suggesting a different mechanism became the rate limiting 

step. This could either be a switch to attachment/detachment-limited regime such as seen in 

electrochemical dealloying, or an effect of the morphology of the dealloyed structure, which 

will be addressed in section 3.6.2. 

Table 4.1 Kinetic parameters determined for the compositions in this study. 

Composition 2 1(1240 )LD C cm s    n  2 1

0 ( )D cm s  ( )aE eV  

literature value 57.0 10  - 0.5  21.7 10  0.715  

      

Ti70Ta30 56.5 10  0.99  0.38  4,*4.6 10  
2,**3.4 10  

*0.45  
**0.67  

      

      

Ti55Ta45 53.3 10  0.915  0.41  4,*8.2 10  
3,**6.5 10  

*0.57  
**0.69  

      

Ti40Ta60 54.8 10  0.88  0.45  2,*4.8 10  
1,**1.2 10  

*1.17  
**1.29  

* indicates parameter fit using Eq. (4.5) **indicates parameter fit using Eq. (4.6) 
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Our final comment on the dealloying depth is the effect of grain boundaries, which can 

significantly alter the kinetics. Figure 4.7 is a cross-section of a Ti65Ta35 sample (dealloying 

depth data not included in this work due to the ingot’s small grain size) dealloyed at 1160 oC 

for 120 seconds. The dealloying interface is much rougher than the ones Figure 4.2, making it 

difficult to measure an accurate dealloying depth. We speculate that this is the result of 

different grains dealloying at different rates, but more importantly from grainboundaries 

themselves. 

 We observed grainboundaries are always dissolved first during LMD, replacing the solid-

solid interface between adjacent grains with a solid-liquid-solid interface; at later times the 

 

Figure 4.6 Collapsed dealloying depth versus scaled time  0 exp a Bt t D E k T      for Ti40Ta60 (red), 

Ti55Ta45 (purple), and Ti70Ta30 (blue). The symbol shape corresponds to the experimental temperature: 

triangle (1160 oC), diamond (1240 oC), circle (1305 oC), and square (1360 oC). Dashed lines: fits to the 

data using the relationship    24
n

Ls t D t . The values of  ,
0D ,

aE , and n were determined for each 

data set and are listed in Table 4.1. 
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regions between grains fully detach and a thick Ta-rich region appears (Figure 4.7). It is not 

accurate to call these regions grain boundaries because the solid-solid interface is destroyed 

during dealloying, but we will use this name out of convenience. Dealloying is slower in 

regions where grainboundaries are perpendicular to the dealloying direction, and we think it is 

reasonable to conclude the boundaries impede Ti diffusing away from the dealloying interface. 

For this reason we made sure that all of the starting alloys in this study were sufficiently 

annealed, and most samples had an average grain size of ~500 um. We caution future work to 

be aware that boundaries can alter the kinetics, and it is desirable to have as large grains as 

possible to dealloy to large depths. 

 

 

Figure 4.7. Effect of grain boundaries on dealloying kinetics. Ti65Ta35 (dealloyed depth data not included 

in this work) sample dealloyed at 1160 oC for 120 seconds. The grains in this structure are small, causing 

an inhomogenous dealloying interface, contrasting with Figure 4.2. It can also been seen that the 

boundaries dissolve faster than the interior of the grains. 
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4.4.5 Parting Limit 

We will briefly discuss the parting limit in liquid metal dealloying, which has been 

extensively studied in electrochemical dealloying (18, 23, 108). This concept was introduced 

in section 1.3.1, but it is worth reiterating that the parting limit, or percolation threshold cp , is 

the critical alloy composition (defined in the percentage of the dissolving component) 

necessary for a structure to fully dealloy. For dealloying it is important to introduce the concept 

of high-density percolation,  cp m , which denotes that a percolation path exists composed of 

atoms [of the dissolving species] with at least m  neighbors. We expect The Ti-Ta alloy system 

to have a higher percolation threshold than fcc dealloying systems such as Ag-Au because the 

bcc lattice has fewer nearest neighbors. This idea is corroborated by  1 24.5bcc

cp  , whereas 

 1 19fcc

cp  at.%.  

In this study we did not characterize a parting limit in detail; however, out data suggests it 

likely sits around 40 at.% Ti. We attempted to dealloy Ti30Ta70 and Ti20Ta80 samples but did 

not observe any significant dissolution. Samples from both alloys were immersed into molten 

Cu for several minutes, and we only saw small channels of Cu near the surface of the sample 

which were no wider than 500 nm and no longer than tens of microns. Previous work in 

electrochemical dealloying has demonstrated that surface dealloying can always occur due to 

low coordination at the surface, but this does not imply the sample will fully dealloy. 

Analogously, liquid metal embrittlement can occur in systems with no dissolving component 

such as Al embrittlement by Ga. We were able to dealloy Ti40Ta60, however the activation 

barrier for this composition was almost twice that of the activation barrier for Ti55Ta45 and 

Ti70Ta30; it is possible 40 at.% Ti is just above the percolation threshold. This low parting limit 

is surprising but other fcc dealloying systems such as Al-Cu and Zn-Cu have thresholds close 
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to ~20 at.%, the value for  1cp  (109). Our system could be a special case like Al/Zn-Cu, 

however a much older LMD study observed a similar percolation threshold, 

30 . % 40 . %cat p at  , in a familiar electrochemical dealloying system, Au-Cu, which has 

an electrochemical parting limit of 55 at.% (39). From a geometric standpoint the parting limit 

correlates to the size necessary for ion solvation; it is thus logical to speculate that as the 

effective size of an atom dissolving into a melt is smaller than a solvated metal ion dissolving 

into the solution, that the parting limit would be lower. 

 

4.4.6 Ligament coarsening 

We observed a significant amount ligament coarsening during LMD in molten Cu, with 

nm-sized features at the interface and µm-sized features at the edge of the sample. Figure 4.8a,b 

contrasts the ligament size in a Ti40Ta60 sample where the ligaments are ~80 nm at the interface 

and rapidly increase to ~ 1 µm at the edge of the sample.  The morphology of the structures, 

see section 3.6.2, was composition dependent, but in general the lengthscale as it varied away 

from the interface was approximately the same regardless of the composition. 

It was shown in previous work by Erlebacher that coarsening in nanoporous metals consists 

of two concurrent surface diffusion-mediated processes: surface smoothening and ligament 

pinch-off events (35). In an ideal case both have a 
1 4t  dependence, but the mutual dependence 

of these two processes leads to a more complicated relationship for the surface evolution in 

nanoporous metals. Ligament pinch-off events decrease the genus of the material (the number 

of “handles”), however these events increase the local mass of a ligament, and future genus 

reduction events cannot occur until surface smoothening has redistributed this excess mass 

across the porous structure. It is therefore incorrect to say there is a simple relationship for 
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coarsening in porous metals.  However, we are able to measure an activation energy associated 

with coarsening and use it here to comment on ligament coarsening during liquid metal 

dealloying. 

Figure 4.8c shows the ligament size versus dealloyed depth for Ti40Ta60, dealloyed for 20 

seconds at 1160, 1240, 1305, and 1360 oC. Using Eq. (4.6) and our values listed in Table 4.1 

we translate the ligament size to a function of time, included as Figure 4.8d. We only show the 

data for one composition, however the power-law exponents for all compositions (Figure 4.8d) 

were nearly identical and the associated activation energies were reasonably close: Ti70Ta30 (

1.30aE eV ) , Ti55Ta45( 0.82aE eV ), and Ti40Ta60 ( 0.91aE eV ). It should be apparent 

from Figure 4.8c,d that there are two distinct ligament coarsening regions.  

There appears to be a slight lag in the initial ligament size as a function of dealloying depth 

in Region I (Figure 4.8c), however this disappears when we convert to an estimated time 

(Figure 4.8d). It was shown in simulations that the ligament size will always lag a reduction in 

genus, however it is difficult to conclude this effect without estimating an average genus per 

volume (35).  In Region I (Figure 4.8d) we observe a power-law exponent close to the ideal 

for coarsening ( 0.25n  ), and the average activation energy in this region was 1.01AE eV . 

This behavior is reasonable because at longer times, coarsening should be limited by mass 

transport across the surface and not genus reduction events. In Region II (Figure 4.8c,d), 

however, we barely notice any increase in the ligament size for a given temperature ( 0.03n 

), which we attribute to the structure approaching a genus of zero (over the scale of 

measurement). The ligaments at the edge of the samples have very low genus/volume values 

and can no longer increase their size through surface diffusion-mediated events. As a result the 

only way the average ligament size can increase is by two ligaments coming into contact and 
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fusing together. This appears to be a very slow process, and the ligament size does not increase 

significantly in Region II. 

 

4.4.7 Morphology 

In Chapter 3 we noted that the morphology of structures fabricated using liquid metal 

dealloying can be dramatically different depending on parent alloy composition. We observed 

a morphology transition from Ta droplets to a connected, porous Ta network as the parent alloy 

composition changed from Ti95Ta5 to Ti65Ta35.  In this current study we are only examining 

connected structures, and report subtle changes in the morphology. Specifically we see an 

increase in the connectivity of the structures as we increase from 30-60 at.% Ta, which in turn 

affected the stability of the Ta network at longer times (Figure 4.9). 

We observed good mechanical integrity when the Ta concentration was greater than ~30 

at.%, owing to the connectivity in the porous network, which is a major reason why this work 

focuses on Ta-rich alloys. Samples with lower Ta concentrations were mechanically stable for 

short immersion times (less than 10 seconds), but fell apart during longer immersions (greater 

than 20 seconds). Only samples with at least 30 at.% Ta were robust enough to hold together 

during long immersion experiments (up to 120 seconds). Ligament pinch-off mediated 

coarsening decreases the connectivity of the porous structure with increasing time, and 

eventually ruins the mechanical integrity of the sample. Not only did the connectivity depend 

on time but also on the Ta composition. For comparison, Figure 4.9 shows the connectivity of 

the ligaments change at the edge of the sample from disconnected blobs in the Ti70Ta30 sample 

to a highly connected structure in the Ti40Ta60 sample. This effect is quite significant in Cu 
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baths, however it should be less obvious in lower-melting point baths where the ligaments do 

not coarsen significantly past their formation size. 

It was mentioned in section 3.4 that the activation energy for Ti diffusion in molten Cu for 

the Ti40Ta60 composition was quite high, almost twice that for Ti55Ta45 and Ti70Ta30. It is 

possible that the high connectivity at the interface significantly limits the diffusion path for Ti 

atoms out of the dealloyed structure, and the limiting mechanism becomes a pinch-off event to 

allow the Ti atom to “escape” this highly tortuous region. This activation energy was very 

similar to the activation energy for coarsening in section 3.6.1, however it is very difficult to 

deconvolute pinch-off events from surface smoothening events. 

 

Figure 4.8. Ligament coarsening during LMD using Ti40Ta60 as an example. (a) SEM micrograph of the 

dealloying interface (bottom of the image) showing ligaments ~80 nm at the interface. (b) SEM 

micrograph of the edge of the sample (bottom of the image) showing ~1.5 µm ligaments at the edge of 

the sample. (c) Ligament size versus distance from interface. (d) Ligament size versus estimated time. 
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Figure 4.9. Difference in morphology at the edge of samples dealloyed for 20 seconds at 1305 oC as a 

function of alloy composition: (A) Ti70Ta30 showing mostly disconnected blobs, (B) Ti55Ta45 showing a 

mixture of disconnected blobs and connected ligaments, and (C) Ti40Ta60 showing a highly connected 

structure. 
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4.4.8 Homologous Temperature Effects 

We demonstrated in Chapter 3 that by adding Ag and Bi to molten Cu we can fabricate 

molten baths with lower melting points and thus refine the ligament size of the porous structure. 

What we left out of that discussion was that each sample was dealloyed for a significant time, 

and the samples were only dealloyed to a depth of 150 m . 

The only drawback to making alloy baths is maintaining a high solubility of the dissolving 

component. Across this temperature range, Bi( ) and Ag( ) have at most  4 and 2 at.% Ti 

solubility, respectively, although it is unclear how Cu affects the solubility. Referring back to 

Eq. (B.10) and Eq. (4.6) the dealloying rate is highly dependent on the solubility in the liquid 

phase as well as the concentration in the liquid bath. As a result, the dealloying rate becomes 

very sensitive to the size of the bath, and large quantities are needed to dealloy thin samples. 

Future work will need to explore balancing the addition of components to the liquid bath to 

suppress coarsening without killing the dealloying rate. 

  

4.5 Summary and Conclusions 

We examined the kinetics of liquid metal dealloying by varying the parent alloy 

composition, dealloying temperature, and dealloying time. The values measured for the 

diffusivity and activation energy confirm that the rate-limiting step in the dealloying process 

is Ti diffusion away from the dealloying interface and out of the dealloyed structure, however 

a second mechanism may become dominant when the alloy composition is close to the parting 

limit. Serendipitously, induction heating adds convection to the system, and we predict an 

increase in the dealloying rate compared to dealloying using resistive heating. The dealloying 

depth has a power-law relationship with an exponent close to 0.5n  , with a deviation 
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attributed to ligament coarsening adding extra Ti to the Cu bath. Ligament coarsening is very 

fast at this temperature, increasing from 80 nm to 1 µm in just 10 seconds. We observe two 

distinct power-law exponents during coarsening owing to ligament pinch-off and surface 

smoothening events occurring simultaneously. To stymie coarsening we performed LMD 

experiments in lower-melting point baths, however the low Ti solubility in these baths made it 

difficult to dealloy to large depths (of order 1 mm). There is a challenge in LMD to fabricate 

bulk structures with nm-sized ligaments, and future work will need to address this issue. 

Nevertheless, this chapter is meant to develop a framework for liquid metal dealloying, and 

lays the groundwork for future research in this field.  
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Chapter 5 Mechanical Properties of Refractory-based 

Nanocomposites 

 

5.1 Summary 

In this chapter we explore the mechanical properties of nanocomposites fabricated using 

liquid metal dealloying (LMD). The compressive strength of metal single-crystalline 

micropillars has been shown to increase with decreasing diameter, but translating this size-

dependent strength enhancement to bulk materials has been a challenge; joining of 

macroscopic materials is inherently challenging and it would be costly to create nano-truss 

materials using a similar technique (110). Recent efforts have produced ~1 mm3 lattice 

materials 20 nm features, however this requires a complex combination of lithographic laser 

writing and decomposition of polymers (110–112). Here we utilize LMD as a potential 

fabrication route for bulk nanostructured materials. The LMD process results in 

nanocomposites with two distinct phases: a single-crystalline refractory metal network 

embedded in a Cu-rich matrix. The properties of each phase has the potential to be tailored, 

and the nanocomposites demonstrate an increase in yield strength that scales with network 

feature size. 



76 

 

5.2 Background 

It is a well-established principle in the mechanics of crystalline materials that smaller 

microstructural features yield stronger materials. There are numerous manifestations of this 

effect, including variations in grain size, metallic film thickness, indentation depth, nanowire 

and micropillar diameter, and ligament diameter in nanoporous metals.  The central idea is that 

dislocation activity is different in reduced volumes where interactions with free surfaces can 

lead to dislocation starvation, source truncation, or pileup (113). An important point of 

distinction is that these mechanisms can be divided into extrinsic factors (e.g. external crystal 

dimension) and intrinsic factors (e.g. precipitate size) (114). Modern physical metallurgy is 

founded on designing materials with precisely controlled intrinsic microstructures, e.g. 

solution and precipitation hardened materials, however extrinsic effects have the potential to 

play an important role because small-volume materials (e.g. metallic whiskers) approach the 

theoretical strength of a material (113, 115, 116). In order to develop new materials with 

extrinsic “microstructures” recent academic efforts have focused on assembling bulk structures 

out of nano-scale materials (111, 112). 

Nanoporous metals (np-metals) are an interesting class of materials because they are a self-

assembled structure and 3~ 1 mm  of material can be fabricated easily in a laboratory setting 

(43–45). Electrochemical dealloying is quite slow, with an etch rate of ~ 1 secnm , however 

we showed in the previous chapter that liquid metal dealloying is capable of etching at a rate 

of ~ 15 secm . Interestingly, the limiting factor in dealloying is the depth of a component, 

and large volumes could be produced providing the surface area of the component is much 

larger than its thickness. However, in full disclosure the largest np-metal fabricated to date is 
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3~ 1 cm  and there are significant challenges in scaling up the material which will only be 

addressed when these materials have found an industrial application (1, 45). 

Despite only being used in laboratory setting, np-metals have a high degree of tunability, 

with the most obvious parameter being the ligament size. To illustrate this point, the as-

fabricated ligament size of np-Au is ~10 nm, however the material can be coarsened to ~10 

µm by heating in a furnace at 650 oC for 10 minutes while retaining a self-similar structure 

(13, 35, 82). As discussed in the previous chapter the ligament size follows a 1 4t  relationship, 

and it is expected that larger ligament sizes ( 100 m ) could take days to fabricate. 

Additionally, the starting alloy composition can be altered, resulting in different densities as 

well as altering the final ligament composition. More radical changes have involved multiple-

step dealloying to produce bimodal hierarchical porosity, or adding ternary alloying 

components to alter the surface chemistry. 

 

5.2.1 Ligament Size Effect in the Yield Strength of Nanoporous Metals 

The purpose of this section is to discuss the mechanical properties of np-metals reported in 

the literature. Using literature data from 15 different publications in Chapter 1, we will address 

the current limitations and provide an outlook on the future of these materials. 

The wealth of the work on the size-dependence of the yield strength in np-metals has been 

performed on np-Au, however, the scaling laws are expected to be the same for all bicontinuous 

np-metals (46–49, 51, 53–55, 57, 61).  The first important point to address is why yield strength 

values reported for np-Au have reduced properties compared to bulk Au. Examining Figure 

1.5 reveals that only one research group measured yield strengths above the value for bulk Au 

(~100 MPa) (117, 118). Np-metals have been commonly compared to metallic foams, which 
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have reduced properties compared to their bulk counterparts. Following the Gibson-Ashby 

(GA) relation for bending dominant behavior,  
3 2

foam

y   , where    is the relative density. 

The GA relation was derived for low-density foams with high aspect ratios (thickness/length 

ratio), however np-metals have low aspect ratios where 1t l   (66). Nevertheless, we should 

be able to construct a purely empirical relationship for the yield strength of np-metals as a 

function of the relative density. Before we can determine the yield strength dependence on 

relative density we need to establish what fully-dense material we can compare np-metals to. 

There are many possibilities – Au micropillars, nanocrystalline Au, Au nanowires, and Au thin 

films – but we will start be examining the size-dependent behavior of np-Au in literature. 

Figure 5.1 shows a plot of three different data sets of np-Au: two are hardness data of two 

different densities compiled from References (46, 56, 66) , and one data set is compression 

data of a different density from Reference (66).  Care was taken to use only relative densities 

*  where there was a significant amount of data, and data sets with relative densities greater 

than 0.02 were not considered to be the same density. There is a disagreement in the field 

regarding conversion of hardness to a yield strength for nanoporous metals, which we will 

discuss below, but we ignore this for now because the conversion uses a scalar and we are only 

interested in the power-law exponent m  from the data. 

It is readily apparent that there is a different power-law exponent m  associated with each 

relative density * , even though in principle the exponent should be density-independent. 

Nevertheless, the three data sets display similar scaling, and averaging them yields a power-

law exponent 0.59m  , which is in close agreement with the power-law exponent reported 

for single crystal Au micropillars ( 0.61m  ) by Volkert & Lilleodden (119) and the general 

power-law for micropillars ( 0.66m  ) reported by Dou & Derby (72). There is an obvious 
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error in our adaption of the hardness/yield data from the References (since they don’t fall on 

each other), but there is also a seldom-reported error inherently in nanoporous metal data sets, 

namely, the ligaments in nanoporous metals are three-dimensional shapes and the standard 

deviation of an average ligament size and length can easily be 20 30%   within each data 

set.  This variation is a direct result of coarsening in porous metals.  It should also be expected 

that the larger ligaments are weaker and play a significant role in the macroscopic mechanical 

behavior. This idea could be tested by statistically analyzing what percentage of large 

ligaments would be necessary to induce premature failure. 

Regardless, it is important to emphasize that the average value of the power-law is 

generally larger than the Hall-Petch exponent 0.5m  and smaller than thin films where the 

strength scales with the inverse of the film thickness, which is to be expected because 

nanoporous metals are single crystalline within each grain and are not confined materials. We 

do not believe it is reasonable to compare np-metals to dislocation-starved structures because 

TEM studies by Balk & Minor have shown that these materials, as formed, have dislocations 

present which are activated during deformation and do not immediately run out of the sample 

as shown in in situ TEM studies on 200 nm Ni nanopillars (60, 113, 120). An interesting study 

on defect-free Mo micropillars showed that there was no increase in strength with decreasing 

feature size and the reported stress for every diameter was approximately the theoretical yield 

strength (121, 122); this same work also reported that dislocation starvation did not occur in 

any of these structures after yielding. It is apparent that there are disagreements in the field of 

nanomechanics as to the underlying material behavior at the nanoscale and research is ongoing 

to fully explain experimental observations. In any case, we have shown that np-metals show 

size-dependent behavior with a power-law similar to that of micro- and nano-pillar materials. 
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As mentioned, Figure 5.1 includes hardness data, which is not an issue when considering 

size-dependent strengthening, but becomes relevant when comparing the data to yield strength 

values measured by compression and tension testing. For dense metals the hardness-to-yield 

strength conversion relationship is typically 3 yH  , where H  is the Vickers hardness, but 

metallic foams with relative densities below 0.3 are fully compressible materials and all 

deformation is transferred into densification of the ligaments, resulting in the relationship 

yH   (46, 51, 56).  There have been discrepancies between hardness and yield strength data 

in nanoporous metals deriving from conflicting observations of transverse plastic strain, which 

 

Figure 5.1. Hardness and yield strength data versus ligament diameter for three different densities from 

References (46, 56, 66). It is apparent that the strength increases with decreasing feature size, with a 

power-law exponent similar to that in single crystal micropillars. 
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is used to determine the plastic Poisson’s ratio and ultimately the true H  vs. y   relationship.  

Compression testing by Volkert et al. and Briot & Balk (57, 66) yielded a plastic Poisson’s 

ratio of ~ 0.2  for materials with 0.33   and * 0.35  , which yields the relation 

2.65 yH  .  In a different study, Jin and coworkers (56) determined a plastic Poisson’s ratio 

of ~ 0.0  for materials with 0.26   and 0.275  , however there was a limited number of 

samples tested so it is difficult to confirm this result. Despite observing no plastic strain, the 

authors in the latter work agreed that the hardness values matched well with their compression 

values when they used the conversion 3 yH  . It is difficult to make a conclusion regarding 

the plastic Poisson’s ratio because neither group tested the same relative density.  

Simulation work has also examined the effect of a plastic Poisson’s ratio: finite element 

modeling by Huber et al. (64) demonstrated the plastic transverse strain went to zero with 

increasing disorder/randomization in the ligaments.  A set of molecular dynamics experiments 

by Farkas et al. (62) demonstrated a plastic Poisson’s ratio close to zero for samples tested in 

compression, and a large plastic Poisson’s ratio ( 0.45 0.6 ) for samples tested in tension; and 

a recent MD study by Bao-nam et al. (63) showed no transverse strain in compression testing. 

Unfortunately, these MD simulations looked at materials with relative densities 0.3   and 

are not directly applicable to experimental differences. A third set of MD simulations by Sun 

et al. (71) looked at different densities in tension but did not comment on transverse strain. 

Despite the differences between these research groups, the hardness data matches well with 

the compression and tension data if a scalar prefactor 2.65 or 3 is used. Thus, we think it is 

reasonable to conclude that  yH    is likely most appropriate. For the following discussion 

we used a prefactor of 2.65. 
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The above discussion suggests that the function form of the size-dependent yield strength 

of np-Au is similar to that of micropillars.  If we can make such an analogy, it follows that we 

can treat Au micropillars as a fully-dense material ( 1   ) and solve for the Gibson-Ashby 

(GA) parameters C and n by collapsing the three data sets in Figure 5.1 onto the Au-

micropillar data; this exercise yields average values of 1.38C   and 2.71n  . These are 

similar to the values reported by Briot & Balk (66), where 1.939C   and 2.618n  , and 

significantly different from the values of C and n  expected in bending-dominant behavior 

underpinning Equations (1.1) and (1.2).  It was pointed out by Liu & Antoniou (123) that the 

GA relation is true for long-cell walls, but nanoporous metals have short ligaments with low 

aspect ratios and are expected to behave differently. Unfortunately these empirically derived 

constants do not reveal the underpinning deformation mechanism(s) of nanoporous metals, and 

in situ experiments will be necessary to conclude their true behavior. 

The goal of determining the GA parameters is to negate the effect of the relative density to 

compare size-dependent strengthening for a variety of nanoporous materials using the 

relationship  
n

foam bulk

y yC


    . The data in Table A.1 represents foam

y , and we can back 

out bulk

y using the values of C and n  determined above. Figure 5.2a shows the bulk yield 

strength versus ligament size we would expect if these materials were fully dense. The dashed 

line corresponds to a fit using the data from Au micro- and nanopillars (119), and appears as 

an average for the corrected data. Finally, Figure 5.2b is the bulk yield strength, material-

normalized data for all mechanical data on nanoporous metals, including values of nanoporous 

Ag, Cu, Pd, and Ti. Unfortunately there is still significant deviation, an order of magnitude, 

reflecting how difficult it is to fabricate consistent samples between research groups. 
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Figure 5.2. Corrected and normalized yield strength data for np-Au and all nanoporous metals. 
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5.2.2 Nanoporous Metal-Based Composites for Enhanced Ductility 

The previous sections have shown that nanoporous metals show size-dependent 

strengthening, however their low-densities diminish the effects of this property. Additionally, 

as mentioned in Chapter 1, these materials are macroscopically brittle. Clearly there is a need 

to develop strategies to improve the mechanical integrity of these materials in order for them 

to find real-world application. Researchers have developed several different 

strengthening/toughening strategies to enhance the mechanical properties of dealloyed 

nanoporous metals.  These strategies include creating core-shell structures, refining the pore 

size, and filling the void space with an electrolyte or polymer (43–45, 59, 76, 124, 125). 

The first observation of altering the properties in np-Au was reported by Senior & Newman 

(125), where they observed that np-Au became very flexible when the pores were filled with 

DI water. This work was briefly explored in (126), however, the material had a yield strength 

and elastic modulus lower than np-Au because it was a metal-water composite. Abdolrahim et 

al. (59) explored the idea of coating the ligaments of np-Au with Ni, and observed a five-fold 

increase in the strength of the material compared to np-Au. The Ni phase underwent significant 

twinning, accommodating plasticity in the material and may have allowed for work hardening 

in the Au phase, leading to a macroscopically ductile material. Similar strengthening has been 

observed in coated micropillars and confirm that the performance increase is not the result of 

a skin-thickness effect. More recent strengthening strategies to improve the mechanical 

properties of nanoporous metals have involved infiltrating the porous phase with a secondary 

material.  Wang & Weissmuller (43, 44) examined metal-polymer composites, and saw 

significant increases in ductility and strength, even achieving 10% strain in tension. These 

composites are fully dense materials and are expected to undergo different modes of 
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deformation, similar to those observed in (59, 127, 128), and Gibson-Ashby relations are not 

applicable in these materials. We will explore this in the following sections, but a size-

dependent rule of mixtures model may be more appropriate. 

In this chapter we expand on the idea of filling the pores of nanoporous metals, using the 

LMD process to create high-strength composite materials by allowing the dealloying medium 

to solidify inside the pores. The composite materials we fabricated show a ten-fold increase in 

yield strength when we decrease the feature sizes from 10 µm ( ~ 250 MPa ) to 70 nm (

~ 2.5 GPa ), while still retaining plastic behavior. This is the first report of metal-metal 

bicontinuous nanocomposite materials and the first assessment of their mechanical behavior. 

 

5.3 Experimental Methods 

5.3.1 Ingot and Bath Preparation 

50g Ti65Ta35, Ti20Ta80, and Ti75W25 alloy buttons were prepared by the Materials 

Preparation Center at Ames Laboratory. The raw materials used were Ti (99.9 wt.%), Ta (99.9 

wt.%), and W (99.9 wt.%). The Ti-W alloy has an extremely high melting point, and the as-

received button was not fully dense; the button was remelted by Arcast, Inc. using a water-

cooled cold crucible. Approximately 1 cm3 ingots for LMD were cut using wire electrical 

discharge machining (EDM), and then annealed via induction melting in a ultra-high vacuum 

(10-8 torr) environment at ~ 1500 oC for 72 hours. 

 Metal baths for the LMD process were prepared by premelting ~20 g ingots of Cu, and 

Cu32Ag68. Commercially pure Cu (99.99 wt .%), and Ag (99.99 wt. %) pellets were melted in 

a graphite crucible under flowing Ar. Control samples of Cu90Ti10, Cu75Ti25, Cu65Ti35, and 



86 

 

Cu50Ti50 were fabricated in-house using induction melting using Ti (99.98 wt.%) and Cu used 

above. 

 

5.3.2 Composite Fabrication 

Composites were fabricated using an LMD process by immersing individual Ti-X ingots 

into a 20 g bath of molten Cu/Ag in an ultra-high purity alumina crucible cast in-house using 

materials from Cotronics Corp. Induction melting was used to heat the samples under flowing 

Ar (99.99%), and the LMD process was run for a set time. Samples details are included in 

Table 5.4. 

 

Table 5.1. Mechanical data from microtensile tests. 

Sample Ligament Size 

(µm) 

Immersion Time 

(sec) 

Number of 

Tests 

Type of Test 

Ta/Cu  10.56 0.31   20  4  compression 

Ta/Cu  7.65 0.36  15  6  compression 

Ta/Cu  5.24 0.44  10  7  compression 

Ta/Cu  3.00 0.58  5  3  compression 

Ta/CuAg 0.500 0.020  20  20  nanoindentation 

Ta/CuAg 0.117 0.014  10  20  nanoindentation 

Ta/CuAg 0.071 0.015  5  20  nanoindentation 

W/Cu 0.656 0.107  20  4  compression 

W/Cu 1.154 0.200  15  4  compression 

W/Cu 1.500 0.050  15  10  microindentation 

W/Cu 0.200 0.040  10  10  microindentation 

W/Cu 0.109 0.021  5  10  microindentation 

W/Cu 0.049 0.08  3  10  microindentation 

W/Cu 0.030 0.015  2  10  microindentation 
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We cut, polished and imaged cross sections to ensure full Cu penetration into the Ti-X ingots 

and that the nanocomposites had a uniform ligament size. Nanocomposite samples were 

mounted in Struers PolyFast conductive epoxy, and underwent: grinding steps of 400 grit, 600 

grit; diamond polishing steps of 9 µm, 3 µm, 1 µm; and a final polishing step of .05 µm. 

Composites were characterized using a JEOL scanning electron microscope (SEM) and ImageJ 

was used to measure dealloying depth and average ligament sizes. EDS was used to determine 

the composition of each phase as a function of depth. Average ligament sizes were determined 

by drawing lines across SEM images in ImageJ and measuring ligaments diameters along the 

line. At least 50 ligaments were measured from multiple images. We did not quantify the grain 

size in the Cu phase or the volume fraction and size of the CuTi precipitates although they are 

expected to play an important role in the mechanical properties. Compositions of the Ta and 

Cu phases in the composites were measured using energy-dispersive X-ray spectroscopy 

(EDS). A summary of the compositional data can be found in Table 5.2. 

 

Table 5.2. Compositional data for Ta/Cu and Ta/CuAg composites. 

Material ( .%)Ta at  ( .%)Cu at  ( .%)Ti at  ( .%)Ag at  

Ta phase (3,5.2 µm) 80 5   0  20 5  0  

Cu phase (3,5.2 µm) 0  75 8  25 8  0  

Ta phase (7.7,10.6 µm) 80 5  0  20 5  0  

Cu phase (7.7,10.6 µm) 0  90 3  10 3  0  

Ta phase (70, 117, 500 nm) 77 10  0  23 10  0  

CuAg phase (70, 117, 500 nm) 0  35 2  59 2  6 2  
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5.3.3 Mechanical Testing 

  Microtensile testing was performed at a strain rate of 42 10  using a 445 N  load cell 

with a resolution of 0.426 N, and strain was measured using a digital image correlation method 

reported in previous works (129, 130). The cross-sectional area was determined from five SEM 

measurements per sample with a standard deviation of 3 % , which corresponds to a stress 

variation of 8  MPa. Compression testing was performed at a strain rate of 
32 10  using a 

20 45kN N  load cell, and strain was measured using digital image correlation. 

Compression sample dimensions were measured using Mitutoyo digital calipers, and the total 

error in stress measurement was 16.9  MPa. Details of the stress-strain curves and digital 

image correlation for strain estimates are included in Appendix C.1. 

Nanoindentation testing was performed using a Nanomechanics iNano indenter with a 

Berkovich tip. A continuous stiffness measurement technique was used and samples were 

indented at a constant strain rate of 10.2 s  up to a depth of 500 nm, and values were averaged 

over the depth range 200–500 nm. 

 

5.3.4 W/Cu TEM and APT Preparation 

W/Cu nanocomposite specimens were prepared for Transmission Electron Microscopy 

(TEM) and atom problem tomography (APT) by Eric Xu and Mingwei Chen at Tohoku 

University, Sendai, Japan. 

Thin foils for scanning transmission electron microscopy (STEM) observations were 

prepared by ion milling at the ion energy of 2 kV and an incident angle of ±6. The TEM 

specimens were cooled by liquid N2 during ion milling. Sharp tip specimens for atom probe 

tomography (APT) were made by electrochemical micro-polishing and followed by focused 
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ion beam milling to reduce the size of the tips down to a few hundred of nanometers (JIB-

4601F, JEOL). The finished tip profiles were examined by scanning electron microscopy 

(SEM) for APT reconstruction. The data acquisition was performed using a local electrode 

atom probe (LEAP 4000HR) equipped with an energy compensated reflectron, by which the 

mass resolution can be greatly improved. The APT acquisition temperature was set at 50 K, 

and the pulse frequency and pulse fraction were 200 kHz and 20%, respectively. The 

CAMECA Integrated Visualization and Analysis Software (IVAS 3.6.6) package was used for 

data processing and three-dimensional (3-D) atomic reconstruction.  

The STEM observations were conducted on a JEOL JEM-2100F instrument equipped with 

double spherical aberration correctors for probe forming and image forming lenses. High-angle 

annular dark-field (HAADF) STEM images were taken using an annular-type detector with a 

collection angle ranging from 100 to 267 mrad, while bright-field (BF) STEM images were 

simultaneously recorded using a STEM BF detector. Chemical analyses were carried out by 

means of electron energy loss spectroscopy (EELS) and energy dispersive X-ray spectroscopy 

(EDX). EELS and EDX elemental mapping and spectra were acquired using a Gatan GIF 

Tridiem and JEOL JED-2300T, respectively.  

 



90 

 

5.4 Results and Discussion 

5.4.1 Tantalum-based composites 

5.4.1.1 Compression and Hardness Testing 

Figure 5.3 displays bulk, metal-metal composite samples fabricated by our own variation 

of the LMD process. In this figure we show ~1 cm3 Ta/Cu material fabricated from a TiTa 

starting material with ~500 µm grains. Figure 5.4 illustrates the features of this bicontinuous 

composite: The new material is polycrystalline, consisting of individual, single-crystal bcc 

refractory micropillar networks (the “dealloyed phase”), and a rapidly solidified Cu phase (the 

“matrix phase"), containing Cu-Ti intermetallic precipitates.  

  

 

Figure 5.3. Bulk nanocomposites made by liquid metal dealloying. (A) Examples of as-made Ta-Cu 

nanocomposites; ~1 cm3 ingot (left), compression testing sample (center), microtensile sample (right). 
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Figure 5.5a shows graphs of engineering stress versus engineering strain from compression 

tests on macroscale samples (~5-7 mm3) at a strain rate of 3 12 10 s  . There is an increase in 

yield strength y  for samples with smaller ligament size   and all samples show significant 

plastic strain before failure. There is an obvious question as to whether or not we can compare 

these four compression samples with each other. Table 5.2 illustrates that the Ta phase 

ligaments are approximately the same however the Cu phase has significantly different 

compositions. Table 5.3 shows that the yield strength for reference samples of Cu90Ti10 and 

Cu75Ti25 differ significantly ( ~ 350 MPa ), however a rule of mixtures estimate for the bulk 

composite (yield strength multiplied by volume fraction) shows the yield strength is only off 

by ~ 100 MPa . It is likely there are additional discrepancies in the microstructure of the Cu 

phase at different ligament sizes which were unable to be captured by our reference samples 

 

Figure 5.4 Bicontinuous metal/metal composite. This is a new microstructure, featuring two 

interpenetrating phases. Unlike precipitation hardening the secondary phase is continuous, and unlike 

multilayered materials the phases are constrained in two dimensions. 
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such as the grain size and intermetallic precipitate size. This can be conceptualized by 

considering solidification of the Cu phase in finite volumes (the pores between Ta ligaments), 

but this is not an easy task to model. We performed EBSD on our composites (not shown in 

this work), and the Ta phase was readily captured but it was very difficult to get clean data on 

the Cu phase. This was due to a combination of difficulty in polishing composite samples and 

the inherent heterogeneity of the Cu phase. It would be useful to characterize the size-

dependent microstructures using TEM, however this is out of the scope of this work. 

In addition to the compression samples, we fabricated smaller ligament composite samples 

(Figure 5.6) in order to probe the size dependence of our material at the nanoscale. We were 

able to make samples with smaller ligaments by using a liquid metal bath with a lower melting 

point than Cu, e.g. Ag62Cu32, whose solidified fcc phase has similar mechanical properties to 

 

Figure 5.5. Mechanical characterization of the Ta-Cu composites in compression. (a) Stress-strain curves 

for Ta-Cu composites with different ligament sizes. Curves were cut off at 20% strain; strains to failure 

are indicated next to each curve. (b) Plot of yield strength vs. ligament size: (black diamonds) 

experimental measurements on Ta-Cu composites from compression experiments; (black squares) 

experimental measurements on Ta-CuAg composites from nanoindentation experiments; (large dashes) 

strength estimate using the single-arm dislocation source model with a linearly decreasing dislocation 

density at yield    ; (fine dashes) strength estimate using the Hall-Petch model. 
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Cu, Table 5.3. We assessed these materials using nanoindentation and estimated the yield 

strength using 2.65y H   . The materials were exceptionally hard and the data is included 

in Figure 5.5b along with the yield strength data from compression testing. 

 

In order to understand our material’s size dependent strengthening we compared the yield 

strength data to two popular strengthening models used for nanostructured materials: the 

single arm source dislocation model and the Hall-Petch model. The parameters used in the 

following discussion can be found in Table 5.3. The single arm source model is used to 

describe the strengthening behavior in single-crystal micropillars, and the critically resolved 

shear stress CRSS  is given by   

 0 0.5 lnCSRR

b
b b


    


                            (5.1) 

 

Figure 5.6. Ta composites were fabricated with smaller ligament sizes using a CuAg (~780 oC melting 

point) liquid metal bath. (A) ~500 nm Ta-CuAg nanocomposite. (B) ~70 nm Ta-CuAg nanocomposite. 

The 50 nm final polishing step can cause damage to surface ligaments when the ligaments are of a 

comparable size. 
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where 
0 is the lattice friction stress,  is the shear modulus, b  is the magnitude of the 

Burgers vector,  is the dislocation density at yielding,   is a geometric constant with a value 

0.12 , and   is the average length of the weakest single arm dislocation source (131). The 

Hall-Petch model is used to describe the strengthening behavior in nanocrystalline and 

multilayer materials, and reasonably captures the data for layers and grain sizes larger than 100 

nm. The yield strength y  is given by  

1 2

0y kh                                (5.2) 

where, 0  is the lattice friction stress, k  is the strengthening coefficient, and h  is the 

characteristic lengthscale of the microstructure (typically grain size but ligament diameter in 

our case) (132).  

 The Hall-Petch model does not fit our large ligament data, as the yield strength has a 

clear non-linear relationship with 1 2  , but we see good agreement with our smaller ligament 

samples (3 µm, 500 nm, 117 nm, 70 nm), yielding 0.51k MPa m , and 0 530MPa  . The 

value of 0  is  higher than our largest ligament sample, but is comparable to a rule of mixtures 

estimate 559Ta Cu

y MPa    using the yield strength of Ti20Ta80 and Cu25Ti75 (Table 5.3). The 

strengthening coefficient for the composite is slightly higher than either component, 

0.31Tak MPa m  , and 0.14Cuk MPa m , but is still in reasonably good agreement (133). 

 The single arm source model captures the significant size-dependent strengthening we 

see at all composite lengthscales under the hypothesis that the dislocation density at yield is 

itself a function of the ligament size. This is a similar analysis to Conrad who proposed the 

Hall-Petch effect is the result of a higher dislocation density at smaller grain sizes (134–136); 

this is simply the result of considering smaller slip lengths in finite volumes. In this model, for 
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a given strain the dislocation density the dislocation density follows a 1 2d   relationship.  

Adding a similar relationship we produce a modified single arm source model that accounts 

for constrained volumes because we qualitatively expect significant pile up in our composites. 

Fitting the model to the yield strength for the 10.5 µm ligament sample we estimate a 

dislocation density at yield of 13 27.0 10 m   , and fitting the model to match the yield 

strength for the 70 nm ligament sample yields an increased dislocation density of 

15 21.4 10 m   . Plotting the dislocation density at yield versus ligament size shows a linear 

increase in the dislocation density with decreasing  . This estimated range of values for 

dislocation densities in the composites are reasonable, and consistent with dislocation densities 

reported for micropillars (75, 127). 
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  In the composites here, the Ta phase is essentially a single crystal, but the Cu phase is 

polycrystalline, and one mechanism (single arm source or Hall-Petch) may dominate 

depending on the ligament size. Each phase in the composite is geometrically constrained so 

we expect both phases to have the same strain, Ta Cu  , but we do not expect both phases to 

have the same stress because they do not have equal volume fractions. This is a complex system 

and it is not obvious that Equations (5.1) or (5.2) can fully capture dislocation evolution and 

interactions in these bicontinuous composites without refinement. Regardless of the 

Table 5.3 Material parameters used in our analysis. 

Material ( )y MPa  ( )E GPa

 

( )GPa

 
(A)b  

3( )g cm

 

0 ( )MPa

 

Cu90Ti10 566 48*   159 6*

 

61 2**   2.556Cu   7.25*   34.8Cu
  

Cu75Ti25 900 52*  142 11*   55 4**

 
2.556Cu

 

6.75*  34.8Cu
 

Ti20Ta80 376 41*  200 10*   77 4**

 
2.83Ta   9.55*  47Ta  

Ta/Cu 442ROM   

559ROM
  

180 10*   69 4**

 
2.68RoM

 

8.8*   40RoM
 

Ta/CuAg 

(500 nm) 

1300 33***   170 6*   65 2**   - - - 

Ta/CuAg 

(117 nm) 

1200 117***   158 12*   61 5**   - - - 

Ta/CuAg 

(70 nm) 

2466 133***   175 10*   67 4**   - - - 

CuAg 220 16***  157 6*

 

60 2**

 

- - - 

 

*  -Experimentally measured 

**  -Estimated from experimental using the relationship: 2.6E    

***  -Converted from hardness using the relationship: / 2.65y hardness    

GA-Gibson-Ashby estimate 

Cu-Property of elemental Copper (115), Ta-Property of elemental Tantalum (140) 

ROM-Rule of mixtures estimate 
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strengthening mechanism(s), excavation of the dealloyed refractory phase after deformation 

shows evidence of dislocation activity through the presence of slip traces (Figure 5.7a,b) in the 

Ta phase. The Ta ligaments (Figure 5.7c) have obvious Cu-rich inclusions (confirmed by EDS) 

that result from Rayleigh instabilities during coarsening and are not seen in the parent alloy 

(35). 

 Similar to coated micropillars or passivated thin films, dislocation activity in the NPM 

composite was neither stochastic nor catastrophic (128, 137, 138). For these reasons, the 

composites studied here are able to strain harden and support large plastic strains, and 

ultimately fail via delamination within grains (Figure 5.7c). Moreover, the composite 

architecture allows for incorporation of size-scale effects without the collapse that occurs in 

cellular materials and foams (111). Previous studies on the mechanical properties of dealloyed 

nanoporous metals show that individual ligaments are ductile, but the overall structure is not 

able to undergo significant macroscopic plastic deformation in tension (58, 61). Plasticity has 

been reported in compression, with densification, dislocation motion, and dislocation storage 

occurring simultaneously (56). In contrast, the fully-dense network microstructure of our bulk 

composites manifests size-dependent mechanical properties associated with the internal 

lengthscales that evolved during dealloying without any additional strain associated with 

densification.  
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5.4.1.2 Microtensile Results 

Due to a difficulty in sample preparation, we only tested a small number of Ta/Cu samples, 

3 of which were ductile. The three ductile samples were from a preliminary batch and the four 

brittle samples were from a second batch of dealloyed samples.  We will discuss in the 

following section the origins of ductile and brittle behavior in these materials, but for now we 

will refer the reader to Figure 5.8 and Figure 5.9 to show how drastically different the two 

batches were. Table 5.4 includes the yield strength data determined from the samples tested in 

tension along with Ta and Cu references. 

The average ligament size of the samples was ~ 6 µm and the average yield strength of the 

ductile samples was ~ 645 MPa , which agrees well with the observed trend in our 

compression measurements (our modified SAS model predicts  6 600y m MPa   ). Figure 

5.10 compares a stress-strain curve of the Ta/Cu composite to curves for pure Ta and pure Cu. 

The composite is stronger than either component (although these are not representative 

components), but is not as ductile. During all load tests the grips often lagged and we did not 

have good correlation with the DIC software during the initial loading. As a result the modulus 

 

Figure 5.7. Deformed Ta-Cu composites. (a) SEM micrograph of the deformed composite. (b) SEM 

micrograph of the dealloyed Ta phase, excavated after deformation. (c) SEM micrograph of a deformed 

Ta-Cu composite near to failure, showing delamination between the Ta and Cu phases. 
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values during the initial loading are not accurate and the modulus needed to be determined 

during load/unload cycles. The load/unload cycles resulted in accurate modulus values for the 

Ta and Cu samples, but we observed a hysteresis during two load/unload cycles for one of the 

three Ta/Cu samples (Figure 5.11), and measured a very low modulus value ( ~ 75 GPa ). It is 

possible there is time-dependent behavior associated with reversible twinning in the Cu phase 

or destruction of the Ta/Cu interface, but we need to perform more tests to conclusively 

determine what happened. 

Interestingly, all of the composites experienced their maximum stress at yield. Once the 

samples began to yield the behavior was almost perfectly plastic. In compression we observed 

work hardening at all ligament sizes, but we do not have enough statistics to conclude the 

behavior in tension. In section 4.4.7 we discussed how the connectivity of the structure is 

strongly dependent on composition, time, and temperature; it is possible the samples we tested 

in tension did not have a high enough connectivity to take advantage of the interlocked 

structure. This work was performed before our in-depth kinetic study and it will be worthwhile 

to revisit these experiments with our new knowledge base. Large batches of samples for 

microtensile testing can dipped into baths of Cu and the microstructure can be more finely 

tuned. Nevertheless, it is quite promising that some of the tensile samples were ductile because 

this is the first reporting of a ductile nanoporous material. 
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Figure 5.8. Example of microtensile test showing ductile behavior for a Ta/Cu composite. Note the 

necking and cup/cone shape in the failed region. 
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Figure 5.9. Example of microtensile test showing a ductile behavior for a Ta/Cu composite. Note the 

sharp crack at ~45o angle and lack of plastic deformation in the sample. 
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Figure 5.10. Comparison stress strain curve from microtensile testing: composite sample (blue), pure 

tantalum (pink), and pure cu (teal). The composite is stronger than either component but surprisingly less 

ductile. This is not a rigorous comparison but meant to illustrate that the material – at the very least – is 

not weaker than the pure components. 
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Figure 5.11. Stress strain curve for one of the Ta/Cu composite samples where two unload/load cycles 

were performed. There was significant lag and a slight hysteresis in the behavior. 
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Table 5.4. Mechanical data from microtensile tests. 

Sample Yield Strength 

(MPa) 

Maximum Stress 

(MPa) 

Modulus 

(GPa) 

Strain at Failure 

Ta/Cu 1 720 * - 0.108 

Ta/Cu 2 535 * - 0.164 

Ta/Cu 3 683 * 74 0.069 

Ta/Cu 4 255 * - 0.0015 

Ta/Cu 5 225 * - 0.0028 

Ta/Cu 6 170 * - 0.0029 

Ta/Cu 7 142 * - 0.0012 

Ta 1 230 363 180 0.269 

Ta 2 215 352 175 0.35 

Ta 3 210 366 - 0.22 

Cu 1 120 237 85 0.30 

Cu 2 110 220 80 0.224 

Cu 3 112 254 - 0.216 

*indicates same as yield strength 
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5.4.1.3 Grain Boundary Character 

High tortuosity in the interface between the matrix and dealloyed phases helps delay direct 

delamination between phases and early failure as seen in multilayers (139) and allows for large 

strains compared to the constituent phases alone. However, there are still subtle effects of the 

structure of grain boundaries on work hardening and failure at scales much larger than the 

ligaments (Figure 5.12). For instance, within a batch of compression samples with 7 μm feature 

sizes, all had the same yield strength, but some samples underwent significant deformation – 

over 65% strain – and significantly work hardened to compressive engienering stresses near 

2.0 GPa without failing while others failed at ~950 MPa and 31% strain (Figure 5.12a). Similar 

effects were observed in microtensile tests (Figure 5.12b): samples with identical feature sizes 

and compositions had drastically different plasticity behaviors. Unlike in compression, where 

all samples underwent some amount of plastic deformation, microtensile specimens were 

either ductile or brittle. 

The primary difference between the samples in Figure 5.12c,d and the samples in Figure 

5.12e,f was their grain boundary structure. The high-strength, large-strain samples all showed 

Ta-rich grain boundaries interconnecting adjacent grains Figure 5.12c,d) in contrast to 

“detached” grain boundaries seen in the weaker samples (Figure 5.12e,f). The Ta grains in our 

nanocomposites are quite large, ~500 µm in diameter, and only a few are needed to span the 

microtensile and compression samples. We speculate that cracks can easily propagate along 

the "detached" grain boundaries, and interconnected boundaries add fracture resistance. We 

showed in Figure 5.7c that if the material does not fail prematurely at a grain boundary it 

eventually fails via delamination between the matrix and dealloyed phases. This dependence 

on grain boundaries is troubling from a materials fabrication perspective but we think that this 
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can be overcome and requires a detailed study on bulk mechanical properties with carefully 

designed morphologies and microstructures, i.e. different starting alloy compositions (Ti40Ta60 

versus Ti85Ta15) and different grain sizes (10 µm versus 500 µm) 

 

  

 

Figure 5.12. Deformation behavior dependence on grain boundary structure. (A) Compressive stress-

strain curve for two 7-micron Ta-Cu composites with drastically different grain boundary structures. (B) 

Tensile stress-strain curve for two 3-micron Ta-Cu composites with two different grain boundary 

structures. (C) and (D) SEM micrographs of the grain boundary structure in the blue curve sample, which 

resulted in large plastic strains. (E) and (F) SEM micrographs of the grain boundary structure in the purple 

curve sample, which resulted in significantly lower plastic strains. 
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5.4.2 Tungsten-based compositions 

5.4.2.1 Compression and Hardness Testing 

We were also interested in studying the mechanical properties of W/Cu composites because 

we can fabricate smaller ligament samples than Ta/Cu composites without needing to use lower 

temperature baths. An additional benefit is that W/Cu is more of a classic composite material, 

consisting of a hard brittle phase (W) and a ductile soft phase (Cu). 

We fabricated compression samples of W/Cu composites with ~650 nm and ~1.1 μm 

ligaments, but the dealloying was too sluggish to reliably create samples for compression 

testing with smaller ligaments. Microhardness testing was used to measure the properties of 

the smaller ligament sizes and we plotted the hardness versus ligament size in Figure 5.13. We 

converted the compression yield strength values to a hardness value because the majority of 

the data were hardness measurements, and used the relation from section 5.2.1, 2.65y H  . 

Performing a Hall-Petch fit we determined 
/ 0.77W Cuk MPa m  and 0 1GPa  , compared 

to  0.14Cuk MPa m  and 3.1Wk MPa m . A rule of mixtures estimate for the composite 

yields 
/ 0.81W Cuk MPa m , in close agreement. 

It is obvious that with decreasing ligament size the composite becomes stronger than either 

of these estimates. We did not include a GA analysis for the bulk composite because we 

showed in section 5.4.1.1 that deformation in the composite is very different from the porous 

material. For comparison we included two rule of mixtures estimates for the hardness of the 

bulk W/Cu composite. There are two estimates because the composition of the Cu phase varied 

significantly depending on the ligament size, with smaller ligaments being associated with 

higher Ti concentrations. Table 5.5 shows that although the CuTi compositions were quite 

different the hardness values of the Cu75Ti25, Cu65Ti35, Cu50Ti50, compositions were nearly 
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identical. For ans estimate of the W phase we measured a hardness value of 4.6 .2 GPa  for 

pure tungsten. In any case these values appear to be a good lower bound for the W/Cu 

composite materials. 

 

Figure 5.13. Hardness versus ligament diameter for W/Cu. Values measured from Vickers microhardness 

(orange squares), yield strength from macrocompression (orange circles) converted to hardness, Hall-

Petch fit (orange dashed), upper and lower bounds rule of mixtures estimates (purple dashed). 

 

Table 5.5. Summary of the Cu phase composition for the W-Cu ligament sizes tested 

Ligament Size 

(nm) 

Cu-Ti atomic composition Vickers Hardness of the Cu phase 

(HV) 

30 15  50 50  390 20  

49 7.5  65 35  380 18  

109 21  75 25  386 22  

200 40  75 25  386 22  

1500 50  90 10  279 14  
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Interestingly, and unlike the Ta-Cu composites, we do not observe a significant increase in 

strength until the ligament size is below ~ 250 nm. A similar trend has been reported in 

compression and tension experiments on tungsten micro- and nanopillars (140). This decreased 

sensitivity to the sample diameter was attributed to a higher lattice resistance to dislocation 

motion in W at room temperature and a stronger size dependence should be expected above 

the critical temperature for W (~760 oC). This behavior at larger ligament sizes strongly 

suggests that the refractory phase dominates the mechanical properties of these materials, but 

further studies varying the ratio of the two phases are necessary before a conclusion can be 

made. 

Despite the fact that W has a higher yield strength than Ta, the W/Cu composites are 

weaker than Ta/Cu composites of equivalent sizes, Figure 5.5b. This is easily explained by 

noting that the Ti-W parent alloys only had 25 at.% W whereas the Ti-Ta parent alloys had 35 

at.% Ta. If we assume the strength increase is only due to the refractory phase we estimate the 

yield strength for a W35/Cu65 composite with ~70 nm ligaments would be ~2860 MPa, which 

would place it slightly stronger than the Ta35/Cu65 composite with ~70 nm ligaments (~2500 

MPa). It is interesting to consider which phase is actually controlling the mechanical 

properties, but we also need to factor in the morphology (ligament connectedness), the 

composition of the ligaments (not always pure refractory), and the composition of the Cu phase 

(anywhere between 70 and ~0 at.% Ti). Controlled studies varying these parameters are 

forthcoming. 
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5.4.2.2 TEM and HRTEM Observations 

Owing to their nm-scale ligaments and bulk sample size, W/Cu specimens were examined 

at Tohoku University by Eric Xu and Professor Chen using Transmission Electron Microscopy 

(TEM). The primary goal was to better understand the structure of our composites, however 

we were particularly interested in the Ti concentration across the W/Cu interface given the 

results from Chapters 3 and 4.  

Figure 5.14a-c shows a TEM micrograph of a W/Cu composite with ~50-100 nm ligaments 

and Figure 5.14d-g are elemental maps of the enclosed region, and Figure 5.14h is a color 

EELS map highlighting the Ti concentration. Similar to the EDS mapping we performed for 

Ta/Cu composites in Chapter 3, the W and Cu phases are distinctly separate. This is expected 

because the two elements are immiscible, but the TEM elemental mapping demonstrates the 

interface is very sharp and appears to only be several nm wide.  Additionally, due to the slow 

diffusion kinetics in this system the Ti concentration is quite high. This is beneficial because 

according to Table 5.5 the Cu phase becomes stronger with increasing Ti concentration.  

It is also possible the Ti concentration can improve the quality of the interface between the 

W and Cu phases. Simulation work by our collaborators (not shown), which mirrored the 

morphology work in Chapter 3, reported a dramatic decrease in the Ti concentration at the 

interface from the Cu phase (high) to the refractory phase (low). During dealloying, Ti atoms 

are dissolved locally, leading to a very low concentration in the W phase and a high 

concentration in the Cu phase. In order to compare theory to experiments we prepared a W/Cu 

sample for atom probe tomography, Figure 5.15. As expected the Ti concentration is higher in 

the Cu phase although the concentration difference is marginal. Nevertheless, we can also 

confirm that the interface between the two phases is quite small, ~3 nm wide. 
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Finally, high-resolution TEM (HR-TEM) was also performed to study the quality of the 

interface between the two phases, which has been shown to be incredibly important for the 

mechanical properties of multilayer materials (139, 141–143). HR-TEM micrographs in Figure 

5.16a-h show that the interface between the two immiscible phases is semi-coherent. This is 

not observed in fcc/bcc multilayer materials, such as Cu/Nb, where there are periodic misfit 

dislocations between the two phases to account for the different crystal structures. The 

difference between the composites here and multilayer materials is how they are fabricated. 

Multilayer materials are sputtered or evaporated (gas-to-solid growth) whereas the composite 

materials in this work are solidified (liquid-to-solid growth) (132). This potentially allows for 

a more benign crystallization, and thus a more coherent interface between the two phases. It 

can be seen in the Fourier transforms in Figure 5.16c-h that the fcc Cu phase adopts an 

orientation that matches closest with the W ligament’s crystal orientation.  We did not perform 

any TEM on deformed structures and are not able to comment whether this coherency aids in 

plasticity across the layers or if dislocation activity is confined to each respective phase. 
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Figure 5.14. (a-c) HAADF STEM of W/Cu composite. (d-g) EDS mapping of region (c). (h) Color EELS 

map showing concentration variation centered at a Ti-rich phase. 
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Figure 5.15. (a) FIB liftout of the ROI and shaped to needle (c) for atom probe tomography (APT). (b) 

The reconstructed APT. (d) Line concentration profile across interface showing a sharp change between 

the W and Cu phases. 
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Figure 5.16. Unfiltered HR-STEM images of the two phases, each phase were aligned along electron 

beam directions. The K-S orientation relationship can be obtained 
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5.5 Summary and Conclusions 

In this chapter we examined the mechanical properties of nanoporous metals and 

bicontinuous composites. We showed that nanoporous metals have size-dependent 

strengthening, but are weaker than expected because they are high-density metallic foams. This 

challenge was overcome by creating fully-dense composite materials using liquid metal 

dealloying. This work focused on Ta/Cu and W/Cu composites, but the results presented here 

can extend to other liquid metal dealloying systems. We attempted to qualitatively explain this 

by presenting a modified Taylor-strengthening law which included size-dependent terms for 

truncated dislocation sources and dislocation densities. However, there is still significant work 

left to be done before we can fully understand the underlying mechanisms in these materials. 

Careful preparation of the Cu phase is necessary (grain size, volume fraction and size of CuTi 

precipitates) in order to correctly report the size-dependent strengthening in these materials. 

This chapter points the way to improvements in the mechanical properties of metals 

through the design of bulk three-dimensional bicontinuous nancomposites, and these materials 

will likely find many applications in structural applications that require high strength, ductility, 

and high density of internal interfaces. The results presented in this chapter have been 

published in (45).  
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Chapter 6 Conclusions and Future work 

At the start of this thesis dealloying was limited to the fabrication of six relatively noble metals 

(Ag, Au, Ni, Cu, Pt, and Pd), and the majority of studies focused on fabrication and the physical 

properties of these nanoporous materials.  Now, nearly every industrially relevant metal can 

be made into a porous form factor using a dealloying process, Figure 6.1. This is largely due 

to the innovation of liquid metal dealloying. We did not touch upon the possibility of using 

 

Figure 6.1. Periodic table comparing the outlook of nanoporous metals made by dealloying at the time of 

this thesis. (blue) Elements which have been successfully made porous via electrochemical dealloying. 

(red) Elements which have been successfully made porous via liquid metal dealloying by Kato and 

coworkers. (purple) Elements which can be made porous via liquid metal dealloying using the Ti-X 

dealloying system in this work. (green) Other possible elements which can be made using other liquid 

metal dealloying systems. 
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molten salts, however it is likely other elements not listed and new systems of elements 

currently listed can be dealloyed using this technique.  

The underlying motive of this work was to study the limits of dealloying and explore the 

kinetics involved during pattern formation. Traditionally, work on dealloying is focused on 

kinetics of the dissolving species, but the kinetics of the remaining species heavily influences 

the properties and morphology of the final material; for example, the surface diffusivity of the 

remaining species during dealloying dictates the length scale of the ligaments and pores. 

Focusing on this concept we studied nanoparticle systems where the surface diffusion rate is 

increased due to higher local curvatures, and dealloying of refractory systems where the 

surface diffusion rate is much lower due to their high melting points. In addition, we studied 

the mechanical properties of refractory-based composite materials. 

It is important to remember that a dealloyed structure is metastable and will always undergo 

coarsening to decrease its surface area. In fact, every dealloyed structure we experimentally 

observe is a coarsened structure. For the case of np-Au it has been numerically calculated that 

the initial roughening of the surface is ~ 1 nm, but observations of dealloyed films show ~ 10 

nm ligaments, and bulk dealloyed samples (~ 1 mm3) show ~ 30 nm ligaments. As the 

electrolyte penetrates deeper into the alloy, the previously dealloyed structure will coarsen 

until the electrolyte is rinsed out. It follows that surface diffusion is the most important 

parameter in dealloyed materials because it dictates the feature size as well as the ability, or 

limit, of how large a sample can be made using a dealloyed technique. 

During electrochemical dealloying, the critical potential represents the point where the 

dissolution rate becomes comparable to the surface diffusion rate. The surface diffusivity has 

been observed to change in different electrolyte solutions, and other tricks to control it have 
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been developed such as adding ternary components to the alloy to increase or decrease this 

rate. We showed that the surface diffusion rate can change significantly in finite systems where 

local curvatures, and thus local chemical potentials, dominate. Surface fluctuations become 

short lived as the particle size decreases, and the critical potential needed to increase in order 

to dealloy a system over this slower time period. 

When attempting to fabricate a porous refractory material via dealloying we observed that 

the surface diffusivity was too low to produce a coherent structure. Turning to the idea of the 

homologous temperature, the reaction temperature necessary to produce np-Ta would ~ 400 

oC. We were able to achieve this by developing our own variation of liquid metal dealloying. 

Immersing Ti-rich refractory alloys into baths of Cu/Ag/Bi, we can span a dealloying 

temperature range of 400 - 1600 oC, and fabricate ligaments across the range of 30 nm - 10 

µm. It may be possible to fabricate Ta with 10 nm ligaments, but the homologous temperature 

is only a rough guideline; due to coarsening it is not accurate to claim a specific ligament size 

for a given homologous temperature, and the reported trend is only for structures that were 

coarsened for extended periods of time. 

From a superficial standpoint, liquid metal dealloying is identical to electrochemical 

dealloying: a component is selectively dissolved while the other is allowed to remain and 

diffuse along the metal/liquid interface. However, there are several key differences. First, the 

characteristic morphology of electrochemically dealloyed materials is no longer present; 

depending on the alloy composition, LMD can be used to produce droplets, lamellae, partially 

connected structures, and fully connected structures. In full disclosure, we are not certain if we 

can call any of these dealloyed structures bicontinuous. Possibly owing to the bcc lattice – 

which has fewer nearest neighbor diffusion pathways – we observed significant amounts of 
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enclosed regions that are the results of inverse Rayleigh instabilities; future work will need to 

address the topologies in these different structures. Second, the rate limiting step during LMD 

is diffusion of the dissolving component away from the interface. In electrochemical 

dealloying it has been extensively shown that the dissolution of a high coordinated site such as 

a terrace atom is the rate-limiting behavior. Unlike liquid metal dealloying, once an atom is 

dissolved it is rapidly transported away into the electrolyte solution. Third, the parting limit 

appears to be much lower in LMD. Geometrically, the parting limit is considered to be the 

space necessary for a surface atom to be complexed by ions in solution. Atoms in a liquid 

metals are less “clunky” than metal-anion complexes and it is reasonable to expect the parting 

to be lower. These differences lead to interesting implications for LMD. Because dissolution 

is not rate-limiting the dealloying velocity is very fast, however it decays with time following 

1 2~ t  relationship. Electrochemical dealloying of bulk Ag-Au samples (~1 mm3) can take 

several hours, or days, whereas LMD can accomplish this in several minutes. This is partially 

due to significantly higher temperatures, but the different mechanism is the primary reason. 

 After we sufficiently understood how to dealloy refractory-based alloys we chose to 

focus on the mechanical properties of these materials. The mechanical behavior of np-metals 

has been extensively studied due to their unique form factor (a self-assembled bulk 

nanostructure), but little work has been done to effectively explain the origin of the strength of 

these materials. Compiling all of the current mechanical data we plotted the yield strength 

(mostly converted from hardness values) versus ligament size. Unfortunately there was 

significant scatter sample-to-sample, but this was understood by considering np-metals to be 

foams which have reduced strengths and moduli from their bulk counterparts. After 

normalizing the materials by their relative densities the data collapsed and an obvious size-
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dependence appeared. The size-dependent strengthening was similar to single crystal 

micropillars, however it is important to emphasize that the raw yield strength data have 

generally low values. In order to fully utilize the strength effect from these small-scale 

ligaments the void space needs to be filled with a secondary phase. 

Serendipitously, a secondary phase infiltrates the porous material during liquid metal 

dealloying. These composite materials were quite strong, showing increasing strength with 

decreasing ligament size but we believe the more interesting feature of these materials are their 

high interfacial area and interconnected structure. It has been shown that materials with high 

interfacial areas are excellent candidates for radiation-damage tolerance. The high surface area 

acts as a large sink for defects, and the inherent tortuosity of the composite should lead to a 

relatively high toughness; the curvature requires a propagating crack to change its path 

frequently, making failure difficult.  

Looking towards the future of these materials, one of the largest challenges remaining in 

the field of nanoporous metals made via dealloying is controlling coarsening that can occur 

while the remainder of the material is being dealloyed. As shown in Chapter 4 this is extremely 

important for liquid metal dealloying systems: the ligament size at the dealloying interface is 

~ 80 nm, however the structure coarsens to ~ 1 µm in one second. Coarsening can also play a 

role in the grain boundary structure, leading to weaker, detached structures at longer coarsening 

times. There have been many recent papers on adding ternary components to suppress 

coarsening from several research groups and we believe a solution to this issue is coming soon 

(107, 144–146). Nevertheless, this work points towards the fabrication of new materials and a 

new class of composite materials, all of which show promising results.  
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Appendix A  

A.1 Table of Mechanical Data 

Table A.1. Yield strength values adapted from literature values of nanoporous gold. 

Relative 

Density 

Ligament 

Diameter (nm) 

Yield 

strength 

(MPa)* 

Test Ref 

0.2 20 24 Hardness (46) 

0.25 10 62 Hardness - 

0.25 30 19 Hardness - 

0.25 50 14 Hardness - 

0.3 40 32 Hardness - 

0.3 50 28 Hardness - 

0.3 60 25 Hardness - 

0.3 60 21 Hardness - 

0.3 160 15 Hardness - 

0.3 480 9 Hardness - 

0.3 900 6 Hardness - 

0.3 50 72 Hardness - 

0.33 40 83 Hardness - 

0.35 100 69 Hardness - 

0.35 19.3 37 Hardness (66) 

0.42 19 64 Hardness - 

0.42 19 87 Hardness - 

0.2675 20 19 Hardness (56) 

0.2675 27.5 14 Hardness - 

0.2675 35 14 Hardness - 

0.2675 40 12 Hardness - 

0.2675 50 9 Hardness - 

0.2675 55 10 Hardness - 

0.2675 70 8 Hardness - 

0.2675 250 3 Hardness - 

0.4 5 373 Hardness (118) 

0.4 29 279 Hardness - 

0.4 126 196 Hardness - 

0.25 10 65 Hardness (47) 

0.25 25 20 Hardness - 

0.25 50 12 Hardness - 

0.42 100 55 Hardness - 

0.36 15 30 Hardness (51) 

0.36 13 38 Hardness - 

0.36 14 50 Hardness - 
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0.359 32 42 Hardness (69) 

0.35 59 40 Hardness (66) 

0.35 56 41 Hardness - 

0.35 75 34 Hardness - 

0.35 58 47 Hardness - 

0.35 55 47 Hardness - 

0.35 95 30 Hardness - 

0.35 60 50 Hardness - 

0.35 60 26 Hardness - 

0.35 198 19 Hardness - 

0.275 15 27 Compression (56) 

0.26 55 8 Compression - 

0.33 15 100 Compression (57) 

0.3 40 40 Compression (47) 

0.3 23 16 Compression (58) 

0.33 59.45 22 Tension (61) 

0.33 32.8 27 Tension - 

0.3 23 12 Tension (58) 

0.352 32 65 Tension (69) 

0.25 1.8 175 Simulation (62) 

0.25 1.8 25 Simulation - 

0.24 3.26 130 Simulation (71) 

0.27 3.26 137 Simulation - 

0.3 3.26 161 Simulation - 

0.33 3.26 174 Simulation - 

0.36 3.26 235 Simulation - 

0.297 3.16 18.2 Simulation (63) 

 

*yield strength for hardness data was estimated using the relationship 2.65y H   

“-“ indicates data is from the same the reference above it 
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Appendix B  

B.1 Concentration Profile 

Consider an isothermal system containing an infinite liquid bath of Cu (concentration Tic

) and a semi-infinite block of Ti-Ta (concentration Ti

Sc ) where  s t  is the interface between 

the two phases and  0 0s  . When 0t  , the Cu phase dissolves Ti from the TiTa alloy, 

moving the interface in the positive x  direction. We assume diffusion in the solid is frozen so 

Ti

Sc  is constant for all t . We also assume this process is near equilibrium and is constant for a 

given Ti-Ta composition for all t . 

There are two possible boundary conditions for the liquid phase: first, the bath is much 

larger than the sample so the concentration of the liquid does not change over time and is 

always its initial value  , Tic t c   ( 0Tic   corresponds to a bath of pure Cu, but the Cu-

Ti phase diagram indicates the bath could reasonably be any CuxTi1-x concentration where 

30x   at.%); second,  0, Tic x t c  , which accounts for electromagnetic mixing from the 

RF induction coils pulling Ti away from the edge of the sample. 

Summarizing our system we have: 

Solid,  s t x   

 , Ti

Sc x t c   

Liquid,  x s t             

 , Tic t c  , or  0, Tic x t c   

Boundary,  x s t
      

 

 0 0s    
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  , Ti

Lc s t t c .                   (B.1) 

In order to solve for  ,c x t  we rescale the problem using the substitution 
2 L

x

D t
   and 

define a function     , ,F x t c x t  . Eq. (4.1) becomes: 

2

2
0

L

x dF d F

d dD t  
                  (B.2) 

with the solution 

   1
2

2

C
F erf C


    

  1
2,

2 22 LL

x C x
c x t F erf C

D tD t

   
      

  

.            (B.3) 

Using our boundary conditions from Eq. (B.1) and the solution from Eq.  (B.3) we have 

two possible solutions depending on the liquid phase boundary condition: 

 
   

,
2

1 1
2 2

Ti Ti Ti Ti

L L

L

L L

c c x c c
c x t erf

D ts t s t
erf erf

D t D t

 
  

          
             

      

          (B.4) 
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2

2

Ti Ti
TiL

L

L

c c x
c x t erf c

D ts t
erf

D t




 
      

  
 

             (B.5) 

Figure 4.4 compares the raw data along with fits for Eqs. (B.4) and (B.5) using a literature 

value for the diffusivity of Ti in molten Cu, 5 2 1(1240 ) 7.0 10Ti CuD C cm s 

   . It is readily 

apparent that the best fit is Eq. (B.5), which assumes that the edge of the sample will always 

have the same Ti concentration as the liquid, i.e.  0, Tic x t c  . This is a reasonable 
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assumption because induction melting induces eddy currents, which add convection to system. 

We can further simplify Eq. (B.5) by defining a variable 
 

2 L

s t

D t
  , yielding: 

 
 

,
2

Ti Ti
TiL

L

c c x
c x t erf c

erf D t




 
   

 
.              (B.6) 

Eq. (B.6) is the final form for the concentration in the liquid phase.  can be solved 

numerically by fitting Eq. (B.6) to experimental data or analytically using the derivation in 

Appendix A.2. 

 

B.2 Dealloying Depth 

We can use Eq. (4.2) to derive a relationship for the dealloying depth. First we define the 

time derivative of the interface: 

LDds

dt t


                  (B.7) 

and the spatial derivative of Eq. (B.6) is given by 

  
   

2 24

,
Ti Ti x Dt Ti Ti

L L

L L

c c c e c c e
s t t

x erf erfD t D t



  

 

 
     

           
.            (B.8) 

Eq.  (4.2) becomes 

      
 

2

( )
,

Ti Ti
Ti Ti Ti TiL L L
S L S L L

L

Dds c D c c e
c c c c D s t t

dt x erft D t



 




  

         
         (B.9) 

and the analytical solution for   is 

  
 

2
Ti Ti

L

Ti Ti

S L
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erf e

c c

 






.              (B.10) 
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We determined λ for each composition using Eq. (B.10) and the values for Ti

Lc  and Ti

Sc , 

which were measured using EDS, and these values can be found in Table 4.1. Now that we 

have solved for   we can explicitly write the expression for the interface 

  24 Ls t D t .                (B.11) 
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Appendix C  

C.1 Complete Compression Data and DIC Analysis 

Digital image correlation was used to determine the engineering strain in the compression 

and tensile testing (130). The samples did not need any surface patterning because the recast 

layer from the EDM provided a textured surface that was easy to track with the DIC software, 

Figure C.1. 

The recast layer was measured to only be ~ 10 µm, which contributes a negligible error to the 

stress measurement for the bulk compression samples. At the beginning stages of this work we 

tested the reliability of the DIC software and what was the appropriate resolution to accurately 

track the strain. For the sample shown in Figure C.1 we chose different pixel resolutions for 

tracking and compared the measurements to those directly measured from the images, Figure 

 

Figure C.1. Ta/Cu sample for compression testing. (a) Initial sample, (b) sample after 200 seconds of 

deformation, ~ 4 % strain. 
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C.2. It can be seen that even for large windows such as 100 x 100 (where only 4 spots on the 

sample were tracked) the measured values were very close to the high resolutions such as 2 x 

2. The major observable difference is the estimated strain value dampens and becomes smooth 

with increasing resolution. Ideally, we would use the maximum resolution, 1 x 1, but the 

computation time increases with increasing resolution and the analysis becomes labor 

 

Figure C.2. Engineering stress versus pictures for the first 200 seconds of a Ta/Cu compression test. It 

can be seen that as the grid gets more refined (changing from a resolution of 100 x 100 to 2 x 2) the values 

converge and the oscillations become damped. The ImageJ estimate is the strain difference from picture 

one and picture one hundred. 
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intensive. For the majority of tests we used a 10 x 10 resolution, and occasionally cross-

checked the measurements with ImageJ and higher resolution runs. The remainder of this 

section includes the compiled stress-strain data from the compression measurements. 

 

 

  

 

Figure C.3. Engineering stress-strain curves for Ta/Cu composites with 3 µm features. 
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Figure C.4. Engineering stress-strain curves for Ta/Cu composites with 5.2 µm features. 
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Figure C.5. Engineering stress-strain curves for Ta/Cu composites with 7.6 µm features. 
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Figure C.6. Engineering stress-strain curves for Ta/Cu composites with 10.5 µm features. 
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